JUSTUS-LIEBIG-
SCHOTT ﬁ UNIVERSITAT

glass made of ideas

GIESSEN

Surface and interface properties of glass-ceramic
garnet-type solid electrolytes for the application in

solid-state batteries

Dissertation zur Erlangung des Grades
.Doktor der Naturwissenschaften”

— Dr. rer. nat. —

Vorgelegt dem
Fachbereich Biologie und Chemie
der

Justus-Liebig-Universitat GieBen

von

Nina Hoinkis

Mainz, 2023






Die vorliegende Arbeit wurde im Zeitraum von Oktober 2019 bis September 2022 am Physikalisch-
Chemischen Institut der Justus-Liebig-Universitat GieBen in Kooperation mit der SCHOTT AG in

Mainz unter Betreuung von Prof. Dr. Jlirgen Janek angefertigt.

Einreichungsdatum/Submission date: 15. Juni 2023
Disputation/Disputation: 11. September 2023
Dekan/Dean: Prof. Dr. Thomas Wilke
1. Gutachter/1% reviewer: Prof. Dr. Jurgen Janek

2. Gutachter/2™ reviewer: Prof. Dr. Maren Lepple






Eidestattliche Erklarung

Ich erklére: Ich habe die vorgelegte Dissertation selbststdndig und ohne unerlaubte fremde Hilfe und
nur mit den Hilfen angefertigt, die ich in der Dissertation angegeben habe. Alle Textstellen, die
wortlich oder sinngemal? aus veroffentlichten Schriften entnommen sind, und alle Angaben, die auf
mundlichen Auskiinften beruhen, sind als solche kenntlich gemacht. Ich stimme einer evtl.
Uberpriifung meiner Dissertation durch eine Antiplagiat-Software zu. Bei den von mir
durchgefuhrten und in der Dissertation erwéhnten Untersuchungen habe ich die Grundsétze guter
wissenschaftlicher Praxis, wie sie in der ,Satzung der Justus-Liebig-Universitat Giellen zur

Sicherung guter wissenschaftlicher Praxis“ niedergelegt sind, eingehalten.

Mainz, 15. Juni 2023

Ort, Datum Nina Hoinkis






Abstract

Next-generation secondary batteries with enhanced energy and power density gain in importance,
especially due to the growing demand for electric vehicles. Solid-state batteries (SSBs) are
considered as one of the most promising alternatives to state-of-the-art lithium ion batteries.
Conventional liquid electrolytes, that are volatile and flammable, are replaced by solid electrolytes
(SEs). In addition to improved cell safety due to the high thermal stability of SEs, they promise to
enable the application of the lithium metal anode (LMA). The LMA provides a very high theoretical
capacity, offering significantly improved gravimetric and volumetric energy density.

SEs comprise polymers, oxides, sulfides, halides, phosphates or composites thereof. In the class of
oxides, the garnet-type LisLasZr,O1, (LLZO) has attracted significant interest. In addition to its high
room-temperature ionic conductivity, it is one of the few candidate materials that is stable in contact
with lithium metal. However, several obstacles still hinder the practical application of LLZO, such
as its instability in ambient air. Most importantly, despite the high mechanical stability of LLZO,
lithium dendrite propagation in interconnected pores, grain boundaries and even single crystals,

which leads to internal short circuits, is a severe issue.

The focus of this thesis is on the application of the novel class of glass-ceramic LLZO and its surface
and interface properties. It is produced at the SCHOTT AG in a specific and industrially scalable
melting route. Firstly, the surface properties of the powder and the related degradation mechanism
in ambient air were studied by kinetic analysis. Both hydration and carbonation were found to follow
the core shrinking model with the hydration being an essential intermediate step. A linear dependence
on the specific surface area of the powders was observed. Secondly, the effect of the amorphous
phase intrinsically contained in glass-ceramic LLZO on the sintering and the interface to the LMA
was investigated. Besides its potential to reduce sintering temperature and time due to liquid phase
sintering, it was found to segregate into the grain boundaries and pores, mechanically and
electrochemically preventing the growth and propagation of lithium metal dendrites. Thirdly, another
strategy to overcome the obstacles of LLZO is the integration of LLZO particles into a polymer solid
electrolyte (PSE). However, the effect of the garnet/PSE interface on the lithium ion transport in such
hybrid electrolytes remains unclear. Hence, the influence of the phase compatibility between LLZO
and a polyethylene oxide (PEO)-based PSE on the interface resistance was investigated, finding no
positive correlation. The interface resistance is too high to achieve ion transport through LLZO in

the HSE, resulting in decreased ionic conductivity compared with the pure PSE.

Overall, the results of this thesis provide profound insights into the application of glass-ceramic
LLZO. Besides practical knowledge on its surface properties for the processing of LLZO, this work
revealed the outstanding properties of the amorphous phase at the interface with potential LMAS,

making it a promising material for future SSBs.
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Zusammenfassung

Im Zuge der Energiewende und der damit verbundenen Elektrifizierung des Mobilitatssektors
gewinnen Sekundarbatterien der n&chsten Generation mit htheren Energie- und Leistungsdichten
immer mehr an Bedeutung. Festkdrperbatterien (FKB) gelten als eine der vielversprechendesten
Alternativen zu herkdmmlichen Lithiumionenbatterien, in denen der brennbare und fliichtige
Flussigelektrolyt durch einen Festelektrolyten (FE) ersetzt wird. Durch dessen hohe thermische
Stabilitat wird nicht nur eine erhohte Sicherheit der Batteriezelle erreicht, sondern vor allem der
Einsatz einer Lithiummetallanode (LMA) ermdglicht. LMAs zeichnen sich durch eine der hochsten

theoretischen Kapazitaten aus, die etwa zehnmal so hoch wie die von géangigen Graphitanoden ist.

Als FE-Materialien kommen Polymere, Oxide, Sulfide, Halogenide, Phosphate oder Komposite
davon in Frage. In der Klasse der Oxide hat besonders LizLasZr,O7 (LLZO) mit Granat-Struktur an
Bedeutung gewonnen. Neben der hohen lonenleitfahigkeit bei Raumtemperatur ist es eines der
wenigen Materialien, die im Kontakt mit Lithiummetall stabil sind. Dennoch gibt es einige
Herausforderungen, die die praktische Anwendung von LLZO behindern, so wie z. B. dessen
Instabilitat in Umgebungsluft. Dartiber hinaus ist die Bildung von Lithiumdendriten in Poren und

Korngrenzen trotz der hohen mechanischen Stabilitat des LLZO das nach wie vor gréBRte Problem.

Die vorliegende Dissertation beschaftigt sich mit den Oberflachen- und Grenzflacheneigenschaften
der neuen glaskeramischen Variante von LLZO, die bei der SCHOTT AG in einem speziellen
Schmelzprozess hergestellt wird. Im ersten Teil wurde die Degradation an der Pulveroberflache in
Umgebungsluft mithilfe von kinetischen Messungen nédher untersucht. Sowohl Hydratation und
Karbonisierung folgen dem Core Shrinking Modell, bei dem die Hydratation ein unabdingbarer
Zwischenschritt darstellt. Es wurde eine lineare Abhéngigkeit von der spezifischen Oberflache des
Pulvers festgestellt. Im zweiten Teil wurde der Effekt der intrinsisch enthaltenen amorphen Phase
auf das Sinterverhalten und die Grenzflache zur LMA analysiert. Neben der effektiven Reduzierung
der Sintertemperatur und -zeit durch Fliissigphasensintern, konnte gezeigt werden, dass die amorphe
Phase in den Korngrenzen und Poren die Bildung und Ausbreitung von Lithiumdendriten verhindert.
Im dritten Teil wurde die Applikation in Hybridelektrolyten (HE) beleuchtet, wobei der Einfluss der
Phasenkompatibilitit zwischen LLZO und einer Polyethylenoxid (PEO)-basierten Matrix auf deren
Grenzflachenwiderstand im Fokus stand. Letzterer erwies sich jedoch trotz erhéhter Kompatibilitat
als zu hoch, um einen lonentransport durch die LLZO Partikel zu erméglichen. Die Leitfahigkeiten

der HE waren gegeniber der reinen PEO-Matrix deutlich verringert.

Insgesamt zeigen die Ergebnisse dieser Dissertation neben von den Oberfldcheneigenschaften
abgeleiteten praktischen Erkenntnissen fiir die Handhabung von LLZO, dass glaskeramisches LLZO
aufgrund seiner besonderen amorphen Phase besonders an der Grenzflache zu einer LMA ein

vielversprechendes Material fur die zukunftige Anwendung in FKBs ist.
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General Remarks

This thesis begins with an introduction to the topic and the definition of scientific goals, followed by
the theoretical fundamentals. The results of three different projects are presented and discussed in
three subsections with individually numbered figures, tables and schemes as well as individual
bibliographies. Each subsection is introduced by a brief summary that puts the subsection into context
with the overall scientific goals of the thesis and specifies the contribution of the authors.

The first two of the three subsections have been previously published in peer-reviewed journals. For
those, the publication is listed below as well as referenced at the beginning of each subsection. The
graphical design, numbering, formatting, etc., of the original publication has been adjusted for the
design of the present thesis with the permission of the co-authors and publishers. The supporting

information of each subsection is given in the appendix.

For all other graphics that have been adapted or reproduced from other publications, the permission
of the publishers has been given as stated in the respective figure caption. All graphics have been
created or adapted with Microsoft PowerPoint. Data plots have been generated with OriginPro 2021b.

Software for data analysis and fitting are given in the experimental section of each subsection.
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1 Introduction

1.1 Background and Motivation

The human-made climate change is one of the biggest challenges of our times. According to current
scenarios, global warming of 1.5 °C and 2 °C will be exceeded during the 21 century if global
emissions are not reduced significantly.! In line with the UN Paris Agreement on Climate Change,
the European Union (EU) adopted the European Green Deal in 2019 that aims to cut emissions by
55% by 2030 to become climate neutral by 2050. One major goal is the decarbonization of the energy
and transport sector, the latter accounting for a quarter of the EU’s emissions with tendency to rise.?
This aims for an energy transition including not only energy production from renewable sources, but
also efficient use and storage of energy that can compensate fluctuations in production. Especially
decentralized energy storage in the form of rechargeable battery systems will play an important role.
Therefore, regarding transport, the need for a transition from combustion engine vehicles towards

zero-emission battery electric vehicles (BEV) is particularly high.>

The state-of-the-art technology for BEVs is the lithium-ion battery (LIB) that is well established due
to its high energy density, large cyclability and reliability.” However, the demand for longer driving
ranges and fast battery charging, i.e, higher energy and power density, is tremendous, which will
soon exceed the physicochemical limits of the LIB technology. Especially the limited capacity of the
graphite electrode (372 mAh g*) as well as the safety issue of thermal runaway of cells using the

liquid electrolyte are major obstacles to further improve its performance.®**

One promising candidate for next-generation battery systems is the solid-state battery (SSB).8*? It is
a term for a battery class in which the liquid electrolyte of conventional LIBs is replaced by a solid
electrolyte (SE). Besides the improved safety by the inherent thermal stability of SEs compared with
flammable organic liquid electrolytes, solid materials are mechanically stable intrinsically having the
ability to suppress the growth of lithium dendrites.*® The latter are detrimental for battery operation
because they lead to internal short circuit of the battery cell. Most importantly, SEs enable the use of
lithium metal anodes (LMA) provided they are electrochemically stable against them. Due to its
superior theroretical capacity (3860 mAh g*) together with its low density (0.59 g cm=) and the
lowest negative electrochemical potential (—3.04 V vs. standard hydrogen electrode) it can boost both

the gravimetric and volumetric energy density, as well as cyclability of the battery.!%4
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SEs range from inorganic, ceramic (or glassy) to organic (often semi-solid) polymer electrolytes that
contain conducting lithium salts, or a combination thereof.’>” While inorganic solid electrolytes
(ISE) offer the benefit of high ionic conductivity and mechanical strength, polymer solid electrolytes
(PSE) provide flexibility, processability and enhanced contact with the electrodes reducing the
interface resistance.’®® In the class of oxides, the garnet-type LizLasZr,01, (LLZO) has attracted
great interest. In addition to its high ionic conductivity at room-temperature, it is one of the few ISEs
that is stable in contact with lithium metal.?® However, even though research has immensely
progressed in terms of ionic conductivity optimization, several challenges related to surface and
interface issues still remain for its practical application.

First, its instability in ambient air and the formation of impurities such as lithium carbonate at its
surface is detrimental to the electrochemical performance and interface contact with the electrodes.?
Moreover, forming a sufficently low interfacial resistance with the electrodes is further limited by its
inherent brittleness as well as the challenge to achieve a microstructure with high density and low
grain boundary resistance.*® Most importantly, the application of LMAs is still hindered due to the
growth of lithium dendrites during cycling at relevant current densities, leading to an internal short
circuit.?22 The main reason is inhomogeneous lithium deposition at the Li|SE interface, which is
accelerated by current focusing at the tip once a lithium protrusion has formed. The uneven
deposition is caused by poor interfacial contact because of voids, surface impurities and grain
boundaries in polycrystalline material.?* Strategies to suppress dendrite growth include advanced
sintering techniques to reach superior densification, surface cleaning procedures, and introduction of
artificial or self-generated interlayers.?>2® Even though these strategies have improved the cycling
stability of LLZO, the issue of dendrite formation still remains.?? Another promising strategy is the
combination with PSEs in a hybrid solid electrolyte (HSE) that can probably enhance the dendrite
stability.?® However, the effect of the arising interface between LLZO and the polymer matrix on the

ion transport in such HSEs remains unclear.

Further investigation of both the surface and interface properties for the fruitful application of LLZO
are required. Open gquestions remain regarding the surface properties and the related degradation
mechanism. Especially the surface composition of LLZO powders is of high importance, which is
rarely considered in the literature. With regard to the interface properties at the LMA, approaches to
achieve superior microstructure that are industrially scalable and easy to implement are essential to
effectively benefit from the LMA application. In HSE applications, the interface with the adjoining

polymer matrix needs further attention, especially in terms of the compatibility of the two phases.
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1.2 Scientific goals

At the SCHOTT AG, LLZO is manufactured in a specific synthesis as glass-ceramic material.
Contrary to conventional solid-state reaction routes, the educts are processed in a melting route,
intrinsically forming an amorphous phase upon cooling besides the highly conductive crystalline
phase. The volume fraction and chemistry of the amorphous phase can be adjusted during the process.
The melting block is further processed via coarse grinding and fine dry-milling resulting in a Li-ion

conductive powder.

The applicability of the novel class of glass-ceramic LLZO in SSBs is subject of this thesis, focusing
on current issues of LLZO application regarding both scientific understanding and industrial
feasibility. The overall goal of this work is to understand and enhance the surface and interface
properties of glass-ceramic LLZO that are relevant for its implementation into SSBs. In addition to
the surface properties of pristine LLZO powders, it addresses the interfacial issues in two conceivable
application scenarios. The first is a pure ISE manufactured by sintering and the second is a HSE, in
which LLZO particles are embedded in a PSE matrix. This results in three subprojects implemented
as publications or manuscripts, which are graphically represented in Figure 1.2.1. Their objectives

are highlighted in the following section.

A key property for processing of powders is a clean surface without impurities, which is especially
important in the case of LLZO due to its environmental instability and the related formation of
lithium carbonate. Therefore, the first publication, entitled ,,Particle size dependent degradation
kinetics of garnet-type LisLasZr,O:> solid electrolyte powders in ambient air” addresses the
degradation mechanism of LLZO with different particle sizes relevant for battery applications. It
aims to provide insights into the kinetics of the mechanism, the dependence of surface area, as well

as to give suggestions for handling and manufacturing of LLZO.

The second publication, entitled ,,Amorphous phase induced lithium dendrite suppression in glass-
ceramic garnet-type solid electrolyte” deals with the application of glass-ceramic LLZO as sintered
ISE, which is a potentially industrially scalable method for the use of a LMA. The main objective is
to improve interfacial issues with the LMA by the unique properties of the glass-ceramic and thus,
the ability of dendrite suppression in order to reach high current densities. Therefore, the effect of
the amorphous phase, which is intrinsically contained in glass-ceramic LLZO, on the sintering
behavior and the resulting microstructure is investigated and correlated with the electrochemical

performance and dendrite stability of the sintered LLZO.

1.2 Scientific goals
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Interface
properties of
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compatibility on electrochemical
performance”

Figure 1.2.1. Graphical representation of the three subprojects implemented as publications and manuscripts being the

basis of this thesis.

The application of glass-ceramic LLZO in a HSE is highlighted within the manuscript with the title
,»The role of ceramic/polymer interfaces in garnet-polymer hybrid electrolytes: Understanding the
influence of phase compatibility on electrochemical performance”. The overall goal of the study is
to understand the influence of the compatibility between the LLZO and PSE (based on widely
common polyethylene oxide (PEO)) phase on the interface resistance and the electrochemical
performance of the HSE. Therefore, the phase compatibility is altered by the use of differing glass-
ceramic LLZO variants as well as surface modification. Effects on the interface resistance and the

ionic conductivity of the HSEs are investigated.
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2 Fundamentals

This chapter provides theoretical fundamentals of next-generation solid-state batteries that will be
compared to conventional lithium-ion batteries. Two classes of solid electrolytes are highlighted
including their synthesis and their lithium ion transport mechanism. The interface between SEs and
lithium metal anode is presented in detail including the stationary and dynamic state while stripping
and plating. Different dendrite growth mechanisms are discussed.

2.1 Lithium-ion batteries

In general, batteries and accumulators are energy storage systems that are based on several types of
galvanic cells. Providing the reversibility of the electrochemical reactions, the term accumulator or
secondary battery is used and battery (or primary battery) for irreversible reactions, respectively.

However, both systems are colloquially referred to as “battery”.!

Since their commercialization by Sony in 1991, LIBs have established as one of the most important
energy storage systems. They have become the leading market share in small format battery market
for portable devices due to their high energy density, cycle life and high efficiency, compared to
other currently available battery technologies given in Figure 2.1.1A.2* Recently, they also have
been successfully implemented as the technology of choice for the automotive sector, e.g., hybrid,
plug-in or fully BEVs. Driven by the increasing demand, its total worldwide battery production has

more than quadrupled in the recent decade and is expected to continuously grow.>’

The design of the state-of-the-art LIB is given in Figure 2.1.1B. The following section is based on
refs. Land 8. LIB cells consist of two electrodes, the anode and cathode, each composed of an active
storage component, a current collector and inactive materials like binders and conductive agents. The
anode active material (AAM, negative electrode) is typically made of porous graphite and the cathode
active material (CAM, positive electrode) of porous layered lithium transition metal oxides, mainly
lithium cobalt, nickel and manganese oxide. Copper and aluminum foil are used as current collectors
on the negative and positive electrode, respectively. The electrodes are separated by a thin separator
(polymer membrane usually made of polyethylene and polypropylene). Both the separator and the
electrodes are infiltrated by a liquid electrolyte that ensures fast lithium ion transfer between the
electrodes and prevents electronic short-circuiting. Typical liquid electrolytes are mixtures of organic

compounds, mainly linear ethers and carbonates as well as cyclic carbonates in which conducting
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lithium salts are dissolved. Common examples are ethylene carbonate and dimethyl carbonate and

lithium hexafluorophosphate (LiPFg) or lithium bis(trifluoromethanesulfonyl)imide (LiTFSI).
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Figure 2.1.1. (A) Comparison of the different battery technologies in terms of volumetric vs. gravimetric energy density.
Adapted from “. (B) Typical battery design of the conventional LIB with the anode (AAM) and cathode active material
(CAM) infiltrated by a liquid electrolyte. Adapted from °.

The operating principle of the LIB is based on lithium ion insertion reactions from both electrodes,
i.e., oxidation and reduction processes, where the lithium ions act as the charge carrier. During
discharging, lithium ions intercalated in the graphite anode move through the electrolyte towards the
cathode in which they are incorporated in the layered structure. Correspondingly, electrons from the
anode (i.e., oxidation) are transferred through the external circuit and recombine at the cathode side
(i.e., reduction). When the cell is operated in charge mode, the electron current and lithium ion flow
are reversed. In state-of-the-art L1Bs, several cells are connected in series and/or in parallel to provide
the required voltage and capacity, e.g., for EV application, cells are arranged into modules that are
placed into a battery pack.

At cell level, LIBs nowadays reach volumetric and gravimetric energy densities up to 750 Wh L*
and 300 Wh kg, respectively by constant optimization over the years (see Figure 2.1.1A), e.g., due
to reducing the amount of inactive components as well as reducing the thickness of separator layers.
However, they are considered as mature technology as they will soon reach their physicochemical
limit.>* Silicon is a promising replacement with a capacity of 4,200 mAh g* compared with
372 mAh g for graphite, but the significant volume change during cell cycling (~300%) and an
unstable electrolyte interface results in capacity fading over time.!? Therefore, its widespread
commercial application is hindered and it is rather used as additive for graphite anodes. The most
promising high-capacity anode is lithium metal with its superior capacity of 3,860 mAh g*.3
However, its use in liquid-electrolyte cells is limited because of lithium dendrite formation.*

Furthermore, LIBs suffer from severe safety issues associated with the use of toxic and flammable
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liquid electrolytes. Thermal management systems lower volumetric energy density at the pack

level '

2.2 Solid-state batteries

The concept of the SSB has gained particular importance for research of both academia and industry
in the last decade due to the upcoming limitations of LIBs in terms of energy density and safety. The
main goal is to boost the energy density of battery cells, especially for longer driving ranges of EVs.
Conceivable designs of SSBs are demonstrated in Figure 2.2.1. The basic principle is based on the
replacement of the electrolyte-filled separator membrane and the liquid electrolyte in the electrodes
by a solid electrolyte (SE). It therefore provides both lithium ion conduction and electronic
separation. It can either be implemented in a conventional AAM (A) or the latter can be replaced by
a high-capacity LMA (B).® SEs can range from sintered, completely inorganic solid electrolytes
(ISEs) to (semi-)solid polymer solid electrolytes (PSEs) and hybrid solid electrolytes (HSEs) (C).1
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Figure 2.2.1. SSB design principles with SE as separator and different anode concepts: (A) SE implementation into
conventional AAM and (B) replacement of the conventional AAM by LMA. The change in volumetric (Wvo) and
gravimetric energy density (Wgray) compared with LIBs is given schematically on the right-hand side for each design

principle. Adapted from °. (C) Schematic representation of different types of SEs including ISE, PSE and HSE.

2.2 Solid-state batteries 11



12

In terms of energy density, the sole replacement of the liquid electrolyte would not provide an
improvement in volumetric (W) as well as gravimetric energy density (Wgav) due to the higher
density of SEs. Contrarily, the use of high-capacity LMA can significantly increase the energy
density provided that the SE is stable against lithium metal. Due to the natural mechanical strength
of SEs, they may also prevent the formation of lithium dendrites upon cycling, overall facilitating
the use of a LMA.Y

Moreover, most SEs have a superior thermal stability compared to liquid electrolytes allowing wider
temperature ranges and improving battery safety. In fact, their ionic conductivity even increases at
elevated temperatures reaching that of liquid electrolytes.® It is also only dominated by lithium ions
compared with lithium ions plus anions from the conducting salt in liquid electrolytes, therefore
enabling higher current densities and quicker charging, i.e., higher power density.*8

2.3 Solid electrolytes

SEs are the key components to construct SSBs. The requirements for SEs are manifold and may
differ for particular applications either as separator or catholyte material. First, SEs must have ionic
conductivies of several mS cm to be an adequate substitute for liquid electrolytes. At the same time,
their electronic resistance must be high to reliably perform as separator. To ensure low internal cell
resistance, the interfaces between the SE and the electrodes should have low resistance, the ideal case
would be < 1Qcm2®® Surface layers from atmosphere reaction, degradation reactions and
nonuniform wetting can have substantial influence on the interface resistance.? Moreover, the SE
requires a wide electrochemical stability window, i.e., it must be stable at anode and cathode
potentials. Especially for the use of LMA, the (electro-)chemical stability against lithium, one of the
most electropositive elements, is of major importance as well as superior mechanical strength to
withstand lithium dendrite propagation through the electrolyte.?! On the other hand, some flexibility
and softness is beneficial to reach good wettability with the electrodes and to accommodate volume
changes.? In Figure 2.3.1, the most important performance properties of the three main classes of
SEs ranging from ISE to PSE and HSE are demonstrated in radar plots. In the class of ISEs, the two
most predominant systems of oxides and sulfides are highlighted. While ISEs mainly offer the benefit
of high ionic conductivities and high thermal and mechanical strength, PSEs are poor ion conductors
but have the advantage of high flexibility and easy processability. HSEs can combine these two
systems but reaching high conductivities is still challenging, plus they have high processing costs.?
In the following sections, the properties and related benefits and challenges of ISEs and HSEs will

be presented in detail.
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Figure 2.3.1. Radar plots of the performance properties of different SE materials: (A) oxide ISE, (B) sulfide ISE, (C) PSE,
and (D) HSE. Adapted from 23,

2.3.1 Inorganic solid electrolytes

ISEs range from lithium metal oxides, sulfides, phosphates and nitrides to halides and crystalline
ceramic to glass-ceramic and glassy systems. They have been proven to exhibit high ionic
conductivities, as summarized in Figure 2.3.2. Besides early lithium ion conductors, such as LisN
and Li—B-Al.0s, two groups of SEs have emerged as the most practical choice, namely oxides and

sulfides.?

Most oxide-based SEs can be categorized by their crystal structure into NaSICON-type, perovskite-
type and garnet-type SEs. The first family is named after a sodium superionic conductor NaMz(POa)3
(M = Ge, Ti, Zr) in which the Na" ions are replaced with Li* ions without the change of the crystalline
NaSICON structure. The most popular are LiwxAlxTi2 x(POs)s (LATP) and LiixAlGez x(PO4)3
(LAGP) that are characterized by partial Al substitution of Ti and Ge, respectively.? lonic
conductivities up to 102 S cm™ have been reported®, however, due to their reductive instability
against lithium metal, their application with a LMA is restricted. On the cathode side, the main
challenge is to achieve sufficient interface contact.?” Perovskite-type SEs have the general crystal

structure ABOs (A = Ca, Sr, La; B = Al, Ti) with the A-sites partially occupied by Li or La giving

2.3 Solid electrolytes
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LisxLazs xTiOs (LLTO). Even though they exhibit bulk ionic conductivities > 102 S cm™?, the high
grain boundary and interfacial resistance as well as the instability of Ti** with LMA hinder their
practical application.?® Garnet-type SEs show a variety of chemistries with the ideal chemical
formula AsB2M3012 (A = Ca, Mg, Fe; B = Al, Fe, Ga, Cr, V; X =Si, Ge) and crystallize in a face-
centered-cubic structure with eight (A), six (B) and four (M) oxygen-coordinated cation sites.? Early
studies focused on lithium garnets with low lithium content (e.qg., LisLnsTe;O12 with Ln =Y, Pr, Nd),
LisLasM2012 (M = Nb, Ta) and LisAla;M.01. (A =Ca, Sr, Ba; M =Nb, Ta))®, but they were
developed to so-called lithium-stuffed garnets that exhibit higher ionic conductivity (104
103 S cm™), with the most prominent one LisLasZr,012 (LLZO).*® Garnets are very attractive due
to their broad electrochemical window and high chemical stability against lithium metal. As LLZO
is the subject of this thesis, it will be discussed in detail in the sections 2.3.1.2 and 2.3.1.3.
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Figure 2.3.2. Temperature-dependant ionic conductivity of common ISEs ranging from oxides, sulfides, phosphates and

nitrides to halides. Both crystalline and glassy systems are shown. Data values are reproduced with permission from 3140,

Sulfide-based SEs comprise multiple different chemistries, with the most prominent families of thio-
LiSICONSs, LGPS (Li10GeP2S12), agyrodites (LisPSsX (X = CI, Br, 1) and a variety of Li—P-S glasses
or glass-ceramics.** They have the highest ionic conductivities among ISEs at ambient temperature
reaching those of liquid electrolytes (Figure 2.3.2). O% anions are replaced with S?~ anions that are

highly polarizable leading to less pronounced interaction of Li* ions with the anionic sub-lattice.

Chapter 2 Fundamentals



Moreover, the soft mechanical properties of sulfides offer easy processability and better wettability
with the electrodes.?* However, their severe (electro-)chemical instability against both LMA and
cathode active materials as well as poor air stability releasing toxic H2S gas hinders their practical

application.*?

Overall, the benefits and challenges of oxide- and sulfide-based SEs are summarized in the radar
plots in Figure 2.3.1.#® Sulfides have the advantage of very high ionic conductivities, but lack in
(electro-)chemical stability, whereas oxides offer superior stability and high mechanical strength,
while maintaining sufficient ionic conductivities. On the one hand, the stiffness of oxide-based SEs
causes significant issues to reach good wettability, i.e., low interfacial resistance towards the
electrodes including LMA. On the other hand, their rigid mechanical properties are considered to be
favorable for the suppression of lithium dendrites. However, in practice, they still suffer from lithium
dendrite growth along grain boundaries despite their high shear modulus.** The interface and
behavior while cycling with a LMA will be highlighted in section 2.4.

2.3.1.1 lon transport mechanism

In crystalline ISEs, the ion conduction mechanism is based on classical diffusion, in which mobile
ions hop from one lattice site to an adjacent vacant site. Therefore, the prerequisite for ion conduction
are interstitials, vacancies, and partial occupancy on lattice sites or interstices in the crystal structure.
These are either present intrinsically due to entropic effects or they can be generated extrinsically by
substitution of aliovalent cations (called doping).* Different types of diffusion processes are
schematically depicted in Figure 2.3.3A involving (i) exchange diffusion, (ii) vacancy diffusion, (iii)

ring diffusion, and (iv) interstitial diffusion.

i moo
S %

Figure 2.3.3. (A) Schematic representation of diffusion processes in solid-state materials based on (i) the direct exchange
mechanism, (ii) the vacancy mechanism, (iii) the ring mechanism, and (iv) the interstitial mechanism. (B) Schematic
representation of the potential barrier determined by the activation energy Ea that needs to be overcome during the diffusion
process. Adapted from 45,
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Lithium ion conductivity o is strongly related to the number of mobile lithium ions n per unit volume,

their charge g and their mobility « in the crystal structure:

0 =nqu (2.2)

The mobility x can be described analogously to diffusion of mobile lithium ions in the ISEs, but
caused by an external electric field. It is therefore highly governed by the crystal structure and its
defects that determines the energy barrier, i.e., the activation energy, for hopping between two

lithium sites.?*

Thus, ionic conductivity can be expressed as follows, where Ea is the activation energy, T the
temperature and kg the Boltzmann constant:

_EA
0 = exp (kB_T> (2.2)

A low activation energy and a high concentration of mobile lithium ions are favorable for high ionic
conductivity. Even though the concentration of mobile ions can be increased by doping to create
vacancies and interstitials, the ionic conductivity often starts to decrease after passing through a
maximum because of the strong lithium ion interaction upon addition of more mobile species.*® In
crystalline ISEs, the mobile ions are typically only lithium ions. Hence, the lithium ion transference
number t.i., that is defined as the ratio of the conductivity of lithium ions to the sum of the
conductivities of all charge carriers, is close to unity. Conversely, tui. of liquid electrolytes is about

0.2-0.5 due to the presence of anions from the conducting salt.*’

In polycrystalline ISEs, the grain boundaries are a structural discontinuity, which is often detrimental
for lithium ion transport due to the high energy barrier caused by changes in local structure.?*
Compared to (poly-)crystalline ISEs, amorphous or glassy SEs exhibit isotropic conduction
properties due to the lack in long-range order and grain boundaries, resulting in a disordered energy
landscape for lithium ion hopping. Therefore, the exact ion transport mechanism in amorphous
materials and the effect on ionic conductivity is still under debate.*®® However, amorphous phases
located in the grain boundaries of polycrystalline ISEs, e.g., in glass-ceramics or by the addition of
a second phase, have been proven to reduce grain boundary resistance and hence, overall ionic

conductivity.50-52
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2.3.1.2 Synthesis and sintering of LLZO

Due to the variety of synthesis methods for different SE classes, solely the manufacturing of LLZO
being the focus of this thesis will be highlighted. Various methods exist for the synthesis of LLZO
bulk powder, of which wet-chemical methods and solid-state synthesis have established. One of the
most common wet-chemical methods is the sol-gel route including the following steps: (1) the
reagents (usually metal chlorides, nitrates, acetates) are dissolved in alcohol to form metal alkoxides;
(2) hydrolysis and partial condensation of the latter resulting in a colloidal suspension called ‘sol’;
(3) polycondensation to metal-oxo-metal bonds forming a ‘gel’; (4) drying the gel and (5) calcination
for complete removal of solvent.®* One limitation is to get stable metal alkoxides, therefore, an
alternative route called Pechini process has been developed. Usually the metal nitrates in
combination with a chelating agent, mostly citric acid, are used, which then form a gel upon heating.>*
The sol-gel method offers small particle sizes and low calcination temperatures compared with the
solid-state synthesis (~900 °C), however, finding a suitable precursor and solvent can be

challenging.®

The solid-state synthesis is one of the easiest accessible and most straightforward methods. The
reagents (mostly metal oxides, hydroxides, and in the case of lithium often carbonates) are ground
and homogenized by mortar or ball milling (optionally, organic solvents can be added), subsequently
calcined to drive their reaction (900-1100 °C) and then milled to give a lithium ion-conductive
powder. Sometimes repeated milling/calcination steps are required.® Major drawbacks of this
method are the high calcination temperatures and long annealing times required. This impedes

synthesis at industrial scale, especially regarding energy consumption.*2

The SCHOTT AG with its expertise in melting technology recently has developed a specific melting
route to produce glass-ceramic LLZO.*® A schematic representation of the procedure is given in
Figure 2.3.4. Basically, the reagents are melted and homogenized first. Upon cooling, crystallization
seeds of LLZO start to form that continously grow to give a glass-ceramic with a high volume
fraction of Li-ion conductive crystalline phase and an additonal amorphous phase. The volume
fraction and the composition of the amorphous phase, €.g., stabilization due to glass-forming agents,
can be adjusted during the process. The bulk material is subsequently milled to give a powder. The

melting route has been proven to be fast and industrially scalable.
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Figure 2.3.4. Schematic representation of the melting route developed at the SCHOTT AG to produce glass-ceramic LLZO.

All of the methods above are followed by a sintering step. A wide variation of techniques have been
successfully proven to perform the sintering, e.g., furnace heating sintering®, spark plasma sintering
(SPS) or field-assisted sintering (FAST)®"*8, and microwave-assisted sintering®. Furnace heating
sintering is the most commonly used method as it has the lowest instrumentational requirements,
even though high sintering temperatures (~1200 °C) as well as long sintering times (~12 h) are
needed. A major drawback is the Li volatilization at such high temperatures, which can cause the
formation of unwanted Li-deficient phases such as La;Zr,07.%° An excess amount of lithium reagent
is often added and/or sacrificial powder (also called mother powder) is used to prevent changes in
stoichiometry. Yet, techniques with lower sintering temperature as well as time are favorable.
Besides fast-sintering techniques like SPS/FAST, liquid phase sintering is a feasible approach.
Contrarily to conventional sintering, a sintering additive with a low melting point is added to the

ceramic LLZO affecting the material transport and densification.®*

According to classical sintering theory, i.e., the two-sphere sintering model, the main driving force
of sintering is the reduction in surface energy.®® The quality of the pressed green pellet is essential
for the densification process, i.e., homogeneity and narrow particle size distribution of the powder.
Driven by different transport mechanisms, the particles coalesce and compact to give a dense
material. Transport mechanisms can be divided into mechanisms with and without densification,
which is schematically represented in Figure 2.3.5A. Surface diffusion and transport upon
vaporisation and condensation at the surface are sole transport mechanisms (i—iii), while diffusion
processes at the grain boundary promote densification (iv—v). Typical sintering stages include neck
formation, followed by the formation of a network of interconnected pores by compaction and lastly,
those pores are closed off and become isolated from each other. Pore shrinking and densification are
very slow at that stage and are mainly determined by the grains surrounding the pores. Often smaller
grains are eliminated, while larger grains grow, a phenomenon called Ostwald ripening, which can

lead to unwanted abnormal grain growth.®> To reach effective pore shrinking, the sintering
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atmosphere is crucial, e.g., oxygen atmosphere is often used for sintering of LLZO to facilitate pore

transportation to the surface.®
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Figure 2.3.5. Schematic representation of (A) the sintering mechanism according the two-sphere model and the related
transport mechanisms divided into processes without densification (i—iii) and with densification (iv—v) and (B) of the
sintering stages of liquid phase sintering starting from a powder blend (1) to wetting and rearrangement (2) and solution —
reprecipitation (3) to final densification (4). Adapted from 62 and 62,

In liquid phase sintering, the diffusion processes at the surfaces of the particles are enhanced
drastically because of the surrounding liquid phase. Figure 2.3.5B demonstrates the different stages
during liquid phase sintering starting from a powder blend comprising of ceramic grains and a
sintering additive (1). Upon temperature increase, the sintering additive melts to give a liquid phase
that wets the ceramic grains and interparticle voids due to capillary forces, followed by
rearrangement of the grains (2). The solubility and the resulting contact angle between the solid and
liquid phase are crucial at this stage. Due to subsequent solution-precipitation processes (3),
densification and grain coarsening is promoted (4).* The main advantages of liquid phase sintering
are the reduction of sintering temperature as well as time and high final densities. For sintering of
LLZO, typical sintering additives are lithium compounds, such as Li,O, LiOH, LisPOs, just to name
a few.54-% They are usually mixed and homogenized with the initial LLZO powder. In glass-ceramic
LLZO, the amorphous phase acts directly as sintering additive and is intrinsically included in the
initial LLZO powder.

2.3 Solid electrolytes
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2.3.1.3 Properties and current challenges of LLZO

The garnet-type LLZO crystallizes in two stable phases: a cubic modification (c-LLZO) with the
space group Ia3d, that was discovered by Murugan et al.*® and a tetragonal modification (t-LLZO)
with the 14, /acd space group first reported by Awaka et al.%”. Their crystal structures together with
important Li positions are demonstrated in Figure 2.3.6. Both polymorphs consist of La®*" at
dodecahedral sites and Zr** at octahedral sites, with the LaOg and ZrOg polyhedra connected by edge-
sharing. In c-LLZO, the lithium ions only partially and randomly occupy a tetragonal site (Lil: 24d)
and a distorted octahedral site (Li2: 48g or more specifically, two off-centered 96h sites upon splitting
of the 48g site due to high Li*—Li* repulsion).%® The LiO, tetrahedra share faces with the LiOs
polyhedra and form a 3D network structure that enables a fast lithium ion conduction pathway.
Theoretically, two different pathways exist, one only includes the migration between adjacent Li2
sites and according to the other one, lithiums ions migrate along the Li2—Lil-Li2 pathway (i.e., 96h—
24d-96h). From ab initio calculations, it was found that the latter is favored due to its lower activation
energy (0.8 eV vs. 0.28 eV).5 However, pure c-LLZO is not stable at room temperature and t-LLZO
is formed instead. t-LLZO is slightly elongated along one axis compared with c-LLZO, which results
in a transformation of the tetrahedral 24d site into a fully occupied 8a (Lil) and an unoccupied 16e
site. The 96h site also transforms into two distorted fully occupied octahedral sites (Li2: 16f and Li3:
32g).%8

The major difference between c- and t-LLZO is the ordering of Li atoms and occupation of lithium
sites. While in t-LLZO the lithium ions are of higher order due to the fully occupied Li sites, c-LLZO
has more available vacancies because of the lithium ion disorder (see insets in Figure 2.3.6). This
enables fast single ion hopping along the 3D network of c-LLZO. Therefore, the ionic conductivity
of ¢-LLZO is two orders of magnitude higher compared with t-LLZO (~10*vs. ~10° S cm™).7° At
room temperature, t-LLZO is the stable polymorph that undergoes a phase transitition into c-LLZO
only at elevated temperatures (> ~150-200 °C).” A strategy to stabilize c-LLZO at room temperature
is the incorporation of dopants. There are various studies proving that the inclusion of a wide array
of dopants is possible on all three cation sites (see 7 for refs.). Both hypervalent and subvalent
dopants can be used that generate either lithium vacancies or increase the number of lithium ions per
formula unit (pfu) (beyond 7 Li* pfu), respectively, disrupting the lithium ordering. The most
common dopants are supervalent cations,e.g., AI** and Ga3* on the Li site. Even though AIP* for
example is very attractive in terms of costs, doping on the Li site is very sensitive to the amount of
AIR* due to the occupation of lithium transport channel sites.”® A more robust doping strategy is to
substitute Ta>* and Nb®* on the Zr site. However, a major drawback of Nb®* doping is the reduction
instability in contact with lithium metal.”* The highest ionic conductivities have been observed for
about 6.5 Li* pfu (up to 2:102 S cm), but further strategies are subject of research to reach ionic

conductivities comparable to liquid electrolytes, such as co-doping.”
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Figure 2.3.6. Crystal structure of LLZO (A) in cubic modification (c-LLZO) with tetrahedral Lil site (24d) and octahedral
Li2 site (96h) and (B) in tetragonal modification (t-LLZO) together with tetrahedral Lil site (8a) and octahedral Li2 and
Li3 sites (16f and 32g). The inset of c-LLZO shows a detailed representation of the lithium sublattice illustrating the
predominent lithium pathway along Li2—Lil1-Li2 sites. For both c- and t-LLZO, the insets further display a schematic
representation of the occupancy of the different Li sites. The value g is a dimensionless occupancy value. Adapted from 76

While recent research has progressed immensely in terms of optimizing the ionic conductivity of
LLZO, the main challenges of LLZO are related to surface and interfacial issues upon integration in
a battery cell. On the one hand, surface impurities are a major issues due to its environmental
instability. Combining Density functional theory (DFT) calculations with experimental analyses
exhibited that it readily undergoes Li*/H* exchange from moisture in ambient air or from protic
solvents forming LiOH as intermediate.”” This subsequently reacts with environmental CO, to
Li.CO3z which forms an insulating layer due to its very low ionic and electronic conductivity.
Therefore, such an impurity layer is not only detrimental for ionic conductivity but also dramatically
increases the interface resistance with the electrodes as well as with the polymer matrix within the
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HSE approach.” On the other hand, further interfacial issues at the electrodes are caused by chemical
instability and poor wetting ability of LLZO. Regarding the cathode side, key issues are poor
interface contact due to the rigidity of both materials and interdiffusion and degradation processes
being detrimental for cycle stability. However, the LLZO/cathode interface is beyond the scope of
this thesis and details can be found in the literature (" and refs. therein). In terms of the LMA side,
the major issue is related to lithium dendrite formation upon cycling, which will be covered in detail

in section 2.4.

2.3.2 Polymer-based hybrid solid electrolytes

The basic principle of the HSE approach is to benefit from the advantages of both ISE and PSE. The
most common HSE is a composite consisting of ISE filler particles incorporated into a polymer
electrolyte matrix. While the soft and flexible PSE solves the mismatch and wettability issues at the
interface with the electrodes, the ISE maintains high ionic conductivity at room temperature.
Moreover, the rigid ISE particles have the potential to overcome the poor cycling stability of bare
PSEs as they are easily penetrated by lithium filaments short circuiting the cell (see section 2.4.4).7
Other types of HSEs are multilayer structures where PSE layers are placed on both sides of an ISE
pellet or instead of PSE layers, trace amounts of conventional liquid electrolyte can be used in order
to ensure proper contact with the electrodes. However, in this section only composite systems will
be highlighted. Details for the other HSE can be found elsewhere. 28!

The polymer matrix is usually composed of a host polymer with a high dielectric constant that can
effectively dissolve a lithium conducting salt. Several polymers can be used, e.g., polyacrylonitrile
(PAN), polyvinylidene flouride (PVDF) or polyethylene carbonate (PEC), however, polyethylene
oxide (PEO)-based PSEs are the most widely studied due to their excellent salt-solvating ability and
interfacial compatibility with electrodes.®? The most prominent conducting salt is lithium
bis(trifluoromethane-sulfonyl)imide (LiTFSI) that easily dissociates because of its delocalized anion.
The major drawback of PSEs is their low ionic conductivity in the range of 10°-10~" S cm™ at room
temperature, hence, they can only be operated at elevated temperatures such as 70 °C. Moreover,
they suffer from severe lithium dendrite penetration due to their low mechanical strength and are not

electrochemically stable against most cathode materials.®

Regarding the ISE particles, in principle every type can be used as filler but amongst the most studied
are garnet-based ISEs due to their outstanding properties described in section 2.3.1.3. However, not
only ion conductive ISE particles can be integrated into the polymer matrix. Before the development
of the hybrid electrolyte concept, composites with insulating or so-called passive fillers, such as
Al,03, TiO,, and SiO;, have already been intensively investigated.8+% Besides enhancement of both
the mechanical and thermal stability in the same manner as ISE fillers, they differ in their influence

on the overall ionic conductivity. They indeed have a positive effect on the ionic conductivity due to
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reduction of the crystalline phase in the polymer matrix (details on the ion transport mechanism in
section 2.3.2.1), but cannot provide an extra ion transport pathway compared to ISE filler particles,
i.e., active fillers.®® Moreover, another advantage of garnet-based ISE fillers is that they have the
potential to increase the electrochemical stability of the HSE due to their wide electrochemical
window, especially at the interface with the LMA.®" Therefore, most reports focus on the
electrochemical performance and study the influence of filler content ranging from polymer-rich
(<50vol% filler content) to inorganic-rich systems (>50vol% filler content), which will be
discussed in the next section together with current challenges.

2.3.2.1 lon transport mechanism

Polymer electrolytes

When compositing PSE and ISE materials, the different ion transport mechanisms of the two
components need to be taken into account. In contrast to the hopping mechanism in defect sites of
the ISE (section 2.3.1.1), the ionic conduction in PSEs is realized via lithium ion hopping from one
coordinating site to another with the segmental motion of the polymer chains, as illustrated for PEO

in Figure 2.3.7. This free motion is only effectively possible in amorphous regions of the polymer.&
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Figure 2.3.7. Lithium ion transport mechanism by segmental motion of polymer chains in the amorphous phase of an PEO-
based PSE. Adapted from 88,

At room temperature, both amorphous and crystalline regions are present, hence, ion transport can
drastically enhance above the melting temperature of the crystalline phase (for PEO at about 64 °C).8
Therefore, the ionic conductivity of PSEs is highly dependent on their degree of crystallinity and its
temperature dependence is modeled by the non-linear VVogel-Tammann-Fulcher (VTF) equation,
where Ea is the activation energy, ks the Boltzmann constant, T the temperature and T, the reference

temperature, which is usually 10-50 K below the glass transition temperature of the polymer®;

1

—E
o =o0,T 2exp (W—ATO)) (2.3)
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Most PSEs are dual-ion conductors in which both lithium ions and anions are mobile. As the lithium
ions are coordinated with Lewis basic sites of the PEO backbone, the anions are more mobile and

hence, the transference number of PEO-based PSEs are usually lower than 0.5.8

Hybrid electrolytes

The overall ionic conductivity of the HSE depends on the individual ionic conductivities of the PSE
and ISE and their volume fraction, which strongly affects the contribution of the different pathways.
In Figure 2.3.8A and B, the possible pathways for polymer-rich and inorganic-rich HSEs are
depicted.8% In general, lithium ions can move (i) only through the PSE phasg, (ii) along PSE|ISE
interface/interphases, (iii) through both components crossing the PSE|ISE interface, and (iv) only
through the ISE phase. The latter is only present when the percolation limit is reached, i.e., for
inorganic-rich HSEs.

For polymer-rich systems, the pathways (i)—(iii) are principally possible, however, the corresponding
contributions highly depend on the PSE|ISE interface properties. Pathway (ii) is mainly determined
by surface phenomena, which are also well known from passive fillers, e.g., increased ion pair
dissociation of the conducting salt and potentially anion attraction on the ISE surface due to Lewis
acid-base interactions, and enhanced lithium ion transport due to reduced crystallinity of the polymer
at the I1SE surface.®® For active fillers, lithium ion redistribution from the ISE into the PSE driven by
the gradient of chemical potential p at the interface (Figure 2.3.8D) is also discussed as possible
positive factor on the lithium ion transport near the surface.®**” Here, the concentration of the
conducting salt in the polymer also plays an important role.

Such surface phenomena are not only related to the surface chemistry of the fillers and its
compatibility with the polymer matrix, but also to the size and shape of the particles. It was reported
that ionic conductivities of HSEs using nano-sized filler particles can be effectively increased due to
amplification of surface-related transport mechanisms.%-1% Variation of the shape, e.g., nanowires
or vertically aligned fillers also have a positive impact because of fast anisotropic lithium ion
pathways (Figure 2.3.8C).10:-104

A prerequisite for pathway (iii) is the ionic transport, i.e., charge transfer, across the PSE|ISE
interface. As depicted in a simplified manner in Figure 2.3.8E, the charge transfer includes both the
desolvation of lithium ions at the interface and the transport through a potential solid-polymer
electrolyte interphase layer (SPEI, e.g., by Lewis acid-base reaction, chemical reaction and/or
impurities on the ISE surface, e.g., Li»COs for LLZO). The desolvation is considered to be the rate-
determining step and its activation energy is influenced by the difference in chemical potential across
the interface.'®1% The chemical potential itself is determined by the activity of lithium ions, i.e.,
concentration, and the electrostatic interaction between the lithium ions, the anions and the polymer

backbone or host structure.%” Experimental characterization of the interfacial charge transfer and its
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activation energy is very challenging, as the phenomena are usually limited to sub-micron range. One
approach is a macroscopic model system using a symmetrical sandwich-type cell setup where the
ISE is sandwiched between two PSEs and blocking electrodes. With this method, the interface
resistance for PEO-based PSE and LLZO was analyzed and found to be in the range from 100 Q cm?
to 10 kQ cm?.19%11 Sych high interfacial resistances can block pathway (iii), which is often

overlooked in literature.

A C

Polymer-rich L A' Inorganic-rich Vertically aligned

Figure 2.3.8. Schematic representation of the ion transport pathways in (A) polymer-rich and (B) inorganic-rich HSEs
incorporating particles as fillers as well as (C) vertically aligned fibers or wires. Pathways include ion transport (i) only
through the PSE phase, (ii) along PSE|ISE interface/interphases, (iii) through both components crossing the PSE|ISE
interface, and (iv) only through the ISE phase. Adapted from %. (D) Scheme of the chemical potential of lithium ions within
the two phases of a HSE. Adapted from 8. (E) Schematic representation of the lithium ion transport and the related potential

barriers across the polymer-solid electrolyte interface (SPEI). Adapted from %2,

Many reports have focused on elucidating the ion transport pathways in polymer-and inorganic-rich
HSEs, and several models have been developed to describe the different mechanisms, 7113114
However, the results are contradictory and the mechanism has not been clarified yet. For polymer-
rich systems, both synergistic and negative effects on the ionic conductivity of the HSE compared to

the pure PSE have been reported. Synergies are explained by mostly surface-related phenomena as
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described above (pathway (ii)), but also by contribution of pathway (iii).% 10115119 This was also
experimentally proven by solid-state Li nuclear magnetic resonance spectroscopy (NMR) with
lithium isotope labeling, by which the authors could confirm the preferred pathway through the ISE
particles (in this case LLZ0).1?° Reduced ionic conductivities are ascribed to the sole contribution of
the pathway through the PSE (pathway (i)). The incorporation of the ISE particles then only leads to
lower cross-sectional area and higher tortuosity of the polymer matrix.%!2122 For inorganic-rich
HSEs, increased ionic conductivities through percolation of ISE particles (pathway (iv)) are
observed'?*-12° but other studies showed that the percolating network cannot be formed by simple
ISE contact.®*!%® However, what all systems have in common is that they are all below the ionic
conductivitiy of the pure ISE.

One explanation for the contrasting results is that the performance of HSEs is greatly affected by the
chemical nature of the components, including lithium salt concentration and polymer chain length,
the size and shape of the filler particles, and the compounding process together with potential
impurities. Therefore, comparibility is challenging and results need to be carefully interpreted. In
fact, comparison between active and passives filler should be included in every study.

2.3.2.2 Synthesis

The most common preparation method of HSEs is the solution casting method where all components
(polymer, conducting salt and ISE filler) are intimately mixed in an inert solvent. The resulting slurry
is cast into a mold or by doctor blade on a substrate.'?” Upon subsequent evaporation of the solvent,
the electrolyte solidifies and can be detached from the mold or substrate. For PEO-based PSEs,
mostly acetonitrile is used as a solvent because of its good solubility with PEO and high vapor
pressure. The solution casting method is relatively facile, low cost and scalable. However, the solvent
needs to be carefully chosen in terms of solubility, volatility and chemical stability with all
components. For systems where the elimination of solvents is required, e.g., solvent-sensitive sulfide-
based ISEs, the mechanochemical method can be used that includes solvent-free mixing of the
components, e.g., by ball milling or kneading process, followed by hot-pressing.1?12¢-130 For hoth
methods, the careful pre-drying of all components is crucial as water residues can lead to
overestimation of the ionic conductivity of the HSE. This is especially important for the ISE LLZO
that is very sensitive to humidity because it can form insulating Li>COs on its surface (see
section 2.3.1.3).”® However, not only water residues can impair the electrochemical performance but
also solvent residues. Even though vacuum drying is widely used, the complete removal of solvent
remains challenging.® This issue is easily often overlooked. Therefore, solvent-free techniques are

of high interest for the processing of HSEs.

For inorganic-rich HSEs with filler contens > 50 %, the described blending methods reach their limits

due to strong agglomeration of the particles.®! Instead, porous ISE 3D frameworks (made by
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electrospinning or from hydrogels) can be infiltrated by a polymer electrolyte solution with low
viscosity of which the solvent is subsequently evaporated. The resulting HSEs profit from the high
ISE content and hence, have high room temperature conductivities.**21** However, this method

strongly depends on the capillarity and is not very appealing for large-scale application.

2.4 Challenges of the lithium metal anode

The lithium metal anode (LMA) is considered to be one of the most promising anode materials to
boost both the volumetric and gravimetric density of next-generation lithium batteries. Lithium metal
has the optimum properties due to its very low density (0.59 gcm=3) the most negative
electrochemical potential (—3.04 V vs. standard hydrogen electrode) and one of the highest theoretical
capacities among all anode materials (3,860 mAh g and 2061 mAh cm=3, respectively). A key
prerequisite for electrolytes is therefore (electro-)chemical stability against lithium metal to provide
stable cycling. While liquid electrolytes in conventional LIBs are prone to unstable side reactions
and are easily penetrated by lithium dendrites, SEs that are (electro-)chemically stable against lithium
metal are considered to be able to suppress these negative effects, especially due to their intrinsic

high shear modulus.?*

In order to displace the current state-of-the-art graphite anode and to effectively increase the energy
density, several cell performance parameters need to be achieved, such as high cycle areal capacity
(> 3 mAh cm), high current density (> 5 mA cm), and high energy efficiency, which requires a
low internal resistance (< 40 Q cm?) on the cell level.™** With regard to the LMA, these targets are
translated into requirements for both the Li|SE interface and the SE itself. The former should have
very low and stable interfacial resistance (Rin;) Without minor influence of side reactions to retain all
active lithium, and the latter has to be chemically stable against lithium metal and resistant to lithium
dendrite formation. However, few reports come close to these targets because of poor interfacial
contact of Li|SE caused by impurities, voids, or defects, and/or SE microstructure prone to lithium
dendrite penetration while cycling due to low mechanical strength, i.e., pores, cracks, and vulnerable

grain boundaries in the case of ISEs.*

This section firstly highlights the stationary Li|SE interface including chemical stability and
strategies to reach low Riy. Secondly, the effects of current load, i.e., lithium stripping and plating,
on the Li|SE interface will be discussed including interface kinetics and morphological aspects of
both the SE and lithium metal. Thirdly, different mechanisms of lithium dendrite propagation are
summarized with respect to the microstructure of the SE as well as lithium mechanics. Within all
sections, the focus is on ISE systems and therein especially on LLZO. PSE systems with the focus

on PEO-based PSEs are briefly highlighted at the end of each section.
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2.4.1 Stationary interface with electrolyte

Interfacial phenomena of Li|SE are considered the bottleneck limiting high rate capabilities and
stable cycling of the LMA. They determine not only the transport properties at the interface and
related charge transfer kinetics in the stationary state (without external applied field), but also the
lithium stripping and plating processes upon current load (see section 2.4.2).

In principle, the ideal SE is (electro-)chemically stable in contact with lithium metal. The interfacial
stability is defined by the electrochemical stability window (ESW) that generally describes the
thermodynamic stability of electrolytes in contact with electrodes. Due to the very high chemical
potential of lithium metal, most SEs are not thermodynamically stable in contact with lithium metal,
leading to the formation of an interphase layer consisting of decomposition products.?! It can either
conduct both ions and electrons resulting in progressive growth of the interphase (mixed conducting
interphase, MCI), e.g, Ti** in LATP*®, or exclusively ions forming a kinetically self-limiting
interphase (solid electrolyte interphase, SEI). Such an SEI can protect the SE from further reduction,
which was found for PEO-based PSE, for example.'****" Incorporation of electrochemically more
stable ISEs into PSEs (HSE approach) is proven to increase the ESW compared with the pure
PSEs.%116 A special case in terms of (electro-)chemical stability is LLZO, as is the only practically
relevant SE that is thermodynamically stable in contact with lithium metal. Even though recent
reports have shown a nanoscale layer of reduced Zr* (oxygen-deficient interphase) by X-ray
photoelectron spectroscopy (XPS) studies’, this interphase was proven to have negligible influence

on the charge transfer kinetics across the interface.'*

In the other cases, interphase formation leads to substantial morphological and structural changes
impeding interfacial charge transfer and ion transport at the interface. As a consequence, high
interfacial resistances are observed over time affecting stripping/plating upon cycling (see
section 2.4.2). Moreover, space charge can also cause resistive layers at the interface due to the
depletion of ion species.®* This especially applies for PSEs (and HSES) as the anions are mobile (the
transference number is mostly < 0.5).2%° Contrarily, space charge layers have marginal contribution
for single ion conducting ISEs, as their transference number is close to unity. For LLZO, due to the
absence of a bulk interphase, it could be shown theoretically and experimentally that the charge

transfer is negligible (< 0.1 Q cm?) enabling fast kinetics sufficient for application.4

Despite the fact that LLZO has high stability and fast charge transfer kinetics, high interfacial
impedences are observed in practical application.*! These are mainly caused by current constriction
phenomena from insufficient interfacial contact because of impurities (e.g., Li.COsz due to
environmental instability), voids and porosity in the microstructure, and local surface defects in both
LLZO and lithium metal. Therefore, the true area of contact is often effectively smaller than the

apparent, geometrical contact area.*? Such inhomogeneous current distribution dramatically affect
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the interface during lithium stripping and plating, which will be discussed in the next section. Even
though PSEs (and HSES) instrinsically should form an intimate contact with lithium metal due to

their soft nature, they often suffer from the same interfacial issues in practical application.*

2.4.2 Dynamic interface: Stripping-Plating

During both anodic load, i.e., lithium stripping, and cathodic load, i.e., lithium plating, morphological
changes are one of the major issues for stable cycling. These are caused by strong volume changes
of lithium metal at the Li|SE interface and the related inhomogeneous current distribution. In the
following sections, mechanisms during stripping are highlighted first and subsequently the plating

mechanisms.

Stripping

During stripping, the diffusional properties of lithium metal are crucial. As every stripped metal ion
leaves one vacant site, the replenishment of lithium to the interface highly depends on the diffusion
of lithium atoms, i.e., more specifically vacancy diffusion (Jvi gitrusion With J being the flux), as well
as on lithium metal creep (Juicreep). The latter has minor influence when no external pressure is
applied. If the vacancy diffusion limit in the lithium metal is not exceeded by the stripping current
that removes lithium ions from the Li|ISE interface (Jii+migration), the interface remains structurally
stable (Figure 2.4.1A).14

Above a critical current density, the stripping current removes lithium ions faster from the interface

than lithium can be replenished according to Equation (2.4):
\]Li diffusion T JLi creep < \]Li+ migration (24)

As a result, vacancies supersaturate and form voids and pores in the lithium metal, wherein adatam
diffusion of the lithium pore is the limiting diffusional pathway (Figure 2.4.1B). Overall, such pore
generation leads to contact loss at the interface. The remaining contact areas are hotspots for lithium
plating during cathodic load triggering dendrite formation.**!44Plating mechanisms will be
discussed in the following section. However, pore growth can be prevented by an externally applied
pressure, stimulating the plastic deformation and creep of the lithium metal (Jui creep), Which is

schematically represented in Figure 2.4.1C (see also strategies in section 2.4.4).14
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Plastic deformation/creep:

Adatom diffusion: deformation/
Pore formation/growth No pore growth

©

No pore formation

JLi diffusion + JLi creep > JLi* migration JLi diffusion + JLi creep < JLi* migration JLi diffusion JLi creep > JLi+ migration

Figure 2.4.1. Schematic representation of the different mechanisms at the Li|ISE interface under anodic load, i.e., lithium
stripping. (A) The interface remains structurally stable, if the stripping current that removes lithium ions from the interface
(JLi+ migration) does not exceed the vacancy diffusion limit (JLidiffusion) in the lithium metal. Lithium creep has minor influence
without externally applied pressure. (B) If the stripping current removes lithium ions faster that lithium is replenished,
pores will form and grow at the interface leading to contact loss. Herein, adatom diffusion of the pore is the limiting
mechanism. (C) Upon externally applied pressure, plastic deformation and creep of the lithium metal prevent pore growth
and contact loss. Adapted from 4,

Plating

During lithium plating, a layer-by-layer deposition of lithium metal at the interface would be
favorable, which is not achievable in real application, especially at high current densities. Instead,
lithium deposition is strongly affected by the interfacial properties and the related current
distribution. Uneven current distribution at the interface leads to focusing of the current forming
hotspots for lithium dendrite formation. The latter can propagate into the SE and lead to failure of
the cell eventually (see section 2.4.3).** The main causes for current focusing are summarized in
Figure 2.4.2 for a Li|ISE interface. They range from (i) poor interfacial contact, e.g., caused by the
flaws at the interface of both the ISE and the lithium metal. Even for ideally contacted interfaces,
current focusing can occur (iv) due to deviating ion transport properties along grain boundaries in
polycrystalline materials. On the one hand, grain boundaries are prone to lithium deposition due to
their mechanically softer nature.® On the other hand, the locally increased electro-chemo-
mechanical potential due to the higher resistivity of the grain boundaries compared to the grains can
lead to enhanced lithium deposition in the grain boundaries.**® Therefore, reducing the grain size and
thereby increasing the grain boundary area, achieves higher current densities.'*” However, there are
also studies reporting the opposite, which the authors explained by the fact that less grain boundaries

lead to less hotspots. 48
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By several in situ and ex situ microscopy techniques, mostly whisker-like structures have been
observed at the Li|ISE interface as well as lateral dendritic growth at high current densities, which
can locally be present due to current focusing.4%14-151 Interestingly, optimized clean surfaces of
LLZO with minimal inhomogeneities have shown that lithium plating at several Acm=2 is in

principal possible, confirming the fast charge transfer kinetics of the Li|LLZO interface.!4

Insufficient Surface Surface Grain
contact contaminations defects/flaws boundaries

Figure 2.4.2. Different reasons for current focusing at the Li|ISE interface under cathodic load, i.e., lithium plating, ranging

from poor interfacial contact/void formation (i), surface contaminations and surface defects/flaws at both the ISE and the

from 2.

For PSEs, the main reason for lithium dendrite formation is also attributed to the issue of current
dfocusing. In the same manner as for ISEs, impurities, defects and voids at the interface act as
hotspots for lithium nucleation. In contrast, the distribution of charge at the interface substantially
differs from that in single ion conducting ISEs. Due to the low Li* transference number of PSEs,
space charge layers are easily formed at the Li|PSE interface due to the high anion mobility, which

enhances lithium deposition during cathodic load.*+"®

2.4.3 Dendrite growth mechanisms

Lithium metal depositions at the interface are usually the starting point of dendrite growth inside the
SE, self-catalyzed by intensifying current focusing with increasing length of the dendrite.*® The
current density, above which a cell fails due to occurrence of short circuits, is defined as the critical
current density (CCD). It is typically determined by the abrupt decrease of the cell’s overpotential
measured via galvanostatic cycling of lithium-symmetric cells. Caution is required for so-called “soft
shorts” that are caused by very small lithium filaments and only induce a slight drop in overpotential.
Therefore, they are easily overlooked and lead to overestimation of CCDs.*>!°2 However, there is no
standard protocol for CCD measurements, making literature values difficult to compare, as it is
affected by measurement parameters, such as temperature, pressure, cycling duration, and thickness
of the pellet. Most importantly, it strongly depends on the interfacial contact and it is also discussed

to introduce a critical current stripping density or a critical potential instead.44153
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The growth of lithium filaments inside the SE highly depends on the microstructure and the
mechanical properties of the SE. A model by Monroe and Newman predicted that SEs with roughly
twice the shear modulus, i.e., elastic stiffness, of lithium metal (4.8 GPa at room temperature) are
required for effective suppression of lithium dendrites.*> Most ISEs (e.g., LLZO ~100 GPa'*®) and
also some PSEs™® fulfill this criterion but are still penetrated by lithium dendrites. CCD values are
usually reported as lower than 1 mA cm indicating that the factors determining dendrite formation

are manifold (see ref. 2 for references).

For ISEs, stress-induced fracture upon lithium filament growth is a severe problem for both
polycrystalline and single-crystalline materials. Figure 2.4.3A schematically shows the stress
accumulation at the tip of the lithium surface flaw inducing crack opening in the ISE.**"1%8 Following
an electro-chemo-mechanical model, the maximum stress at the tip was found to increase with
current density. Resulting current focusing at the tip can be accompanied by intensive Joule heating.
Such local temperature fluctuations together with mechanical deformation also affect lithium
mechanics, i.e., plastic deformation via creep, potentially amplifying crack opening.'>® Once a crack
has formed, it can easily propagate and is a hotspot for further lithium deposition, which is shown by
in situ recorded SEM images in Figure 2.4.3B.

Li plating

filling with lithium

Crack propagation and

Figure 2.4.3. (A) Schematical representation of the mechanism of lithium dendrite growth in ISEs upon lithium plating.
The stress accumulation at the dendrite tip leads to crack opening and propagation within the ISE. Adapted with permission
from 159, (B) In situ SEM images of a propagating crack in the ISE material LLZO that is directly filled with lithium metal.

Reproduced with permission from 40,

Therefore, the fracture toughness of ISEs plays an important role, where oxides should be much more
tolerant to this failure mode than sulfides.?! Moreover, it is correlated to the microstructure, e.g., it
was found that grain boundaries in polycrystalline LLZO are “soft spots” for dendrite susceptibility*
as well as porosity, i.e. interconnected pores.***1! There is also a second failure mode discussed in

literature, which is the nucleation of lithium metal inside the ISE due to partial electronic
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conductivity, e.g., from the oxygen framework. However, this has probably minor influence and

details can be found in several references.153.162.163

PSEs, including PEO-based PSEs, usually do not fulfill the shear modulus criterion of Monroe and
Newman, as they have typically 2-3 orders of magnitude lower modulus than lithium metal.'%*
Besides, most PSEs need to be operated at elevated temperatures due to their low room-temperature
ionic conductivity, which reduces their elastic stiffness. Therefore, sharp lithium filaments nucleated
at the Li|PSE interface can easily penetrate and grow in PSEs. Mostly mossy and needle-like
structures have been observed in situ, pushing away the polymer and leading to delamination from
the LMA.1%17 As [ithium filaments exhibit diameters in the range of microns, the growth
mechanism through nanopores in the PSE has been considered unlikely.?®418 |nstead of solely
considering elastic shear modulus, the elastic properties, i.e., the yield strength of both the PSE and
lithium metal should be considered. Barai et al. postulated that dendrite formation can be suppressed
by increasing the yield strength of the PSE, even with a shear modulus smaller than lithium metal.”

2.4.4 Strategies of lithium dendrite suppression

The manifold strategies to suppress lithium dendrite formation and penetration can roughly be
divided into strategies related to the interface and to the SE itself, i.e., stiffness, microstructure, etc.
While for ISEs the focus is mainly on interfacial improvements and microstructure optimization,
reinforcing the mechanical strength is of higher importance for PSEs. Figure 2.4.4 schematically
represents an overview of the most common strategies for lithium dendrite suppression in ISEs and
PSEs that will be highlighted in this section.

One of the most straightforward strategies is to apply uniaxial pressure during current load in order
to overcome interfacial issues. Especially, contact loss at the Li|ISE interface while stripping can be
avoided due to plastic deformation of lithium metal (see Figure 2.4.1). For ISEs, stack pressures in
the low MPa range (about 10 MPa) were found to be optimal for high CCDs.%® However, such high
pressures are detrimental for lithium plating because they can amplify mechanical stresses at the
crack tip.1’® Therefore, applying intermediate pressure is inalienable for cell design. Conversely,
elevated temperature has mainly positive effects on cycling performance. Higher temperature
facilitates ionic transport in the ISE, charge transfer, and the mechanical properties of lithium metal,
improving surface wetting.1’**"* Moreover, increasing the temperature, e.g. by a battery management

system, can help to decrease the stack pressure required for practical application.

With respect to ISEs, other interface related strategies include primarily cleaning protocols, e.g.,
removing insulating Li,CO3 from the LLZO surface by polishing'’®, annealing’® or acid treatment’’,
or introduction of very thin interphase layers. These can either be (1) electronically conducting metal

interlayers (alloy-based, e.g., sputtering of an Au layer on LLZO in situ forms a Li-Au alloy*”®
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(Li-Mg, Li-Ag, Li-Sn were reported as well*’®18)), (2) ionically conducting SEI layers (LisN,
Li2Al;O7 by ALD coating with Al,Os, or PSE coatings!®2-18) or (3) mixed conducting interlayers
(LiCs, Li2S-Mo, and LisN-Cu from conversion reactions!®-8"), They all aim to decrease the
interfacial resistance and provide homogeneous current upon cycling. However, most researchers
postulate that the ideal interphase layer should be highly ionically conducting, but electronically

insulating to prevent electron injection into the ISE.1®
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Figure 2.4.4. Summary of most common strategies to overcome lithium dendrite formation in ISEs including interface and

microstructure related approaches as well as in PSEs comprising composite related strategies.

Several approaches have been applied to optimize the microstructure of the ISE in terms of density
and grain boundary modification. Besides different pressing strategies, such as conventional uniaxial
cold or hot pressing, isostatic pressing and fast-sintering techniques (e.g., spark plasma sintering,
SPS)8-191 iquid phase sintering has broadly been used (see section 2.3.1.2). The sintering aid often
segregates into the grain boundaries and thereby improves lithium dendrite suppression. 56619219 |

addition to high-density approaches, porous ISE structures have proven to exhibit high CCDs
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(e.g., porous LLZO in a trilaminar setup with dense LLZO in-between, CCD up to 10 mA cm=21%)

due to extensive increase of contact area.

A common strategy for PSEs is the HSE approach in order to increase mechanical stability. As
described in section 2.3.2, both inactive (mostly SiO; and Al,O3) and active fillers can be used. It has
been shown by several examples that the tensile modulus of the PSE can be increased up to tenfold,
thereby increasing the CCD compared to the pure PSE.1%% Another approach, similar to the
addition of inactive fillers, is to add another polymer for crosslinking, e.g., via photopolymerization,
resulting in a rigid network.® The use of ISE particles as active filler is expected to not only enhance
the mechanical strength but also the ionic conductivity. Furthermore, it can compensate the space
charge effects at the Li|PSE interface as the polymer matrix and the filler particles can potentially
constrict anion movement, thereby increasing the transference number of the HSE and regulating
homogeneous lithium plating.*"% However, up to now, the ion transport mechanism of HSEs is
not fully understood (see section 2.3.2.1). The optimum setting of the polymer to filler ratio is also
challenging in order to balance the different requirements, i.e., high polymer content for good
interfacial contact with electrodes and high filler ratio for sufficient dendrite suppression. There are
manifold reports related to that topic but they differ substantially in measurement parameters, filler

properties, and manufacturing processes, impeding direct comparability, 9100130200201

The lithium metal itself can also be optimized by 3D structuring for example, but this goes beyond
the scope of this work, and the reader is referred to the following references.202203
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3 Results and Discussion

Garnet-type SEs and especially the lithium-stuffed LirsLasZr.01, (LLZO)-based garnets have
attracted immense interest. Since their discovery by Murugan et al. in 2007, significant advances
have been achieved, especially in terms of the ionic conductivity. As a result of intensive research
on the choice of doping element and optimum compositions thereof, ionic conductivities of about
2 mS cm* at room temperature were reached, which is about a magnitude higher than initial values.
However, as ideal compositions have already been found, current research mainly focuses on

materials processing and application-related issues.

Regarding the materials processing, alternatives to the conventional, energy-intensive solid-state
synthesis are required for large-scale applications. In terms of the issues related to the application,
engineering the garnet/electrode interfaces is one of the major obstacles. With regard to this, the
surface properties of the garnet itself and its instability in ambient air negatively affects the interface
with the electrodes. Additional degradation issues arise with typical cathode materials, while the
cycling stability and formation of lithium metal dendrites at the interface with the potential LMA
remains as the main issue. Moreover, the microstructure and the related brittleness of LLZO are
prone to be penetrated by lithium dendrites. Therefore, HSEs with the benefits of flexible polymer
electrolytes have emerged as potential alternative. However, the influence of the interface between
LLZO and the polymer matrix on the lithium ion transport and its correlation with the phase

compatibility remains unclear.

This thesis covers the investigation of such surface and interface properties of novel glass-ceramic
LLZO. It is manufactured at the SCHOTT AG in an industrially scalable melting process that is
industrially scalable and therefore promising for the large-scale production of LLZO. The first
publication addresses the surface properties of glass-ceramic LLZO powders in terms of their
degradation in ambient air. Detailed insights into the mechanism are given by kinetic data, from
which suggestions for the handling of LLZO can be derived. In the second publication, the effect of
the amorphous phase in glass-ceramic LLZO on the sintering process and the electrochemical
performance is presented. In addition, its impact on the formation and propagation of lithium metal
dendrites is described. The manuscript provides knowledge about the role of LLZO glass-
ceramic/polymer interfaces in HSEs. The correlation between phase compatibility and interface

resistance is investigated, including its influence on the electrochemical performance.

51



52
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garnet-type Li7LasZr.01; solid electrolyte powders in ambient
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In publication 1 of this thesis, the surface properties and the related degradation, i.e., hydration and
carbonation of glass-ceramic LLZO was studied in detail. The focus was on the pristine powders, as
investigations of the degradation have mainly been made for sintered pellets in the literature. The
objective is to gain insights into the mechanism and provide understanding of the handling conditions
of LLZO powders. Powders with different surface areas relevant for battery applications were
subjected to several kinetic analyses, such as SEM, XRD, and Raman spectroscopy. A LLZO variant
with a low volume fraction of amorphous phase was chosen in order to provide comparability to

stoichiometric LLZO used in the literature.

The correlated analyses revealed that the degradation mechanism in ambient air follows a two-step
consecutive reaction for all powders investigated. By exploring the temporal evolution, it could be
shown that both hydration and carbonation are self-limited by diffusion processes on the surface,
which is in accordance with the core shrinking model. While the hydration and the related expansion
of the lattice upon Li*/H" exchange was studied by XRD, Raman spectroscopy enabled the
simultaneous observation of the hydration and carbonation by analysing the reaction products LiOH
and Li»COs. Moreover, the study revealed that the hydration is an essential intermediate step by
adjusting the atmosphere from ambient air to dry room conditions, excluding the direct carbonation
of LLZO. A linear dependence of the rate constant on the surface area of the powder was found for

both the hydration and carbonation.

Overall, the results of the first publication provide profound insights into the degradation of LLZO
powders. In addition to the elucidation of the mechanism, this work gives guidance on the handling
and processing of LLZO powders, which is of main importance for its application in future battery

applications.

The idea for this study was developed by the first author under the supervision of J. Schuhmacher
and S. Leukel. C. Loho performed and assisted the SEM experiments the SCHOTT AG. All other
experiments were performed and analyzed by the first author with the support of the analytics
division at the SCHOTT AG. J. Schuhmacher, S. Leukel, F. H. Richter and J. Janek assisted the
scientific discussion of the data. The manuscript was written by the first author and edited by six co-

authors.

The manuscript has been accepted for publication in Journal of Physical Chemistry C 2023, 127,
8320-8331. DOI: https://doi.org/10.1021/acs.jpcc.3¢01027.
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ABSTRACT: Garnet-type Li;La;Zr,0,, (LLZO) is a promising Time-resolved Different
LLZO degradation LLZO powders

solid electrolyte for the application in solid-state lithium batteries
(SSBs). However, its reaction with water and carbon dioxide in L,CO
ambient air and the resulting formation of insulating lithium Raman o @g o
carbonate is one of the major obstacles for its large-scale . S % O
manufacturing and processing. Especially when processed as <

powder with large surface areas, e.g., for the application in hybrid N
electrolytes, where LLZO powders are incorporated into a polymer
matrix, uncontaminated surfaces are crucial. In this work, the
kinetics of the hydration and carbonation mechanism is studied in Dea'::"ac‘:‘"
detail for Ta-doped LLZO powders by time-dependent analyses of

morphology, structure, and composition. Common particle sizes

for battery applications, i.e, powders with different specific surface areas, are investigated. It is shown that the degradation
mechanism follows a two-step consecutive reaction for all particle sizes investigated. It is self-limited by diffusion processes in the
reaction layer in accordance with the core shrinking model. The hydration reaction is an essential intermediate step that precedes
carbonation, which is demonstrated by systematically adjusting the atmosphere from dry room conditions up to ambient air.
Moreover, the reaction rate of the hydration and carbonation depends strongly on the particle size and thus on the surface area. A
linear correlation of the reaction rate and the specific surface area is found. Altogether, the novel insights into the degradation
mechanism of LLZTO powder scrutinized in this work provide guidance on how to select, handle, and process LLZTO powders
according to the surface quality requirements in future battery applications.

Particle size

1. INTRODUCTION understanding of the mechanism and kinetics of the interaction

Solid-state batteries (SSBs) with solid electrolytes (SEs) and of LLZO with ambient air, so that tailored countermeasures
lithium metal anodes have attracted significant attention as can be taken, .

potential next-generation Li batteries because they can provide In. contrast to an early- work. tshat demonst_rated chemical
superior energy density and enhanced battery safety.' ™ One of stabl!.lty of.LLZO in ambient air, .recent :ﬁ}xd:es have foun.d
the most promising SEs among various types is the ceramic Li- that it readily undergoes hydration in water™" and other protic

10—12 . . 13—16
ion conductor Li;LayZr,0,, (LLZO) with its cubic garnet-type ]s;)lv?ntsth b E:; “:_EH astby ‘Ifit‘?r vap Urtlir O?L;%b]int Tr'
structure due to its high ionic conductivity, excellent thermal urng the hydration step, L1 1ons in the structure are

stability, and broad electrochemical window, particularly its excha‘ngeTi for protor{s t’ron? t,he water (,Li /H‘ exchan.ge),
chemical stability against Li metal.** This allows for LLZO not resulting in the formation of lithium hydroxide (LiOH). With a

only to be used as single, completely inorganic SE, but also as a moderate amount of Li”/H" exchange, LLZO retains its cubic

protective separator in combination with other electrolytes that si(.ml:tt]ur;l? tth?i Space gl;oup Ia3d; ‘whereas it ch:}%g;;s to a
are prone to degradation in contact with Li metal.” Another slightly distorted non-centrosymmetric space group upon

attractive application is the use of LLZO powders in solid or intensive exchange (?75%) '_10'”‘18 In ambient air, it was fou.nd
gellike hybrid electrolytes (HSEs), in which the particles are that the hydration is readily followed by carbonation with

incorporated into a Li-ion conductive polymer matrix

providing enhanced flexibility in cell design.” However, the Received:  February 14, 2023 i
environmental instability of LLZO, arising from the reaction Revised:  April 8, 2023 m
with water (hydration) and carbon dioxide (carbonation) in Published: April 20, 2023

ambient air, still impairs its large-scale manufacturing and *Illl
processing. For future application of LLZO-based components -
and batteries, it is therefore crucial to develop a fundamental

© 2023 The Authors. Published b;
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atmospheric carbon dioxide (CO,). The formed intermediate
LiOH either reacts directly with CO, to form Li,COy; or via an
intermediate hydration to LiIOH-H,O that reacts subsequently
to the final product Li,CO;."*™'*'" Conversely, it has been
also discussed that LLZO directly reacts with CO, via a single-
step reaction pathway. Whereas Cheng et al. and Li et al
suggested that the direct carbonation of LLZO is the
energetically preferred pathway,””*' Sharafi et al. postulated
that the Li*/H" exchange mechanism is energetically more
favorable compared with the direct carbonation based on DFT
calculations.'® Xia ef al. confirmed by experiments in dry air
(containing an unknown content of CO,) that no Li,COj was
formed, from which they hypothesized that humidity is crucial
for Li,CO, formation.'* In summary, consensus on the exact
reaction pathway and its intermediate steps has not been
reached so far. A systematic study that differentiates between
experimental conditions with or without CO, and/or H,O
would be helpful to unravel the different reaction pathways of
hydration and carbonation, so that guidelines on how to select,
handle, and process LLZO powders can be derived. Moreover,
an investigation of the reaction time dependency, i.e., of the
reaction kinetics, could give valuable insights into the reaction
sequence as well as possible interaction of the reaction steps.

The degradation of LLZO including Li"/H" exchange and
formation of Li,CO; was proven to have a negative impact on
the material properties and battery performance. It impairs the
ionic conductivity of sintered LLZO'***™*" and the Li*
transport at the interface anode or cathode materials because
of the insulating properties of the passivating Li,CO;
layer.'®'*** Regarding HSEs, this surface layer immensely
hinders the ion transport pathway from the polymer matrix
into the LLZO powder particles, thereby reducing the overall
electrochemical performance, ie., ionic conductivity, electro-
chemical window, and transference number.”*™>" Therefore,
an uncontaminated LLZO powder surface is crucial for
achieving required HSE performance, especially when the
particle size of the incorporated LLZO powder is small and the
specific surface area is large. However, only a few studies deal
with the hydration/carbonation process of powder surfaces.
Instead, mainly sintered pellets were subject of the
investigations as well as the correlation of degradation with
their microstructure.’*™**

This study aims to clarify the reaction pathway of the
hydration/carbonation mechanism in ambient air and its
kinetics in dependence of the specific surface area of Ta-doped
LLZO (LLZTO, Lis;La;Zr, ;Tags0,,) powders as representa-
tive material system. In order to study the influence of particle
size, which correlates inversely with the specific surface area,
we selected three powders of different particle sizes that are
relevant for battery application, i.e., particle sizes from sub-ym
to a few microns. Besides the investigation of morphological
and structural changes on the powder surfaces, kinetic data
were gained from in situ Raman spectroscopy that allows
simultaneously following the hydration and carbonation of
LLZTO. The mechanism is further elucidated by performing
the analyses in different synthetic air atmospheres to
investigate the influence of H,O and CO,. This study gives a
profound insight into the hydration/carbonation mechanism of
LLZTO and allows suggestions for its processing, thereby
making an important contribution to the development of next-
generation lithium batteries.

Chapter 3  Results and Discussion
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2. EXPERIMENTAL SECTION

2.1. Materials. Garnet-type Ta-doped LigsLayZr) sTay 50,
was manufactured via a unique and industrally scalable
melting route at the SCHOTT AG to give glass—ceramic
LLZTO. The metal oxide raw materials in stoichiometric ratio
were melted in an inductively heated skull crucible
implemented by a radio frequency induction coil (~1600
°C). After homogenization of the melt, samples were taken
from the crucible in order to realize fast cooling. Further details
can be found elsewhere.”* Upon cooling, an amorphous phase
is generated intrinsically, whose fraction and composition can
be adjusted during the process. In this study, LLZTO with an
almost negligible fraction of amorphous phase (<0.1 wt %) was
chosen to simulate stoichiometric LLZTO powders that are
widely used in the literature. The melting block was first pre-
crushed on a jaw crusher, pre-ground to a particle size <1 mm
using a ball mill, and brought to the final particle sizes and
particle size distributions by using an opposed jet mill with a
downstream classifier. N, was used as the process gas in the
latter case. By different rotation speeds of the downstream
classifier, different particle sizes as given in Table 1 were

Table 1. Characterization of the Starting LLZTO Powders
with Fine (f), Medium (M), and Coarse (c) Particle Sizes
Including Mean Particle SizeD50, Surface AreaSggr, and
Density p as Well as the Ionic Conductivity & of Sintered
Pellets

sample D50 (pm)  Sppr (m? g’l) P (g em™) | 6 (mS em™)
f-LLZTO 0.40 5.62 5.32 0.96
m-LLZTO 0.83 2.73 5.37 0.97
c-LLZTO 493 0.76 540 0.83

realized. Further details can be found elsewhere.”* The median
particle size D50 was measured by static light scattering
(CILAS 1064, Quantachrome) and the specific surface area
was determined by the BET method (QUADRASROB evo,
Anton Paar). Bulk densities p of the powders were calculated
by eq 1 using the density of the crystalline phase (pzw_,
determined by Rietveld refinement of the lattice parameter by
XRD), the estimated density of the amorphous phase, i.e.,
lithium excess, (therefore estimated from Li,O: p,, =~ 2 g
em™), and the corresponding fractions of crystalline and
amorphous phase in vol %.

vol%.ye: £, st

100

X + vol%,,-p
'( =

1)

The crystalline phase fractions were determined by chemical
analysis (fractions of ZrO,, La,0;, and Ta,O; were analyzed by
X-ray fluorescence spectroscopy and Li,O by atomic
absorption spectroscopy). The fraction of amorphous phase,
ie., lithium excess, was calculated by subtracting the ideal
stoichiometry of LLZTO assuming that the elements Zr, Ta,
and La fully contribute to the crystalline phase. All powders
were stored in a N,-filled glovebox (MBraun) with O, and
H,O contents <1 ppm.

2.2. Materials Characterization. Scanning electron
microscopy (SEM) was performed with a ZEISS LEO1550
and LEO1530 equipped with a field emission gun (FEG) to
capture the SEM images with a secondary electron detector
operated at 10 keV acceleration voltage. Prior to analysis,
powders were prepared in an argon-filled glovebox (MBraun,

https://doi.org/10.1021/acs jpcc.3c01027
J. Phys. Chem. C 2023, 127, 83208331
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Figure 1. Characterization of the starting LLZTO powders with fine (f-), medium (m-), and coarse (c-) particle sizes including (A) particle size
distributions measured by static light scattering and (B) X-ray diffraction patterns together with the reference reflections of cubic LLZTO.

0, and H,O content <1 ppm) and poured on SEM stubs
equipped with carbon adhesive discs. Samples at t = 0 h were
transferred directly to a sputter coater. After about 8 nm Pt
were sputtered onto the samples, to avoid charging during the
SEM analyses, the samples were transferred into the SEM
chamber. All other samples were, prior to Pt sputtering,
exposed to ambient air (40—45% RH, T = 25 °C) for the
defined durations of 6 and 32 h, respectively. The exposition
was done in the Raman measuring cell in order to ensure the
same gas flow and distribution as for the Raman experiment.

Energy-dispersive X-ray spectroscopy (EDX) was carried out
on particle agglomerates with a ZEISS LEO1550 equipped
with a Noran System Six EDX system from Thermo Fisher
Scientific GmbH. EDX spectra were taken at 10 keV
accelerating voltage.

X-ray diffraction (XRD) spectra were collected using a
PANalytical XPert PRO MPD (Malvern Panalytical) in
Bragg—Brentano geometry from 10—70° 26 in increments
of 0.013° using Cu Ka radiation operating at 45 kV and 40
mA. To ensure diffraction from multiple grains, samples were
spun during XRD. Prior to analysis, powder samples were
transferred from the glovebox to the XRD directly after
preparation to ensure minimal contact time with ambient air
(<1 min). For time-dependent analysis, a diffraction pattern
(duration of about 35 min) was collected every 60 min for 32 h
or 60 h at T = 25 °C in ambient air. For qualitative analysis,
the software HighScore Plus (Malvern Panalytical) was used
and reference crystallographic information files were from
ICDD PDF-2 (Li,CO;: JCPDS #87-0729) and Crystallog-
raphy Open Database (COD) (cubic LLZTO: COD
#1545083). Rietveld refinement was performed with the
same software. Only cubic LLZTO was refined, reflection
intensities of the other phases were too low to be fitted. Unit
cell parameter, zero point, scale factor, peak shape, and profile
parameters were refined for the respective data sets.

Confocal Raman spectroscopy was performed on an
Alpha300 M+ (WITec, Oxford Instruments) using a Nd-
YAG laser with a wavelength of 532 nm and a power of 0.5 W.
Prior to analysis, powder samples were transferred into a self-
built airtight measuring cell in a N,-filled glovebox (MBraun,
0, and H,0 content <1 ppm) so that the first measurement at
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t = 0 h was done under a glovebox atmosphere. The cell was
equipped with two valves on opposite sides that were opened
after the first measurement. One of them is connected to a gas
line (either ambient air (40—45% RH, 400 ppm-mol CO,),
synthetic air (Air Liquide, < 0.5 ppm mol H,0, < 0.1 ppm-
mol CQ,), dry air containing CO, (Air Liquide, < 0.5 ppm-
mol H,0, 400 ppm mol CO,) or humid air (Air Liquide, 40—
45% RH, < 0.1 ppm mol CO,)), and the other one was left
open during the experiment to ensure continuous gas flow. All
measurements were done at T = 25 °C. Raman maps (500 X
500 pm’, 144 measurement points) were collected every 20
min and averaged. The peak areas of Li,CO; (1087 cm™),
LiOH (3660 cm™"), and one of the protonated LLZO bands
(295 cm™") were extracted after baseline correction for each
time and normalized to the LLZO bands (150—1000 cm™') at
t=0h

Absolute water and carbon contents were determined with a
LECO RC612 multiphase determinator using IR spectroscopy
(LECO Instrumente) from 100—1100 °C with a rate of 120
K/min and held at 1100 °C for about 5 min. Samples at t =0 h
were transferred directly from the glovebox to the instrument,
and the other samples were exposed to the different
atmospheres (as described in the section above) for 32 h in
the Raman measuring cell to ensure the same gas flow and
distribution as for the Raman experiment. The software RC
612 version 1.31 was used for analysis, and water and carbon
content was normalized to a defined mass of powder sample.

Electrochemical impedance spectroscopy (EIS) was per-
formed with an Alpha A-High Analyzer (Novocontrol) on the
sintered LLZTO pellets produced via sintering in mother
powder (1130 °C, 0.5 h, O, atmosphere). Gold electrodes with
a diameter of 6.5 mm were sputter coated on both sides of
each pellet using a sputter coater (EM SDCO0S0, Leica). EIS
was carried out at T = 25 °C for room temperature
conductivity in a frequency range from 100 mHz to 20 MHz
with a 20 mV perturbation amplitude. EIS data were fitted
using Z-View software. The thickness d of each pellet and
electrode area A together with impedance R were used for
calculation of the specific ionic conductivity o:

d

o= ——
A

)

= | =

hittps://doi.org/10.1021/acs jpec.3c01027
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Figure 2. SEM images of the pristine powder samples (A) f-LLZTO, (B) m-LLZTO, and (C) ¢-LLZTO exposed to ambient air for 0, 6, and 32 h.

Measurements were performed in triplicate giving an
experimental error <10%.

3. RESULTS AND DISCUSSION

3.1. Characterization of Pristine LLZTO Powders. The
garnet-type LLZTO was synthesized via an industrially scalable
melting route at the SCHOTT AG.™ Upon fast cooling, an
amorphous phase is formed whose fraction and composition
can be adjusted during the process. Herein, LLZTO with a
negligible fraction of amorphous phase was chosen as a model
system in order to compare the findings to stoichiometric
LLZTO produced via the conventional solid-state reaction.
Three different powders of which particle sizes ranged from
fine (f-) over medium (m-) to coarse (c-) were obtained from
milling using different processing parameters. In Figure 1A, the
particle size distributions of the three samples are shown. f- and
m-LLZTO exhibit a monomodal distribution, while a slight
shoulder is visible for c-LLZTO, indicating the presence of
finer particles.

The corresponding D50 values are given in Table 1, together
with the specific surface areas Sggr and the densities p. The
Sger differ by a factor of about 2 for f- and m-LLZTO and 3.5
for m- and ¢-LLZTO. The densities p of the three samples are
all in the same range of 5.32—5.40 g cm™, a typical value for
cubic LLZTO.** Additionally, the powder samples were cold-
pressed and sintered in order to determine the ionic
conductivity. The respective values in Table 1 are close to 1
mS cm ™!, which is outstandingly high compared with other
LLZTO materials (ref 36 and refs therein) and makes them
suitable SEs for battery applications. The reasons for such high
conductivity are due to superior microstructure realized by the
help of the amorphous phase. The latter acts as a sintering
additive promoting liquid phase sintering and high density.

Figure 1B shows the XRD patterns of the pristine powders.
All match well with the reflections of the reference pattern of
cubic LLZTO. No reflections of impurities are observed for
any of the samples, which proves that the melting route and
the milling process are robust against the formation of

Chapter 3  Results and Discussion

secondary phases, such as La,Zr,0,, that often arise due to
lithium loss.””

3.2. Temporal Changes of Powder Morphology and
Particle Surface Properties. SEM analysis was performed in
order to study morphological changes due to the hydration/
carbonation of the three LLZTO samples. Figure 2 shows the
SEM images of f-, m-, and ¢-LLZTO powder particles exposed
to ambient air for 0, 6, and 32 h.

The estimated particle sizes are in agreement with the D50
values given in Table 1. For c-LLZTO, finer particles on top of
larger particles are evident, which corresponds well with the
bimodal particle size distribution observed in Figure 1A. At t =
0 h, the particles of all three samples are cullet-shaped with
sharp edges due to the milling process. After exposition to
ambient air for 6 h, the particle surfaces differ from the pristine
state. The surface of fLLZTO powder particles appears to be
homogeneously coated and the former sharp edges of the
particles appear to be softened. In contrast, the surfaces of m-
and ¢-LLZTO exhibit a spot-like secondary phase with a size of
about 0.1-0.3 um. At t = 32 h, the coated appearance of f-
LLZTO remains unchanged. Yet, the surface of the m-LLZTO
particles display a similar coating as observed for the f-LLZTO
particles. For ¢-LLZTO, the observations are comparable to
those at t = 6 h, i.e., the spots of a secondary phase are still
visible. Hence, the formation of a potential secondary phase, as
coating or spot-like particles, seems fastest for f-LLZTO and
slowest for ¢-LLZTO. This temporal evolution of particle
surface morphology coincides qualitatively with the increase in
intensity of the carbon peak at 0.28 keV in EDX analysis (see
Figure S1). Therefore, we believe that the different
morphologies relate to the state of hydration according to eq
3 and carbonation in eq 4 and the associated formation of
LiOH and Li,CO;. The formation of Li,CO; can also take
place via the formation of the intermediate LIOH-H,O (egs 5
aiid 6).”‘15'17

https://doi.org/10.1021/acs.jpcc.3c01027
J. Phys. Chem. C 2023, 127, 8320-8331
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Figure 3. (A) XRD patterns of the powder sample m-LLZTO exposed to ambient air for 0, 6, and 32 h. The respective data for f- and c-LLZTO
can be found in Figure S2. (B) Magnification of the reflection of the (211) lattice plane. (C) Temporal evolution of the LLZTO lattice parameter
of the powder samples f-LLZTO, m-LLZTO, and ¢-LLZTO. (D) Calculated rate constants according to eq 8 of the Li*/H" exchange observed in
(C) for the powder samples fFLLZTO, m-LLZTO, and ¢-LLZTO as a function of the surface area Sy;y. The dotted line is only for visualization. (E)
Magnification of the reflection of the (—110) lattice plane of Li,CO;.

LissLasZn Tag 0y, (o) + xH,0() LiOH,) + H,0) — LiOH-H,0y ()
= Ligs_HLayZn Tags0y, ) + xLiOH,) (3) ZLIOH-H,0,) + CO, () — Li,CO;5 ) + eH,0 (6)

. . The morphology of the secondary phase, e.g, the spots on
2LiOH,, + CO, (g Li,CO; (y + H,0 (4) m- and ¢-LLZTO as well as the “coating” of f- and m-LLZTO,
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resembles the morphologies that have been observed in studies
on the surface of sintered pellets.'"***’ Depending on the
surface area of the powder samples, the hydration/carbonation
has progressed to a different extent for a given time. While f-
LLZTO has already almost fully reacted at t = 6 h, it takes up
to 32 h for m-LLZTO to get the particles’ surfaces covered.
Only small changes are observed in ¢-LLZTO over time.

3.3. Temporal Changes of the Crystal Structure. Time-
resolved XRD analysis was performed in order to investigate
the evolution of the crystal structure due to degradation
reactions. In Figure 3A, the diffraction patterns of the powder
sample m-LLZTO exposed to ambient air for 0, 6, and 32 h are
given. The respective data of the f- and ¢-LLZTO powder
samples are shown in Figure S2A,B.

At each time of exposure to ambient air, all samples retain
the cubic LLZTO structure with the space group Ia3d.
However, the diffraction patterns exhibit a slight shift to lower
diffraction angles as well as a growing reflection asymmetry
over time, as demonstrated for the reflection of the (211)
lattice plane in Figure 3B. The shift of the reflection maximum
indicates an increase of the lattice parameter, which originates
from the partial substitution of lithium ions with protons from
H,O in ambient air following eq 3. The lattice expansion can
be explained by the replacement of strong Li—O bonds by
weaker O—H:--O bonds together with a non-discrete spread of
the lattice parameter causing the asymmetry of the reflection.
The stability of the cubic la3d phase and the correlated lattice
expansion is in agreement with previous reports, in which
LLZO has been exposed to ambient air.”’~>" A phase
transformation to the slightly distorted non-centrosymmetric
space group [43d is not observed, as suggested by some
authors for deep Li"/H' exchange (>75%) in protic
solvents.'™® The diffraction patterns of f- and ¢-LLZTO
show a similar trend over time, FLLZTO having the strongest
shift and asymmetry and ¢-LLZTO the lowest compared with
m-LLZTO (refer to Figure S2C,D).

The lattice expansion over time is demonstrated for the
three samples in Figure 3C. At t = 0 h, £LLZTO appears to
have a larger lattice parameter compared with the other two
samples. We assume that this is due to the faster Li'/H"
exchange of f-LLZTO compared to m- and ¢-LLZTO, and
finite time that is required to record a diffractogram (35 min).
The curves all exhibit an initial increase of the lattice parameter
that slowly reaches an apparent plateau reflecting that the Li*/
H" exchange is decelerating. Such behavior has been observed
before, but was not further discussed in terms of a kinetic
model. """ Arinicheva et al. proposed a mechanism of the
hydration kinetics as investigated by thermogravimetry and gas
sorption analysis.*” According to their work, the hydration
mechanism is based on the unreacted core shrinking model
that describes the proceeding exchange reaction into the core
of the particle toward the unreacted LLZTO. It is limited by
the diffusion of water molecules through the LiOH layer (and
Li,COy at a later stage) that is formed at the surface of the
LLZTO particles. The core shrinking model has been
intensively investigated for the isothermal hydration process
in humid air of other oxides, e.g., for calcium oxide. There are
various complex mathematical models considering material
properties, e.g,, porosity, molar flux, diffusivity of gas educts,
and changes of particle size during the reaction. Details
including the required assumptions can be found in else-
where,” ™"
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Here, the kinetic model of Avrami was used in order to
describe the kinetics of the diffusion-controlled LLZO
hydration in Figure 3C as a simplified model, which will be
described below. The Avrami equation is widely adopted to
model the crystallization kinetics in solids comprising
nucleation and growth, as given in eq 7 where f(f) is the
fraction of transformed material as a function of time ¢, k is the
reaction rate, and n is the so-called Avrami exponent
representing the dimensionality of crystal growth.”"”

fy=1-e® )

The Avrami equation is also commonly used for the
description of solid—gas reactions including hydration
reactions.”*” Please note that this approach relies on the
assumption of a two-phase system of non-hydrated and
hydrated material, which is greatly simplified for the hydration
considered within this study. In fact, the composition of the
hydrated Lig;_ H.La,Zr, ;Tay 0, is distributed from the
surface to the core of the particles dependent on the state of
hydration. The latter is determined by several diffusion
processes: (i) H' diffusion in the LiOH/Li,COy layers on
the particle surface, (2) H* diffusion in the LLZTO particles,
and also (3) Li* diffusion in the LiOH/Li,CO; layers.
Therefore, the Avrami equation describes the time-dependent
change in lattice parameter in a simplified manner. However,
we applied it as a useful way to semi-quantitatively describe the
different hydration behavior of the distinct powders.

In order to account for the fact that nucleation occurs
heterogeneously at the surface of solid particles instead of
homogeneously in the bulk,’**' we applied a modified first-
order Avrami model (n = 1) that considers the consecutive
occupation of available reaction sites on the surface of the
particles. Equation 8 gives the lattice parameter a as a function
of time ¢, a, is the lattice parameter at ¢ = 0 h, Aplatean 15 the
lattice parameter after reaching the apparent plateau, and kygp
is the rate constant of the reaction.

a(t)=ay+ (aplaleau — ag)(1 — ¢ ~Fannt) (8)

The fitted data from experimental results in Figure 3C can
be found in Figure $3 and Table S1, revealing R? values >0.99,
ie, close to 1. The rate constants kypp differ significantly
between the powder samples f-LLZTO, m-LLZTO, and c-
LLZTO. Figure 3D shows the linear dependence of the
calculated rate constants kypp, from Sggr. The rate of Li*/H*
exchange is directly correlated to the specific surface area and
available surface reaction sites. This is in agreement with the
studies related to the core shrinking model. The authors
explained the slow reaction kinetics of larger particles by the
larger surface area and the correlated increase of the diffusion
path for the reactant gas to reach the unreacted core.”****
Therefore, this correlation allows a useful estimation of the
Li*/H" exchange rate for different particle sizes.

Besides the lattice parameter expansion, the evolution of a
weak reflection at a diffraction angle of about 21.5° in 20 over
time can be seen in Figure 3A. It can be assigned to the
(—110) lattice plane of Li,CO; that forms upon the
carbonation of the formed LiOH throughout the Li*/H*
exchange reaction (eq 4). The respective data of f- and c-
LLZTO can be found in Figure S2E,F. Considering that
lithium has a very low X-ray scattering factor, Raman
spectroscopy was employed next as a complementary

https://doi.org/10.1021/acs jpec.3c01027
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Figure 4. (A) Averaged Raman spectra (mapping) of the m-LLZTO powder sample exposed to ambient air as a function of time. The respective
data for f- and ¢-LLZTO powder samples can be found in Figures S3. (B) Evolution of the normalized peak area at 295 cm™" as a function of time
for the f-, m-, and c-LLZTO powder samples. Evolution of the normalized peak areas of Li,CO; (1088 cm™") and LiOH (3660 cm™") as a function
of time for (C) -LLZTO, (D) m-LLZTO, and (E) ¢-LLZTO. (F) Extracted maximum peak areas of Li,CO, and LiOH as well as point in time of
the maximum LiOH signal as a function of Sger of the powder samples with dotted lines as a guide to the eye.

technique to study the formation of Li-containing secondary

phases.

3.4. Temporal Changes of Chemical Composition. In
contrast to XRD, Raman spectroscopy is very sensitive to Li-
containing secondary phases and probes only the surface of the
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particles compared to bulk penetration in XRD. Raman
spectroscopy was performed on the f-, m-, and ¢-LLZTO
powder samples over time. To get good statistics, average
spectra were obtained from Raman mapping of 500 X 500 pm?
areas, as demonstrated exemplary in Figure 4A for m-LLZTO.

https://doi.org/10.1021/acs jpcc.3c01027
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The Raman spectrum at t = 0 h agrees well with the spectra
of cubic LLZO reported in the literature."*™'*** Qualitatively,
the bands between 180 and 300 cm™' can be assigned to
internal modes of the LiO4 octahedron, whereas the internal
modes of LiO, tetrahedra are expected in the range of 300 to
500 cm™'. The band at about 640 cm™' is due to the Zr—O
bond stretching vibration in the ZrOy4 octahedron as well as the
Ta—O stretching vibration in the TaOy4 octahedron at about
750 cm™". Over time, the double peak between 180 and 400
em™! changes significantly in shape and intensity distribution.
Most predominantly, a new band arises at 295 cm™" with two
shoulders at each side. Additionally, the Zr—O and Ta—O
stretching modes are slightly shifted to higher wavenumbers.
We assume that this transformation can be assigned to a
protonated form of LLZTO due to the occurring Li*/H"
exchange over time following eq 3. A similar }:n_:ak shape has
been observed before for aged LLZO samples.'** The spectra
of f- and ¢-LLZTO show analogous trends, but the
transformation onset is different for fLLZTO and ¢-LLZTO
compared with m-LLZTO (Figure $4). Therefore, the
evolution of the most intense band at 295 cm™" as a function
of time is given in Figure 4B for the three samples. Please note
that no signal can be evaluated within the first hours because of
the strong overlap of the 295 cm™' band with the already
existing bands. Hence, it cannot be excluded that the
transformation has already started before. However, it gets
clear that the Li"/H" exchange is faster for f-LLZTO and
delayed for c-LLZTO compared with m-LLZTO. The curves
qualitatively resemble those of the XRD results and thus are in
good agreement with the kinetic model and its surface area
dependence.

Besides the changes in the bands attributed to LLZTO, a
band at 3660 cm™' appears in the first few hours and then
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decreases again over time. We assign this band to the
stretching vibrations of O—H bonds in LiOH, which agrees
well with reference values of the pure compound.”™°
Regarding studies on LLZO, such high wavenumber regions
have rarely been considered,'” but it provides useful
information about the kinetics of the Li"/H" exchange
reaction. Furthermore, a band at 1088 ¢cm™' increases over
time, which can be assigned to Li,CO,. Its appearance has
been observed in several studies; however, those studies lacked
high time resolution and mostly only studied pellet
surfaces.'"'*"**" Additionally, a broad band from 3200 to
3600 cm™' is emerging over time that is attributed to water
loosely adsorbed on the LLZTO surface.””® It can also stem
from crystal water in LiOH-H,O, but has probably minor
influence as the most prominent band of LiOH-H,0 at 3572
em™"*" is not observed.

In Figure 4C—E, the normalized peak areas related to
Li,COj; and LiOH are plotted versus time for the three f-, m-,
and ¢-LLZTO samples. Qualitatively, all curves exhibit the
same peak shape. While the LiOH signal reaches a maximum
after a certain amount of time and then vanishes, the Li,CO,
signal increases within the first hours and reaches an apparent
saturation within the considered time period. We conclude that
hydration and carbonation are strongly coupled consecutive
reaction pathways that are overall determined by the
postulated core shrinking model. At the beginning, the
hydration via eq 3 takes place at the free surface reaction
sites following an Avrami-like behavior, as observed by the
XRD results. It is directly followed by the carbonation
following eq 4. Once the surface is fully covered by the
reaction products LIOH and Li,CO,, impeding the diffusion of
water molecules to the unreacted core, the hydration reaction
is decelerated as also demonstrated by the XRD results. The

https://doi.org/10.1021/acs jpcc.3c01027
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reaction mechanism then proceeds solely via the carbonation
that is controlled by the available LiOH reaction sites from eq
3 as well as the diffusivity of CO, molecules through the
product layer. Thus, the rate-limiting step of the overall
reaction mechanism is the diffusion process of H,O and CO,.
This is typical for two-step consecutive reactions and has been
investigated for calcium oxide in detail™* as well as for other
compounds, such as calcium silicate.”’ For LLZO, such
detailed kinetic studies of both hydration and carbonation
have not been reported before. Only studies considerin

specific air exposure times can be found in the literature,"*">?

e.g., Lu et al studied the temporal evolution of the Li,CO;
reflection by XRD and observed a linear dependence.
However, the study was performed on a pellet surface and
the kinetics differs substantially from our study.*

As can be seen from Figure 4C—E, the three investigated
samples show significantly different two-step reaction kinetics.
The rate constant of the hydration reaction decreases from f-
to m- and ¢-LLZTO, which causes a shift of the time, at which
the LiOH signal is at its maximum (fLLZTO: ~2.5 h, m-and
LLZTO: ~4 h, ¢:LLZTO: ~5 h). Due to the consecutive
reaction pathway, the rate constant of the carbonation reaction
shows a similar behavior for the different samples. In the same
manner, the maxima of the LiOH signal as well as the plateau
of the Li,CO; signal qualitatively decline from fLLZTO to m-
LLZTO and ¢-LLZTO. Figure 4F shows the extracted values
as a function of Syt of the powder samples. They all show a
linear dependence on surface area, which is in good agreement
with the observations made by XRD (Figure 3D). Not only the
hydration mechanism but also the carbonation reaction is
dominated by the core shrinking mechanism that is strongly
influenced by the available surface reaction sites. As the
extracted intensities of the Raman spectra are not absolute
values, the absolute carbon and water contents of the three
samples after an exposure time of 32 h were measured by a
multiphase determinator using IR spectroscopy and are given
in Tables S2 and §3, confirming the linear dependence. Please
note that the water content not only stems from LiOH but also
from adsorbed water and crystal water. The investigation of the
degradation of LLZO powders with different particle sizes
provides an important contribution for the processability of
powders, e.g,, for the incorporation in polymer matrices for HE
application. Especially, submicrometer powders need to be
handled with care.

In order to confirm the postulated two-step consecutive
reaction mechanism of hydration and carbonation, the process
atmosphere was systematically varied from (i) ambient air to
(ii) synthetic air, i.e,, a mixture of N, and O, in the volume
ratio of 78/21 with a negligible amount of CO, and H,0O
(named negl. CO, and negl. H,O in the following), (iii)
synthetic air containing CO, in an amount equal to the
amount in ambient air (400 ppm-mol), but negligible amount
of H,O (negl. H,0), and (iv) synthetic air containing a
defined amount of moisture (40—45% RH), but negligible
amount of CO, (negl. CO,). In Figure 5, the time-dependent
peak areas of LiOH and Li,CO, from Raman spectroscopy are
given for m-LLZTO in the different process atmospheres.

In a synthetic air (N,/O, mixture) atmosphere, only slight
changes in the LiOH and Li,CO; signal are observed. At t = 0
h, the LiOH signal is above zero, which we attribute to
unavoidable brief exposure to ambient air during sample
transfer after the milling process (Figure SA). It slowly
diminishes over time, while the Li,CO; signal slightly
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increases. Therefore, we assume that the CO, traces in
synthetic air (< 0.1 ppm-mol) are sufficient to cause a reaction
from LiOH (present at the beginning) to Li,CO;. Such high
sensitivity toward CO, (and H,0) is in accordance with other
reports in which the authors examined the surface species on
LLZO pellets in a glove box atmosphere, also revealing
hydration and carbonation products.ﬁ’m The LLZTO remains
unaffected, as shown by negligible lattice expansion in XRD
(Figure S5).

In comparison, the reaction proceeds much faster in dry air
(CO, amount equal to ambient air: 400 ppm mol) due to the
larger content of the reactant CO, (Figure SB). As known
from the literature, the reaction from LiOH to Li,COj is
thermodynamically highly favored,” which confirms that it is
not the rate-limiting step of the overall degradation
mechanism. Another possible reaction pathway contrarily
discussed in other studies'®'****! is the direct carbonation
of LLZO via eq 9:

Li;LaZ,0; () + xCOy

— Li772xLa3Zr20117x (5) + xL11CO3 (5) (9)

This reaction includes only a single step, and the final
product is a non-protonated LLZQ in contrast to the two-step
mechanism in egs 3 and 4. As the Li,COj signal saturates after
the LiOH present at the beginning has converted, we
hypothesize that the direct carbonation of LLZTO does not
take place. Hence, the protonation of LLZTO and the resulting
formation of the intermediate LiOH is an essential step of the
degradation mechanism. This is in agreement with the work by
Sharafi et al'® and Xia et al,'* who both demonstrated
experimentally and theoretically that the direct carbonation in
eq 9 is thermodynamically unfavored, i.e., endergonic, while
both the protonation of LLZO in eq 3 and the following
reaction from LiOH to Li,CO; in eq 4 are exergonic. However,
the authors did not specify the exact CO, content of dry air
used in their studies.

In humid air (40—45% RH, Figure 5C), only the hydration
reaction via eq 3 occurs, ie., the LiOH signal increases and
stays constant as soon as the surface is saturated, furthermore
proving that the reaction is diffusion-controlled by H,O
diffusion through the LiOH layer. The results were all
confirmed by determination of the absolute carbon and
water content after 32 h compared with the results in ambient
air (Tables S2 and S3).

Owerall, the hydration of LLZO is the prerequisite step for
its degradation and should therefore be avoided when handling
LLZO. Synthetic air or dry air containing CO, (in an amount
equal to ambient air) are preferred. The systematic variation of
the process atmosphere provides useful information for work
environments like dry rooms and their specifications.

4, CONCLUSIONS

In this study, the degradation mechanism of LLZTO powders
under ambient air was investigated in a time-resolved manner.
The kinetics of hydration and carbonation are unraveled in
detail for three different particle sizes ranging from fine (f-; 0.4
pm) to mid-range (m-; 0.8 ym) and coarse LLZTO particles
(c; S pm). Regarding hydration, the kinetics was found to
follow the Avrami model examined by lattice expansion of the
LLZTO crystal upon Li'/H" exchange. The reaction rate is
limited by the diffusion of water through the developing LiOH

hittps://doi.org/10.1021/acs jpec.3c01027
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layer. The corresponding rate constants increase linearly with
the surface area of the particles. Raman spectroscopy was
chosen as a useful technique to analyze both hydration and
carbonation by monitoring LiOH and Li,CO; bands over time.
It could be demonstrated that the degradation mechanism is a
two-step consecutive reaction pathway with the hydration as a
prerequisite intermediate step. Degradation kinetics is in
accordance with the core shrinking model and is faster with
a larger specific surface area, which is in agreement with the
results of powder morphology investigations, which revealed a
faster Li,COj; evolution for f-LLZTO than for m-LLZTO and
¢-LLZTO. The reaction mechanism was further elucidated by
systematic variation of the process atmosphere from (i)
ambient air to (ii) synthetic air (N,/O, mixture, negligible
amounts of H,0 and CO,), (iii) dry air (containing CO, in an
amount equal to ambient air, negligible amount of H,0), and
(iv) humid synthetic air (containing defined amount of H,0,
negligible amount of CO,). Indeed, the direct carbonation of
LLZTO is excluded, making an important contribution to
handling conditions of LLZTO powders. Overall, this work
clarifies the degradation mechanism and kinetics of LLZTO
and provides crucial information on the processability of
LLZTO powders with different particle sizes, facilitating its
practical application in SSBs.
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3.2 Publication 2: “Amorphous phase induced lithium dendrite
suppression in glass-ceramic garnet-type solid electrolyte”

Publication 2 of this thesis covers the application of glass-ceramic LLZO as sintered SE. The
influence of the intrinsically contained amorphous phase on the sintering process and the
electrochemical performance was studied. In addition, the formation and propagation of lithium
dendrites at the LLZO/lithium interface were studied in detail and data were correlated with the
microstructure of the sintered bodies. A LLZO variant with a high volume fraction of amorphous
phase (4 wt%) was used and compared to LLZO with a low volume fraction of amorphous phase

(0.1 wt%), similar to that investigated in publication 1.

Regarding the sintering process, the amorphous phase was identified as intrinsic sintering aid
promoting liquid phase sintering. Therefore, both sintering time and sintering temperature were
effectively reduced compared with conventional synthesis routes. Moreover, the amorphous phase
was found to have an effect on the microstructure of the sintered body by segregating into the grain
boundaries and open pores. This highly decreased the susceptibility to dendrite propagation
expressed by a high critical current density > 1 mA cm=. Moreover, in situ lithium plating
measurements confirmed the superior dendrite stability by suppressed crack formation upon lithium
plating.

In conclusion, this work gives insights into the unique properties of the novel glass-ceramic LLZO
variant. In addition to the industrially scalable manufacturing and favorable sintering conditions, the
superior dendrite stability makes it a promising candidate for future SSB applications.

The concept of this study was developed by the first author together with J. Schuhmacher and A.
Roters. C. Loho performed and assisted the SEM/EDX and ToF-SIMS analysis at the SCHOTT AG.
T. Fuchs and the first author carried out the in situ SEM experiments at the University of Giessen.
The other experiments were performed by the first author, partially in cooperation with the analytics
division of the SCHOTT AG. Data were analyzed by the first author and discussed with the input of
J. Schuhmacher, S. Leukel, F. H. Richter and J. Janek. The first author wrote the manuscript that was

edited by seven co-authors.

The manuscript has been accepted for publication in ACS Applied Materials Interfaces 2023, DOI:
https://doi.org/10.1021/acsami.3c01667.
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ABSTRACT: Lithium metal-based solid-state batteries (SSBs) have attracted much attention due to their potentially higher energy
densities and improved safety compared with lithium-ion batteries. One of the most promising solid electrolytes, garnet-type
Li;La;Zr,0,, (LLZO), has been investigated intensively in recent years. It enables the use of a lithium metal anode, but its
application is still challenging because of lithium dendrites that grow at voids, cracks, and grain boundaries of sintered bodies during
cycling of the battery cell. In this work, glass-ceramic Ta-doped LLZO produced in a unique melting process was investigated. Upon
cooling, an amorphous phase is generated intrinsically, whose composition and fraction are adjusted during the process. Herein, it
was set to about 4 wt % containing Li,O and a Li,O—SiO, phase. During sintering, it was shown to segregate into the grain
boundaries and decrease porosity via liquid phase sintering. Sintering temperature and sintering time were found to be reduced
compared with the LLZO fabricated by a solid-state reaction while maintaining high density and ionic conductivity. The glass-
ceramic sintered at 1130 °C for 0.5 h showed a room-temperature ionic conductivity of 0.64 mS cm™. Most importantly, the evenly
distributed amorphous phase along the grain boundaries effectively hinders lithium dendrite growth. Besides mechanically blocking
pores and voids, it helps to prevent inhomogeneous distribution of current density. The critical current density (CCD) of the Lil
LLZTOILi symmetric cell was determined as 1.1S mA cm™% and in situ lithium plating experiments in a scanning electron
microscope revealed superior dendrite stability properties. Therefore, this work provides a promising strategy to prepare a dense and
dendrite-suppressing solid electrolyte for future implementation in SSBs.

KEYWORDS: solid electrolyte, solid-state battery, LLZO, glass-ceramics, sintering aid, lithium metal anode, lithium dendrite

1. INTRODUCTION candidate to overcome the challenges of the safety issue and
the limitation of the energy density of lithium-ion batteries."””

Among various SEs, the ceramic garnet-type Li;La;Zr,0,
(LLZO) in its cubic modification is one of the most promising
candidates because of its high room-temperature ionic
conductivity, chemical stability against lithium metal, and

Solid-state batteries (SSBs) are considered to be the potential
next-generation lithium batteries to advance the progress of
vehicle electrification. Conventional flammable liquid electro-
lytes are replaced in these batteries by solid electrolytes (SEs)
that have excellent thermal stability. Furthermore, solid
materials are mechanically stable intrinsically and have the
ability to suppress the growth of lithium dendrites, which are Received:  February §, 2023
detrimental for battery operation as they lead to internal short Accepted: - May 21, 2023
circuit. Most importantly, SEs enable the use of a lithium metal

anode with the highest theoretical specific capacity of all

anodes (3860 mA h g™'), provided that they are electrochemi-

cally stable against lithium metal. Thus, SSBs are a likely
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wide electrochemical window plus the comprehensive proper-
ties named above.™* In principle, LLZO can be applied as a SE
in different concepts, e.g., by incorporation of LLZO particles
into a lithium-ion conductive polymer matrix (hybrid electro-
l)rte"') or by sintering to dense ceramics, which results in a
completely inorganic SE, the latter being the focus of this
study. However, for sintered SEs, there are still major obstacles
to overcome for their large-scale application. Most importantly,
stable lithium cycling at relevant current densities remains
challenging because of lithium dendrite growth, leading to a
short circuit of the cell. One of the manifold reasons is the
poor contact at LilLLZO interfaces caused by surface
impurities, voids, or defects at the interface, leading to uneven
deposition of lithium by current focusing, which ultimately
accelerates lithium dendrite growth.*” Void formation is also
promoted by continuous lithium stripping because of the
limited self-diffusion coefhicient of lithium metal, i.e., the flux of
Li* away from the interface exceeds the flux of Li’ to the
interface.”™"" Strategies to suppress interfacial issues include
surface cleaning approaches,'” lithiophilic coating layers,* ™"
alloy layers,"™"” and high stack pressures, as well as elevated
temperatures to increase the lithium self-diffusion coeffi-
cient.*'” Even though these approaches can effectively reduce
interfacial impedance, the issue of lithium dendrite growth at
moderate current densities remains.

In fact, the density and the intrinsic microstructure of LLZO
are crucial for the ability to suppress dendrite formation.
Lithium dendrites preferably grow along grain boundaries in
polycrystalline LLZO, revealing dendritic and whisker growth,
as shown by several in situ and ex situ techniques.'" " The
high local ionic resistivity at grain junctions and the lower
shear modulus, i.e.,, softening in elastic properties, of the grain
boundary are discussed as possible reasons.*""** Furthermore,
interconnected pores and preexisting cracks in the micro-
structure facilitate lithium dendrite formation. Once a crack is
penetrated by lithium metal, it promotes further lithium
insertion by pressure-driven crack-propagation, which has been
modeled by an electro-chemo-mechanical approach.”*™**

Therefore, the development of dense LLZO with superior
grain boundary strength and low porosity is crucial for lithium
dendrite suppression. The production of dense LLZO is
demanding and cost-intensive, especially via a conventional
solid-state reaction and subsequent sintering. It requires high
sintering temperatures (up to 1200—1300 °C) and long
sintering times (about 12 h), leading to severe lithium loss at
such high temperatures and the risk of mismatch of
stoichiometry.”**’ Strategies for reducing sintering temper-
ature and time while achieving high density include hot press
sintering,” ultrafast high-temperature sintering (UHS),” and
field-assisted sintering technique (FAST) also known as spark
plasma sintering (SPS).”"*" Although the obtained electrolytes
can reach high relative densities up to 97% and even a high
critical current density (CCD) of 3.2 mA ¢cm™ in cycling
experiments for the UHS method, these methods require
sophisticated setups and are not feasible for large-scale
application.

Another strategy is the use of the liquid phase sintering
method, in which a sintering additive with a lower melting
point than the ceramic is added to the starting powder. During
the actual sintering step, the liquid phase already formed
before tends to wet the surfaces of the ceramic grains, and as a
result, it fills the grain boundaries and thus leads to improved
densification. As sintering additives, mostly lithium compounds

like Li,0,”* LiOH,” Li,PO,*" Li;BO,*** LiAlO, (by an
uncontrolled reaction of excess Li,CO; with an AlLO;
crucible” or by atomic layer deposition coating of ALO,™),
and lithium-containing glass systems (e.g,, Li,0—B,0,—8i0,"
and 3Li,0—2Ge0,"") have been investigated. Even though the
sintering temperature can effectively be reduced to around
1000 °C by these methods, the sintering time is still long (10 h
up to 36 h**7*"), and, if measured, CCD values are relatively
low (0.3 to 0.6 mA em™**%4) “indicating poor lithium
dendrite suppression.

In this work, we used Ta-doped LLZO with an (X-ray)
amorphous phase to improve the microstructure quality and
lithium dendrite stability of the sintered bodies. LLZTO is
produced by a unique melting route of the SCHOTT AG"
that intrinsically leads to the presence of an amorphous phase,
whose fraction can be tuned during the process. Throughout
this study, we compare LLZTO having a high fraction of
amorphous phase with LLZTO that has a negligible fraction of
amorphous phase. We examined the effect of the amorphous
phase on the densification behavior via liquid phase sintering
by varying the sintering temperature and sintering time
systematically. Electrochemical properties, ie., the ionic
conductivity, were measured by electrochemical impedance
spectroscopy (EIS) and linked with density and micro-
structure. Last, we investigated the dendrite stability and
growth mechanisms by measuring the CCD with galvanostatic
cycling tests and in situ lithium plating experiments. This study
enables the correlation of microstructures with the capability
for dendrite suppression, making a fundamental contribution
to the development of next-generation solid-state lithium
batteries.

2. EXPERIMENTAL SECTION

2.1. Material Synthesis. Garnet-type Ta-doped LLZO was
manufactured via a unique and industrially scalable melting route at
SCHOTT AG. The metal oxide raw materials were melted in an
inductively heated skull crucible implemented by a radio frequency
induction coil. After homogenization of the melt, samples were taken
from the crucible to realize fast cooling. Further details can be found
in ref 41. Besides the highly lithium-ion conductive cubic phase, the
powders include an amorphous phase whose fraction and composition
can be adjusted during the processing route. Powders were milled,
and the median particle size D;, was measured by static light
scattering (CILAS 1064). The powders were analyzed by chemical
analysis; fractions of ZrQ,, La,05, and Ta,O; were analyzed by X-ray
fluorescence spectroscopy (RFA), Li,O by atomic absorption
spectroscopy (AAS), and SiO, by inductively coupled plasma optical
emission spectroscopy (ICP-OES). The fraction of amorphous phase,
i.e, lithium excess, was calculated by subtracting the ideal
stoichiometry of LLZTO, assuming that the elements Zr, Ta, and
La fully contribute to the crystalline phase. The amorphous phase
reduces the skeleton density p compared with a pure crystalline
material. Densities p of the powders were calculated based on the
density py as determined from the XRD lattice parameter, the
estimated density of the amorphous phase (p,,, ~ 2 g cm™), and the
corresponding fractions of the crystalline and amorphous phase in vol

VOLR oyt Py

£= 100 (1)

Here, two types of LLZTO were chosen, one with negligible
fraction of amorphous phase (low-am) and one with a high fraction of
amorphous phase (high-am). The latter additionally contains the
glass-forming agent SiO,. The exact compositions, particle sizes, and
densities are given in Table 1.

+ vol%,

am. P,
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Table 1. Composition, D, Values of Particle Size
Distribution, and Bulk Densities p of the Initial LLZTO
Powders Having Low and High Amorphous Phase Mass
Fractions (low-am and high-am, Respectively)

amorphous phase Dgg
Si0, (wt %) (um)

sample (wt %) p(gem™)
low-am 0.1 0.02 0.8 5.37
high-am 4.4 0.7 1.0 5.04

Prior to sintering, the powders were cold-pressed at 382 MPa into a
green pellet with 10 mm diameter using a stainless-steel die. The
relative green density (RD) was calculated by dividing the measured
geometric density of the pellet by the skeleton density of the
corresponding powder. All green pellets had a RD in the range from
59 to 63%. Green pellets were sintered in a tube furnace under an O,
flow in ZrO, crucibles covered in mother powder to prevent lithium
loss. Sintering temperatures were varied from 930 and 1030 °C to
1130 °C for a constant sintering time of 0.5 h. The sintering time was
also varied from 0.5, 2, and 6 to 14.5 h at a constant sintering
temperature of 1130 °C. Typical dimensions of the pellets were about
1 mm thickness and 8.4 mm in diameter, which were used for RD
calculation along with the mass and skeleton density, giving RDs >
90% + 2%. For electrochemical characterization, the pellets were
polished using #600 SiC sandpaper in an argon-filled glovebox
(MBraun) with O, and H,O contents <1 ppm. For scanning electron
microscopy (SEM), energy-dispersive X-ray spectroscopy (EDX), and
time-of-flight secondary ion mass spectrometry (ToF-SIMS), addi-
tional polishing steps with #1200, #2500, and #4000 SiC sandpaper
were carried out.

2.2. Material Characterization. X-ray diffraction patterns
(XRD) were collected using a PANalytical X'Pert PRO MPD
(Malvern Panalytical) from 5° < 26 < 707 in increments of 0.013°
using CuKa radiation operating at 45 kV and 40 mA. To ensure
diffraction from multiple grains, samples were spun during XRD. For
qualitative analysis, the software HighScore Plus (Malvern Panalyt-
ical) was used and reference crystallographic information files were
used from Crystallography Open Database (COD) (cubic LLZTO:
COD #1545083). Rietveld refinement was performed for determi-
nation of the lattice parameter and calculation of the density (see eq
1).

Differential scanning calorimetry (DSC) was performed with a
DSC 404F1 Pegasus (NETZSCH) in Pt-Rh crucibles from 23 to 1150
°C at a heating rate of S K- min™". Ar was chosen as a processing gas to
prevent side reactions. Heating microscopy (EM301, Hesse Instru-
ments) was run with a heating rate of 20 K min~" up to 550 °C and 5
K min~' up to max. 1300 °C. The software EMIII (Hesse
Instruments) was used for analysis of the geometric area of the
pellet. Before the measurement, powders were pressed into green
pellets (diameter S mm, 700 MPa).

Scanning electron microscopy (SEM) was performed on the
polished surfaces of LLZTO pellets as well as on pristine cross
sections that have been manually fractured using a carbide glass
cutter. A ZEISS LEQ1550 equipped with a field emission gun (FEG)
was used to capture the SEM images with a secondary electron
detector operated at 10 and 20 keV accelerating voltages.

Energy-dispersive X-ray spectroscopy (EDX) was carried out on a
ZEISS NEON40 FEG-SEM equipped with an Oxford Instruments
EDX System in mapping mode. EDX maps were taken at 5 keV
accelerating voltage with a magnification of about 2000, resulting in a
field of view of about 160 gm X 120 gm. The samples for EDX
mapping have been transferred to the SEM directly after completion
of ToF-SIMS analyses. The EDX maps were collected at the same
position on the LLZTO surface at which preceding ToF-SIMS maps
were collected to ensure complementary analyses of the same grains.

Time-of-Flight Secondary ion mass spectrometry (ToF-SIMS) was
performed on a TOF.SIMS 4 instrument (ION-TOF GmbH) with a
non-linear time-of-flight analyzer under the following conditions: The
primary ion source was a liquid metal ion gun with Ga®, and the
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primary ion energy was 25 keV. The primary ion mode was “burst
alignment” with lateral resolution of approximately 500 nm, and the
image raster was 256 pixel X 256 pixel. Charge compensation was
achieved by an electron flood gun, and surface cleaning was done by
ion sputtering with Ca* for negative polarity and O," for positive
polarity. Data were processed with the software SurfaceLab 7. Please
note that combined EDX and ToF-SIMS analyses for the high-am
sample were conducted on a high-am sample that was manufactured
from a high-am powder with a larger initial particle size (5 ym). This
is because the grain boundary domains are larger in this case, showing
an improved recognizability with higher resolvability compared with
those of the high-am sample manufactured from the 1 gm powder.
Electrochemical impedance spectroscopy (EIS) was performed
with an Alpha A-High Analyzer (Novocontrol) on the sintered
LLZTO pellets. Beforehand, gold electrodes with a diameter of 6.5
mm were sputter-coated on both sides of each pellet using a sputter
coater (EM SDCO050, Leica). EIS was carried out either at 25 °C for
room-temperature conductivity or at —40 to 80 °C (heating rate: 1 K
min~") for temperature-dependent measurements in the frequency
range from 20 MHz to 100 mHz with a 20 mV perturbation
amplitude. EIS data were fitted with Z-View software using equivalent
circuits with impedance (R) and capacitance elements (constant
phase element (CPE)) for each bulk and grain boundary process. The
thickness d of each pellet and electrode area A together with total
impedance R, were used for calculation of total ionic conductivity

1d
o= ——
R, A (2)
Measurements were at least triplicated, giving an experimental error
< 10%. The contribution of the grain boundary resistance to the total
conductivity was calculated by dividing the grain boundary resistance
Ry, by the total resistance R, Activation energies were calculated
according to the Arrhenius equation:

oT = o { L ]
0 €XP) kpT )
Galvanostatic cycling tests with step-up current densities were
carried out to determine the critical current density (CCD) using
lithium symmetric cells. Prior to assembly, polished LLZTO pellets
were cleaned with lithium foil (Goodfellow, 99.9%) by multiple
contacting and removing steps and subsequently heated to 180 °C on
a heating plate inside an Ar-filled glovebox (MBraun, p(H,0)/p and
p(0,)/p < 1 ppm). Fresh lithium foil was prepared by cutting off a
piece from a lithium rod (Sigma-Aldrich, 99.9%) using a ceramic knife
and pressing it with a self-built hand press to a thickness of about 50—
100 pm. Lithium electrodes with a diameter of 6 mm were punched
out and applied on the pellets by the help of a soldering iron at a
temperature of about 190 °C. Copper foil was used as a current
collector. EIS was measured at 25 °C to determine the interface
resistance Ry, between LLZO and lithium by normalizing the EIS
spectra to the contact area (0.28 cm?). For all cells, R, was in the
range from 20 to 30  cm” For galvanostatic cycling, the cells were
transferred into CompreCells (rhd instruments) with tungsten
carbide electrodes suitable for the uniaxial laboratory press
CompreDrive (rhd instruments) with a high-resolution servo drive
for active pressure regulation. The applied pressure was 11 MPa, and
the temperature was set at 60 °C with the built-in temperature
control. Current densities between 0.05 and 2 mA cm™> with an
increment of 0.05 mA cm™ and a constant temperature of 60 °C were
chosen. One cycle per current density was performed with a half cycle
time of 30 min (60 min in total per cycle). Cycling was continued
until a sudden drop in polarization voltage occurred, indicating short-
circuiting of the cell. In sifu potentiostatic plating experiments were
carried out according to Krauskopf et al.'* A lithium electrode was
applied on only one side of the pellet following the procedure above.
It inherently acts as counter and reference electrodes. Pellets were
manually fractured by using a carbide glass cutter into two
semicircular pieces. One of those pieces was then transferred into
the micromanipulator setup (Kammrath & Weiss GmbH) using a
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Figure 1. Characterization of the initial LLZTO powders having low and high amorphous phase mass fractions (low-am and high-am, respectively):
(A) XRD patterns and the reference reflections of cubic LLZTO. (B) DSC analysis and indication of specific temperatures. (C) Shrinkage of green

pellet area as a function of temperature measured by heating microscopy.

tungsten needle as a microelectrode inside the SEM chamber (Carl
Zeiss Ultrafield emission SEM, Merlin). The microelectrode, which
acts as a working electrode, was contacted with the cross-sectional
surface of the pellet piece. An SP-200 potentiostat (Bio-Logic) with
an implemented impedance analyzer was used to apply step potentials
from —0.1 V up to —1.5 V with 0.1 V increments and a duration of 30
s per step. Resulting current was recorded as a function of time.

3. RESULTS AND DISCUSSION

3.1. Powder Characterization. The garnet-type solid
electrolyte LLZTO was synthesized via a unique melting route
at the SCHOTT AG,"" in which an additional amorphous
phase comprising Li,O was formed. Additionally, the glass-
forming agent SiO, was included into the amorphous phase as
it is well-known to form amor})hous lithium silicate together
with Li,O upon fast cooling.™ It is expected to act as a
sintering agent, as shown before for crystalline Li,SiO,,"" as
well as to increase the dendrite suppression ability of LLZTO
due to its glassy properties. Two distinct initial powders having
a low and high mass fraction of amorphous phase (denoted by
“low-am” and “high-am”) were compared in this study. The
calculation of the amorphous phase fraction is based on the
Li,O excess used during the process (see the Experimental
Section). The compositions in Table 1 indicate a difference in
amorphous phase fraction by a factor of about 40 (0.1 wt % for
low-am compared with the 4.4 wt % for high-am). The SiO,
content in the high-am sample is 0.7 wt % and almost
negligible for low-am (decrease by a factor of about 35). The
bulk densities decrease according to the fraction of the

amorphous phase as the latter has a lower density than
LLZTO. The particle size distributions of the powder samples
are monomodal in both cases and exhibit Dy, values of about 1
um (Figure S1).

The XRD diffraction patterns of the initial powders are
shown in Figure 1A. The reflections of both powders match
well with the diffraction pattern of cubic LLZTO. The patterns
do not display reflections related to impurities such as
La,Zr,0, that often arise due to lithium loss.*> Thus, the
melting process and subsequent milling is robust against the
formation of secondary phases and changes in crystal structure.
Furthermore, the abovementioned additional phase that forms
during the melting process does not show any reflections in the
XRD patterns and hence is X-ray amorphous. We therefore
simply denote it as “amorphous phase” from now on.

To investigate the sintering of the two types of samples,
thermal analyses, i.e,, DSC and heating microscopy measure-
ments, were conducted. DSC curves up to a temperature of
1150 °C are shown in Figure 1B. In both cases, an
endothermic peak appears at about 250 °C that can be
ascribed to the evaporation of adsorbed H,O. The reason for
this is that sample preparation for DSC cannot be done under
an inert atmosphere. Consequently, LLZTO readily reacts with
moisture and CO, in air to form LiOH and Li,COj as reaction
products.*® This can be verified by the two endothermic peaks
detectable at 410 °C (melting of LIOH") and at 690 °C
(melting of Li,CO;**). Because of the higher amorphous phase
fraction, ie., Li,O excess, the peaks are more pronounced for
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the high-am sample. The three endothermic peaks in the high-
temperature range (>900 °C) are not expected for pure
crystalline LLZTO and therefore can be attributed to the
amorphous phase. Regarding the first peak at 995 °C, we
believe that it is due to a Li,0—SiO, phase. According to the
Li,0-8i0, phase diagram, the peak can be assigned to the
eutectic temperature of a Li,SiO, phase.’w It is only present in
the case of high-am, which is consistent with the composition
of high-am, i.e., a 40-fold higher fraction of amorphous phase
and 35-fold higher content of SiO, compared with low-am (see
Table 1). Regarding the two endothermic peaks at 1090 and
1110 °C, we assume that these are due to excess Li,O that can
form a Li,0O—ZrO, phase, ie., LigZrOg that has a eutectic
point at that temperature range.”’ For high-am, the peak at
1090 °C is much more pronounced than the peak at 1110 °C.
A possible reason is that it rather forms a ternary Li,O—ZrO,—
Si0, system instead of a binary Li,O—Z2rO, system due to the
presence of Si0, in the high-am sample. For low-am, only the
peak at 1110 °C is observed. It has lower intensity compared
with high-am, which is in agreement with the distinct fraction
of amorphous phase in the two types of samples. To the best of
our knowledge, such a high temperature range of the DSC
measurement has not been reported for LLZO in the literature
before.

The endothermic peak of the eutectic Li,O—SiO, phase (at
995 °C) together with the strong endothermic peak of the
Li,O—Zr0, phase (at 1090 °C and 1110 °C) influences the
sintering of high-am compared with low-am, as shown by
heating microscopy measurements. The shrinkage in the high
temperature range, represented by the onset of densification
during the sintering process, is given in Figure 1C. It reveals a
shrinkage onset of high-am at about 950 °C compared with
1100 °C in the case of low-am. These onset temperatures
directly correlate with the DSC measurements. The
liquefaction of the amorphous phase promotes densification
at lower temperatures via liquid phase sintering. It thereby
gradually spreads, wets the surfaces of LLZO grains, and fills
grain boundaries and voids.

3.2. Microstructure. To study the influence of the
amorphous phase on the microstructure, we systematically
varied the sintering temperature and sintering time. Besides the
microstructure, the sintered bodies were also analyzed with
respect to inhomogeneities correlating to different structural
features that are observable within the microstructural
investigations. Regarding the sintering temperature variation,
Figure S2 shows the XRD patterns of the pellets sintered for
0.5 h at different temperatures ranging from 930 °C, over 1030
°C, to 1130 °C. For both low-am and high-am, they indicate
the crystal structure of cubic LLZTO without any crystalline
impurity phases. This shows that the sintering process is stable
over a wide temperature range and robust against phase
changes, e.g,, due to lithium loss.

The microstructure and morphology of the sintered samples
investigated by SEM are presented in Figure 2A,B. At 930 °C,
both low-am and high-am show insufficient densification. The
initial particles are still apparent, showing no recognizable
merging. This is in agreement with the results of the DSC and
heating microscopy, indicating the absence of densification
below 995 °C. At 1030 °C, coalesced particle networks occur
noticeably for high-am compared with low-am, indicating an
advanced sintering stage (see the inset). The sintering
temperature exceeds the first DSC melting peak of high-am,
and densification is promoted. This is also in agreement with
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low-am

Figure 2. SEM images of pristine (i.e., nonpolished) cross sections of
the samples having (A) low and (B) high amorphous phase mass
fractions (low-am and high-am, respectively) synthesized at different
sintering temperatures of 930, 1030, and 1130 °C at a constant
sintering time of 0.5 h.

the result of heating microscopy. When increasing the sintering
temperature to 1130 °C, low-am is reasonably dense, revealing
large grains of about 40—50 ym size among coalesced particles,
but some porosity remains. For high-am, grains of similar size
are visible, but the particles in between seem not to be
coalesced, suspecting open porosity at first glance. Another
interpretation is that the particles are surrounded by a second
phase that is darker in appearance, presumably the amorphous
phase connecting the grains, caused by the proposed liquid
phase sintering mechanism.

To test such hypothesis, the darker second phase in between
the grains was examined by SEM/EDX elemental maps with
complementary ToF-SIMS maps of the sample with a high
amorphous phase mass fraction (Figure 3). To ensure the
same positions in both analyses, a SiC particle stemming from
sandpaper polishing was used as a marker (Figure S3).

The EDX maps show that the grains around the white circles
consist of the four elements O, Zr, La, and Ta, confirming that

o, Ly 100
Ta Ma1 Si0,"

Figure 3. (A) Top-view SEM image and corresponding EDX
elemental maps of the LLZTO sample having a high fraction of
amorphous phase (high-am) sintered at a sintering temperature of
1130 °C for 0.5 h. (B) ToF-SIMS analysis at the same position and
corresponding selected negative secondary ion maps. The second
phase in between the grains is marked with white circles. A SiC
particle was used as a marker (for related EDX and ToF-SIMS maps,
see Figure $3). The Ta signal of EDX is increased for the SiC particle
because of an overlap of the Ta Mal and Si Kal line at an
acceleration voltage of 5 keV.
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they are LLZTO. The darker second phase marked by the
white circles is rich in O, revealing that the supposed porosity
is indeed filled by a second phase. It does not contain Zr, La,
and Ta, indicating that it has a different chemical composition.
As lithium cannot be detected by EDX due to its light mass,
ToF-SIMS analysis was performed as a complementary
method to also map the lithium distribution in the pellet. In
Figure 3B, the LiO~ secondary ion map clearly shows an
increased signal at the positions of the second phase in
between the grains compared with the surrounding grains that
are composed of LLZTO. The ZrO™ and LaO™ maps do not
show any signal at these positions, which is in agreement with
the EDX results. Furthermore, the SiO,” map mostly overlaps
with the lithium-rich second phase observed in the LiO™ map.
Therefore, we conclude that the supposed porosity is filled by a
second phase in between the grains, that is, the amorphous
phase mainly composed of Li,O as well as a Li,0—S5iO, phase,
e.g, Li,SiO,. This confirms that the proposed process of liquid
phase sintering takes place, which induces spreading of the
amorphous phase due to liquefaction as well as filling of the
grain boundaries and voids. This is in accordance with the
results of the DSC, which has shown that high-am has much
more intense endothermic peaks at 1090 and 1110 °C,
respectively. To check for a part or even full loss of the
amorphous phase during sintering, the chemical composition
of the sintered pellets was analyzed (Table S1). The fraction of
the amorphous phase only slightly decreased compared with
the initial powder, confirming that such a phase is still present
in the sintered pellet.

As a comparison, the microstructure of low-am was also
investigated by EDX spectroscopy and ToF-SIMS (Figure S4).
The EDX spectroscopy maps do not display any features in any
of the elemental maps. Since the darker phase in between the
grains is much narrower compared with that of high-am, EDX
spectroscopy could not resolve these regions. Regarding ToF-
SIMS, the LiO~ map does also not show any signal
amplifications at the darker positions in between the grains.
This indicates that there is zero or very little volume of
amorphous phase in between the grains, i.e., there is porosity.
We believe that the amorphous phase mass fraction of low-am
is that small that it only coats the grains instead of forming a
distinct phase in between the grains, which is the case for high-
am. This confirms our assumption, stated above in the
discussion of SEM results, that low-am has some porosity,
whereas the supposed porosity of high-am is filled with the
amorphous phase. A schematic representation of amorphous
phase distribution will be discussed in Section 3.5.

Such segregation of sintering aids in the grain boundaries
has been observed for liquid ?hase sintering before, e.g., for
Li,0,” LiOH,”" and Li,CO;,"" and were identified to form a
glassy-like phase in the grain boundaries. However, this is
because of the formation of a Li—Al—O phase due to an
uncontrolled reaction with the aluminum crucible. In the
experimental work related to this paper, ZrO, crucibles were
used to suppress such side reactions. SiO, as a sintering
additive revealed formation of Li,SiO,, which segregated into
the grain boundaries as well, and was identified to be mostly
crystalline.”

Considering the results from sintering temperature variation,
a sintering temperature of 1130 °C gives the optimal
densification and was chosen to be kept constant for the
variation of sintering time. XRD analysis shows that all of the
sintered pellets of low-am and high-am with varying sintering

times of 2, 6, and 14.5 h contain only the cubic LLZTO phase
(Figure SS). Thus, phase changes due to prolonged sintering
do not occur.

The SEM images of the microstructure are given in Figure 4.
Compared with the samples sintered for 0.5 h in Figure 2,

Figure 4. SEM images of pristine (i.e,, nonpolished) cross sections of
the samples having (A) low and (B) high amorphous phase mass
fractions (low-am and high-am, respectively) synthesized at a constant
sintering temperature of 1130 °C for different sintering times of 2, 6,
and 14.5 h.

grain growth is strongly promoted for low-am with longer
sintering times. At 14.5 h, different grains, ie., grain
boundaries, can no longer be localized and very little porosity
is visible. In contrast, high-am also shows grain growth for 2
and 6 h compared with 0.5 h, but it seems to stop at 6 h, as no
further grain growth is observed at 14.5 h. The darker
amorphous phase in the grain boundaries is still present at
longer sintering times. However, since large grains are growing,
the amorphous phase seems to accumulate in the grain
boundaries and is confined to a smaller area. Such
redistribution supports a liquid phase sintering mechanism.
Chemical analysis of high-am sintered at 14.5 h reveals that the
amorphous phase mass fraction has decreased by about 50%,
compared with the high-am sintered for 0.5 h, due to Li,O
evaporation and/or leaking of the amorphous phase during the
long sintering time. However, it is still significantly higher than
that for low-am (Table S1).

3.3. lonic Conductivity. Figure 5 summarizes the results
of ionic conductivity measurements of the pellets prepared at
varying sintering temperatures and using different sintering
times. Impedance was extracted from corresponding Nyquist
plots to calculate the ionic conductivity. An exemplary Nyquist
plot at room temperature is shown in Figure SC for high-am
sintered at 1030 and 1130 °C. Two semicircles in the high
frequency range are visible, which can be attributed to bulk (b)
and grain boundary (gb) processes. The spike in the low
frequency range is due to the use of blocking electrodes. Data
were fitted with the specified equivalent circuit using parallel
R-CPE elements for bulk and grain boundaries. While the
impedance for the bulk processes is similar, the grain boundary
impedance noticeably differs. These impedance contributions
were used to calculate the ratio y,, that is defined as the
quotient of Ry, divided by total R,. They are shown in Figure
SAB (low-am and high-am, respectively) along with total
conductivities 6, and relative densities RD of the samples
synthesized at varying sintering temperatures. Both samples
show a significant increase in o, and RD with decreasing yy,
ratio. At 930 °C, sintering is in the early stage for both samples,
which is indicated by a very low &, and high yp, ratio. From
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Figure 5. Total RT ionic conductivity o, relative density RD, and ratio of grain boundary resistance y,, as a function of sintering temperature T for
the samples having a (A) low and (B) high amorphous phase mass fraction (low-am and high-am, respectively) at a constant sintering time of 0.5 h.
(C) Exemplary RT Nyquist plot of high-am sintered at sintering temperatures of 1030 and 1130 °C for 0.5 h. Equivalent circuit used for fitting is
depicted. (D) Arrhenius plots of low-am and high-am of bulk (solid line) and grain boundary processes (dotted line) sintered at 1130 °C for 0.5 h.
Corresponding values as a function of sintering time are given in (E) for low-am and in (F) for high-am at a constant sintering time of 0.5 h.

1030 to 1130 °C, the increase in 6, of 60% for low-am is larger
than that for high-am with an increase of 45%. This is
consistent with the observed microstructures in Figure 2, in
which high-am shows a more advanced sintering stage already
at 1030 °C, compared with low-am due to liquid phase
sintering of the amorphous phase. The RD values further
confirm this observation, namely, 88% at 1030 °C for high-am
compared with 83% for low-am. At 1130 °C, the total ionic
conductivities are 0.97 mS cm™" for low-am and 0.64 mS cm™
for high-am at RD values of 92 and 93%, respectively. The
comparable RD values of low-am and high-am corroborate the
conclusions drawn from the EDX and ToF-SIMS results
(Figure 3) that the grain boundaries are filled with the
amorphous phase resulting in a dense glass-ceramic. Compared
with reference works, these are outstandingly high values
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considering that both the sintering temperature of 1130 °C
and especially the sintering time of 0.5 h have been massively
reduced in comparison to conventional LLZO synthesis routes
(ref 53 and ref. therein).

When comparing the ionic conductivity between the two
samples, high-am has a lower o, and higher y, ratio. This is
because the amorphous phase volume in the grain boundaries
is higher compared with low-am, as seen from the micro-
structure and its analysis. The grain boundary conductivity 6,
can also be calculated by taking into account the dimension of
its thickness according to the brick layer model (see Table S2).
Figure SD indicates that the oy, values for high-am and low-am
are similar (~0.02 mS cm™" at room temperature) as well as
the activation energies of the grain boundary process (~0.46
eV). This reveals that the nature of the grain boundaries
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(mainly Li,O and Li,O—SiO, for high-am) is nearly identical,
but the thickness, i.e., volume, of the amorphous phase differs,
which is in agreement with the microstructures. The observed
bulk activation energies are consistent with reference values.™

In Figure SE,F, the total RT ionic conductivities ¢, RD, and
Xeb ratio of the samples synthesized for varying sintering times
are given. For low-am, the steady increase in ¢, with increasing
sintering time is in agreement with the densification observed
by SEM. For 14.5 h, a o, of 1.27 mS ecm™" is reached. The
decreasing yg, ratio to almost zero also matches well with the
observation that grain boundaries almost disappear at 14.5 h.
RD values do not increase significantly with sintering time
(from 929 at 0.5 h to 94% at 14.5 h) revealing that even with a
short sintering time, a high RD can be reached. For high-am, 6,
increases with sintering time as well, but it reaches a plateau at
6 h with a o, of 0.83 mS cm™'. The Xgb Tatio moderately
decreases from about 14% (0.5 h) to 7% (14.5 h). This is due
to the continuous grain growth observed by SEM, which leads
to less contribution of the grain boundary impedance. RD
values only slightly decrease with varying sintering times (from
93% at 0.5 h to 89% at 14.5 h), reaching a plateau at 6 h. This
confirms that a high RD can be reached with a very short
sintering time.

3.4. Dendrite Stability. To study the influence of sintering
time on the critical current density (CCD) that is used as a
relative measure of dendrite stability, galvanostatic cycling
experiments were carried out for the samples sintered for
minimum and maximum sintering times (0.5 and 14.5 h). EIS
of the symmetric lithium transference cells was measured
before galvanostatic cycling. The Nyquist plots for low-am and
high-am, both sintered for 0.5 and 14.5 h, show two semicircles
that are assigned to bulk and interface impedance (Figure
S6A,B). The bulk resistances differ according to the micro-
structure properties as observed in Section 3.2. However, the
area specific resistance (ASR) for one LiILLZTO interface is in
the range of 20-30 Q cm® and similar for all SE}quJ]CS, which is
outstandingly low compared with other works.***” It is known
that the ASR has a great impact on galvanostatic cycling of
lithium and thus also on CCD values.”**® The resistance
mainly originates from insufficient contact between lithium
and LLZO, leading to constrictions in current distribution with
locally high effective current densities.”*”** Therefore, low
ASRs are favorable to reach maximum CCDs as shown by the
recent work by Flatscher et al, who have investigated the
influence of ASR on CCD without applying any external
pressure.”® ASRs observed in this work are well below 50 Q
cm?, providing excellent conditions for lithium cycling.
However, Flatscher et al. also found that, even with such a
low ASR, voids at the LILLZTO interface will form during
stripping when cycling at high current densities. This is due to
the limited self-diffusion coefficient of Li® (Li* flux > Li®
flux).*” Therefore, CCD tests are determined not only by the
material properties but also by the quality of the interface
contact. To solely probe the material’s ability to suppress
lithium dendrite formation, the CCD tests in this study were
carried out at an elevated temperature of 60 °C and an external
pressure of 11 MPa was applied to ensure stable lithium
cycling preferably without the influence of interfacial effects on
the dendrite suppression ability of the material.

In Figure 6A, the results from galvanostatic cycling with
step-up current densities of low-am and high-am sintered for
0.5 h are shown. Overall, ohmic behavior is observed for both
cells with only slight deviations, demonstrating morphologi-
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Figure 6. Galvanostatic cycling with increasing current density of the
samples having a low and a high amorphous phase mass fraction (low-
am and high-am, respectively) sintered for (A) 0.5 hand (B) 14.5hat
a pressure of 11 MPa and a temperature of 60 °C for comparison.

cally stable lithium stripping and plating. For low-am, a sudden
drop in the voltage is visible at a current density of 0.15 mA
cm™?, which directly indicates that a dendrite has formed,
short-circuiting the cell, ie., the CCD of the sample. In
contrast, high-am shows an approx. 8-fold higher CCD of 1.15
mA cm™ In comparison, the galvanostatic cycling results of
the samples sintered for 14.5 h are given in Figure 6B. Again,
high-am reveals a higher CCD of 0.45 mA cm™ compared
with the 0.2 mA cm™ for low-am (about a factor of 2). The
short circuit of the cells is confirmed by EIS measurements
after galvanostatic cycling (Figure S6C,D). These results show
that the microstructures containing the amorphous phase
effectively suppress dendrite growth, which results in higher
CCD values. Obviously, the CCD differences of high-am
between sintering times of 0.5 and 14.5 h are due to the
distinct microstructures that were discussed before. A detailed
discussion and possible explanations are given at the end of
this section.

To gain further insights into the beneficial effect of the
amorphous phase on dendrite stability, we conducted
potentiostatic plating experiments, in which lithium plating
can be observed in situ by SEM. Lithium electrodes are in situ
generated using tungsten micromanipulators, which are
deposited on a pristine LLZO cross section. By applying a
stepwise external overpotential at the microelectrode, lithium
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Figure 7. In situ potentiostatic lithium plating experiment on a microscopic working electrode for the samples having a low and a high amorphous
phase mass fraction (low-am and high-am, respectively) sintered for 0.5 h. The overpotential Eyy at the working electrode was stepwise increased
from —0.1 to —1.5 V (gray), and current profiles were collected for low-am (blue) and high-am (orange) as a function of time. The SEM images
taken at different time intervals are indicated in the current profiles: (A—C) for low-am and (D—F) for high-am. The arrows indicate cracks in the

pellet.

growth modes can be examined and information about
dendrite stability is provided. Experimental details of this
setup can be found in the work of Krauskopf et al.** Figure 7
shows the results for low-am and high-am sintered for 0.5 h
including the applied overpotential from —0.1 to —1.5 V and
the corresponding current profiles over time as well as selected
SEM images at different potentials.

First, we like to emphasize that the electric field at the
microelectrode with its radial distribution substantially differs
from the potential distribution at planar electrodes. However,
the experiment can simulate current focusing due to
constriction resistances at the LilLLZO interface. The applied
overpotentials are caused by the microelectrode (constriction)
geometry and do not correspond to a charge transfer
overpotential.

At the start of the experiment, the bare tungsten needle on
the LLZTO cross section is visible for both samples (Figure
7A,D) and thus, a negligible current is observed. The lithium
microelectrode is generated in situ by deposition of lithium
metal at potentials of —0.2 V for low-am and —0.6 V for high-
am, respectively. This can be seen in the videos recorded in situ
that are provided in the Supporting Information (Video S1 at 1
s for low-am and Video S2 at 8 s for high-am). The generation
of the lithium microelectrode is an important prerequisite for
the investigation of lithium plating mechanisms, but the onset
of lithium deposition itself does not correspond to the dendrite
suppression ability of the two materials. The different onset
potentials are rather due to distinct ionic and electronic
conductivity, i.e., permittivity, of the LLZO material as well as
the nucleation kinetics of lithium metal on the LLZO surface.'®
It could also be dependent on the microelectrode geometry.

Once the lithium microelectrode has formed, a signal in the
current profile is observed. At the first potential step (—0.2 V),
the current profile of low-am shows a constant zero dI/dt
slope, indicating a stable Li metal plating. This corresponds to
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the vertical growth of lithium metal with whisker-like
structures without any change of the contact area at the
interface (Video S1 at 1—11 s). With increasing externally
applied overpotentials, a nonzero slope is observable during
each potentiostatic pulse for low-am, indicating the lateral
growth of lithium metal, ie, increasing contact area at the
interface (Figure 7B and Video S1, starting from 11 s). Very
fine lithium metal structures are observed that can be due to a
fractal growth mode with branching lithium metal filaments
(closeup in Figure S7A).”>** At an overpotential of —0.5 V,
intergranular and intragranular crack formation occurs due to
high mechanical stress (Video S1 at 14 s). The cracks are
readily filled with lithium metal (see arrows in Figure 7C and
Figure S7B), which then propagate to the counter electrode,
leading to cell failure visible at the sudden increase in the
current (at —0.7 V). Such crack formation and propagation in
polycrystalline LLZO has been observed before, supporting the
electro-chemical-mechanical concept of dendrite growth.”"****
The fracture susceptibility is highly dependent on the
microstructure, i.e., $rain boundaries that are involved in
intergranular fracture’ "% as well as interconnected pores
that are prone to dendrite growth.”>"'

In contrast, high-am shows a substantially different behavior.
After lithium microelectrode generation, only vertical (whisker-
like) lithium metal growth is visible lasting for several
overpotential steps (Figure 7E and Video S2, starting from 8
s). This corresponds to the estimated zero dI/dt slope in the
current profile with slight deviations at high overpotentials.
Cell failure is observed at an overpotential of —1.3 V, which is
about a factor of 2 higher than for that for low-am, revealing
superior dendrite suppression ability. This is in agreement with
the results of the CCD measurements, in which an 8-fold
higher CCD was observed for high-am compared with low-am.
Most importantly, no cracking of the high-am pellet is visible at
an overpotential of —1.3 V (Figure 7F). This implies a
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Figure 8. Schematic representation of different microstructures of the samples having a (A, B) low and a (C, D) high amorphous phase mass
fraction (low-am and high-am, respectively) realized by distinct sintering times of 0.5 and 14.5 h in contact with a lithium metal anode. The fraction
of amorphous phase in the grain boundaries (orange) is crucial for dendrite suppression ability. For the high-am sample, the amorphous phase fills

the open porosity and suppresses current focusing at the interface.

completely different growth mechanism, presumably a rather
straight lithium metal filament growth to the counter
electrode.”

From the current profiles, the current densities at the Lil
LLZTO interface together with an estimated contact area were
calculated. For better comparison between the two samples, we
analyze the beginning of the lithium metal plating as the
whisker-root diameter is comparable for both samples (~4
um). This demonstrates that local current densities of about
400 mA cm™ for low-am and 800 mA cm™ for high-am,
respectively, are achieved during the measurement. This
highlights that lithium plating is possible at very high rates,
with high-am revealing a two-fold higher current density. The
order of magnitude of these current densities is in agreement
with the works of Krauskopf et al confirming that stable
plating at such high current densities is in principle achievable
for the LIILLZTO interface."*** They found that the charge
transfer kinetics at the interface is not rate-determining, but
rather the nucleation kinetics on the crystal surface, i.e., the
surface morphology and homogeneity of the LLZO substrate,
and the ionic transport properties of the LLZO.'®** Therefore,
we assume that high-am has superior surface microstructure
properties that help to enable high lithium metal plating rates.
Consequently, the microstructure of high-am with the
amorphous phase located in the grain boundaries alters the
dendrite growth mechanism compared with low-am. It
significantly helps to suppress lateral growth of lithium metal
as well as associated crack propagation.

3.5. Mechanism of Lithium Dendrite Suppression.
Most recent research works agree that the formation of lithium
dendrites is mainly caused by the inhomogeneous distribution
of the current field, i.e., current focusing, which triggers lithium
nucleation and growth into the garnet SE. The mechanism of
dendrite penetration is proposed according to the following
steps: (1) Lithium preferentially nucleates at voids at the
interface and pores due to not fully dense sintered materials
and grain boundaries, primarily at the LilLLZO interface.
Especially grain boundaries are prone to be nucleation sites
due to their distinct electrochemical and mechanical proper-
ties.”"”** The accumulation of lithium leads to extremely high
local stresses and thus crack formation. (2) Lithium deposition

into the crack is kinetically favored.”* The lithium-filled cracks
will propagate through grain boundaries and/or voids and
interconnected pores inside the LLZO, eventually causing a
short circuit of the cell. Hence, dendrite growth is an electro-
chemo-mechanical degradation process. Therefore, the corre-
sponding electro-chemo-mechanical properties of the SE are
crucial for the application in SSBs. In our work, the intrinsic
amorphous phase of glass-ceramic LLZTO is evenly
distributed in the grain boundaries caused by liquid phase
sintering. It has a high content of Li,O for low-am and
additionally contains a Li,O—SiO, phase for high-am.
Depending on its mass fraction as well as sintering conditions,
i.e., sintering times of 0.5 and 14.5 h, the microstructure of the
sintered pellets is altered. Indeed, the microstructure in terms
of grain size and localization/distribution of the amorphous
phase differs enormously between low-am and high-am
sintered at different sintering conditions, resulting in the
observed distinct dendrite stability. A schematic representation
of the microstructures together with the SEM images and their
effect on dendrite stability is given in Figure 8.

The low-am sample with an amorphous phase fraction of 0.1
wt % has shown very low CCD values of about 0.2 mA cm™2,
independent of sintering time and microstructure. The open
porosity as well as the little fraction of amorphous phase in the
grain boundaries, i.e., weak grain boundaries, result in current
focusing at the interface and crack formation and propagation,
which was confirmed by the in situ plating experiments. These
results confirm the state-of-the-art mechanism described above.
The higher density and larger grain sizes of the sample sintered
for 14.5 h do not alter this behavior. This is in accordance with
a study of Cheng et al in which they postulated that the
presence of fewer grain boundaries leads to inhomogeneous
current distribution.’”

In contrast, the high-am samples with a 40-fold higher
amorphous phase fraction (4.4 wt % compared with 0.1 wt %
of low-am) has demonstrated an 8-fold higher CCD than the
low-am sample (1.15 mA cm™* compared with 0.15 mA cm™>
for a sintering time of 0.5 h and 0.45 mA cm™ for 14.5 h).
This is a clear indication that a high amorphous phase fraction
leads to a high CCD. Taking the microstructure of high-am
into account, this seems to be counterintuitive as high-am
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seems to be more porous than low-am at first glance and has
more grain boundaries than low-am. According to a study by
Wang et al., such microstructures with defects, i.e,, pores and
grain boundaries, are expected to have low CCD.** However, it
could be shown by EDX and ToF-SIMS analysis (Figure 3)
that the supposed pores are filled with the amorphous phase,
resulting in a dense glass-ceramic. This is also confirmed by
comparable relative densities of high-am and low-am samples
(both samples have relative densities of about 92% + 2%). A
sole effect on the CCD by alteration of relative density of the
distinct samples can therefore be excluded. We assume that the
outstandingly high CCD of high-am is due to the superior
electro-chemo-mechanical properties that are attributed to two
major effects: (1) The mechanical strength of high-am is
enhanced by the dense microstructure with filled grain
boundaries and pores. We also assume that the amorphous
phase has superior mechanical properties, preventing crack
formation and crack propagation inside the LLZO. This was
confirmed by the in situ plating experiments. (2) The current
distribution at the interface is more homogeneous due to the
amorphous phase in the grain boundaries. The insulating
properties of the Li,O—S8iO, phase together with its moderate
ionic conductivity®* help to suppress electron injection in the
LLZO and hinder current focusing. This hypothesis is
corroborated by the results of other works that introduced
lithium silicate phases as artificial interlayers. Even though
theoretical calculations showed that the Li,O—S8iO, phases are
not thermodynamically stable with lithium metal,” it could be
experimentally proven that they are either chemically stable (in
the case of Li,Si0,*") or that the reaction products are helpful
to achieve a more homogeneous current distribution at the
interface with the lithium metal anode (in the case of
Li;SiO;").

For high-am sintered for 14.5 h, the amorphous phase
accumulates in between large grains leading to a less
homogeneous current distribution. Therefore, its dendrite
stability is lower than that for high-am sintered for 0.5 h. Small
grain sizes are thus favorable. This is also supported by recent
modeling studies that reveal that amorphous grain boundaries
together with small grain sizes are favorable for high current
densities.”**”

Such benefits of an amorphous phase (with a different
chemistry compared to our work) in the grain boundaries on
mechanical and electrochemical properties have been reported
before, but often only relatively low CCD values of about 0.5
mA cm™ were achieved.**™**"" The main difference to our
approach is that the amorphous phase is formed by adding
phases or glasses to the initial powders, which can result in
inhomogeneous mixing of the powders. In our material, the
amorphous phase is intrinsically incorporated in the powder
due to the melting process promoting excellent distribution
and outstanding dendrite stability.

4. CONCLUSIONS

In this work, the sintering and dendrite suppression ability of
glass-ceramic LLZTO prepared by a melting route was
investigated for the first time. The amorphous phase, mainly
composed of Li,O and a Li,O—SiO, phase, acts as a sintering
aid that is intrinsically incorporated into the initial powder. It is
shown that the amorphous phase promotes liquid phase
sintering, enabling a low sintering temperature and short
sintering time. Hence, glass-ceramics could be well densified
within 0.5 h at 1130 °C, which is a significant reduction
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compared with standard solid-state reaction approaches. A
high room-temperature ionic conductivity of 0.64 mS cm™'
was reached. Galvanostatic cycling tests and in situ lithium
plating experiments revealed a positive influence of the
amorphous phase on the dendrite stability shown by CCD
values up to 1.15 mA cm™ and suppressed crack formation
upon lithium plating. Superior electro-chemical-mechanical
properties were given as a major reason: On the one hand, the
amorphous phase fills the grain boundaries and mechanically
blocks voids and pores, enhancing the mechanical strength. On
the other hand, the amorphous phase with its moderate ionic
conductivity helps to distribute the current field uniformly at
the interface, suppressing current focusing and ultimately
lithium deposition. It has also been shown that smaller grain
sizes, i.e, more homogeneous distribution of the amorphous
phase in the sintered material, are favorable for higher cycling
stability. The current work reveals the superior properties of
glass-ceramic LLZO with low-energy sintering conditions and
enhanced electrochemical performance, which is attractive for
future implementation in SSBs.
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3.3 Manuscript: “The role of ceramic/polymer interfaces in garnet-
polymer hybrid electrolytes: Understanding the influence of

phase compatibility on electrochemical performance”

In the manuscript of this thesis, the application of glass-ceramic LLZO variants in HSEs was studied.
The focus was on the correlation between the phase compatibility of LLZO/polyethylene oxide
(PEO)-based PSE and the corresponding interface resistance. Thus, the objective is to understand
how such interfaces influence the electrochemical performance of HSEs. The compatibility was
altered by different LLZO chemistry as well as surface modifications. The two Ta-doped LLZO
variants with low and high volume fraction of amorphous phase studied in publication 1 and 2 were
used. Additionally, an Al-doped LLZO variant was considered as alternative LLZO chemistry. The
latter was also subjected for surface modification by milling in PEO-analogous solvents and

annealing in different atmospheres.

The results of this study revealed that the compatibility with the PEO-based PSE matrix was
enhanced for the Ta-doped LLZO variants in comparison with the Al-doped variant. In terms of
surface modification, the variants milled in solvents analogous to the PEO monomer showed strongly
enhanced compatibility, while for the annealed powders lower compatibilities compared with the
pristine one were obtained. However, the ionic conductivities of all variants were found to be lower
than the reference samples of the pure PSE and HSEs containing the passive filler Al,Os. By
determination of the interface resistance in a trilaminar four-point measurement setup, it could be
confirmed that the interface resistance limits the ion transport across the interface and the ionic
conductivity solely takes place through the PSE matrix. Therefore, a positive correlation between
enhanced compatibility and lowered interface resistance could not be found in the case of PEO-based
PSEs.

Overall, this work emphasizes the influence of ceramic/polymer interfaces on the ion transport in
HSEs, which needs to be considered for the manufacturing of HSEs. Furthermore, it expands the
knowledge of the interplay between phase compatibility and electrochemical performance, providing

useful information for the application of LLZO particles in HSEs.

The concept of this manuscript was developed by the first author under the supervision of
J. Schuhmacher. All experiments were performed and analyzed by the first author, partially with the
support of the analytics division at the SCHOTT AG. Four-point measurements were carried out at
the University of Giessen. J. Schuhmacher, S. Leukel, F. H. Richter and J. Janek assisted the scientific

discussion of the data. The manuscript was written by the first author and edited by five co-authors.
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Abstract

Hybrid solid electrolytes (HSEs) composed of ceramic fillers embedded in a polymer solid
electrolyte matrix are considered as possible solid electrolytes for high energy density solid-state
batteries (SSBs). By benefitting from the properties of both components, they have the potential to
realize high lithium ion conductivity, wide electrochemical window, sufficient mechanical strength,
and ability to prevent lithium dendrite formation. However, in terms of ionic conductivity of the
HSE, the results reported in the literature are contradictory. It remains unclear whether the filler
contributes to the ionic conductivity, which is strongly dependent on the filler/polymer interface
resistance. We hypothesize that the compatibility between the two phases is a key factor in achieving
low interface resistances and thus enabling ion transfer through the highly conductive fillers. In this
study, the compatibility of different garnet-type LisLasZr,O:, (LLZO) fillers with a PEO-based
matrix was quantified by sedimentation analysis, revealing slight changes due to distinct LLZO
chemistry (distinct doping elements (Al, Ta) and amorphous phase in glass-ceramic LLZO) and
strong enhancement by surface modification, i.e., milling in solvents analogous to the PEO monomer.
However, the ionic conductivities of the corresponding HSEs were all found to decrease with
increasing LLZO volume fraction in comparison with the pure polymer electrolyte and HSEs
containing the passive filler Al;Os. By a trilaminar four-point measurement setup, it could be
confirmed that the LLZO|PEO interface resistance of all variants is in the range of a few hundred
Q cm? at 20 °C, hindering ion transport through the LLZO particles. According to the results, the
observed enhancement in compatibility is insufficient to achieve a low interface resistance. This
work clarifies the influence of the ceramic/polymer interface on the ionic conductivity of HSEs and

therefore provides important insights for their future application in SSBs.
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3.3.1 Introduction

Solid-state batteries (SSBs) are promising alternatives to conventional lithium-ion batteries, as they
can overcome severe safety issues, such as flammability and leakage, due to the replacement of liquid
electrolytes by solid electrolytes. Besides the safety aspect, SSBs have the potential to significantly
increase the energy density of the battery, which is of special interest for electric vehicle
application.’ They enable the use of lithium metal as anode material that has the highest theoretical
specific capacity, i.e., 3860 mAh g! compared with 372 mAh g of conventional graphite anodes.*
In combination with liquid electrolytes, lithium metal anodes (LMAS) are impracticable due to
inherent instabilities and growth of lithium dendrites during cell cycling.® Solid electrolytes (SEs)
with their intrinsic high mechanical stability are considered to have the ability to solve these

limitations.

Both inorganic (ceramic) solid electrolytes (ISE) and polymer solid electrolytes (PSE) have attracted
great interest as potential SEs.>® Among ISEs, the oxide-based garnet lithium lanthanum zirconium
oxide Li;LasZr,O12 (LLZO) has emerged as the most promising choice due to its high room-
temperature ionic conductivity, wide electrochemical stability window, and chemical stability
against lithium metal.” Nonetheless, several drawbacks remain such as their sensitivity to moisture
and related formation of insulating lithium carbonate® and their intrinsic brittleness, causing poor
interfacial contact with lithium metal, which induces current focusing and lithium dendrite
generation.®° In contrast, PSEs, of which polyethylene oxide (PEO)-based PSEs are the most
extensively studied , offer flexibility and good wetting properties with lithium metal due to their
soft nature. However, their low room-temperature ionic conductivity along with low lithium ion
transference number and small electrochemical window impede their application. Moreover, the

lithium dendrite issue also applies to PSEs due to their low mechanical strength.?

Due to the current challenges of both ceramic ISEs and PSEs, an alternative approach has attracted
increasing attention.** The hybrid solid electrolyte (HSE) approach combines both SEs to benefit
from the respective advantages. Typically, ceramic ISE particles are embedded in a flexible ion-
conducting polymer matrix. Among various studies combining different types of ISEs and PSEs,
PEO-based HSEs containing garnet fillers are the most prominent ones.’® It has been shown that
HSEs exhibit an enhanced electrochemical stability window as well as more stable lithium cycling
compared with the pure PSEs due to their superior mechanical strength and uniform lithium
deposition at the Li|HSE interface.’®2! However, in terms of ionic conductivity, the investigations

reported so far show substantial discrepancies for a wide range of different ceramic filler contents.

In principle, HSEs can be classified into “polymer-rich” (<50 vol%) and “inorganic-rich”
(>50 vol%) composites, which strongly influences the ionic transport mechanism inside the HSE.?

For both systems, some HSEs show an increased ionic conductivity with an optimal filler
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content!”192-26 \while for others, a monotonic decrease upon increased ISE content is observed
compared with the pure PSE.16.20:27.28 Most authors ascribe the positive effect to the plasticizing effect
of the fillers, i.e., decrease of crystallinity of the polymer and enhanced ion transport at the particle
surface along an interphase, e.g., due to Lewis acid-base interactions. Such behavior has also been
observed for passive, non-ion-conducting fillers, such as SiOz, TiO2, and Al,03.2%% The contribution
of active (ion-conducting) fillers to the ion transport is controversially discussed. There are reports
confirming the pathway inside the ISE particles experimentally®!, but other authors state that the ion
transport takes place mainly via the polymer matrix.?2” Moreover, it could be shown that the size
and the shape of the filler particles have significant influence on the ion transport properties, e.g.,

nano-sized and rod-shaped structures can enhance the ionic conductivity,":21:32:33

The differences between the manifold reports remain poorly understood and comparability is low
because of the large number of parameters that influence the electrochemical performance of the
HSEs. Among them, the synthesis route via solvent-cast method'"1%232¢ has potentially crucial
influence, as it could be shown that residual solvent leads to overestimation of ionic conductivity and
potential side reactions.?® Especially in the case of LLZO, which is very sensitive to water or protic
solvents, this can be detrimental .®** Often the consideration and investigation of the lithium ion
pathway across the inorganic/organic interface is neglected, even though this is essential to
understand the different ionic transport pathways. A few reports exist that investigate the interfacial
resistance of the PSE|ISE interface by a trilaminar setup.®-° However, there is a lack of profound
analyses, especially in terms of composition of the ISE as well as consideration of chemical

compatibility between the inorganic and organic phase.

In this study, we synthesized LLZO/PEO:LIiTFSI HSEs by using a solvent-free three roll mill
process. According to the hypothesis that high chemical compatibility of the LLZO/PEO phases leads
to low interface resistance between them, enhancement in ionic conductivity of the corresponding
HSE is expected. To study such a correlation, we used LLZO with different doping elements (Ta,
Al) and glass-ceramic LLZO containing an amorphous phase with modified chemistry to increase
the compatibility with the PEO matrix. In the same manner, the surfaces of LLZO particles were
modified by milling in solvents analogous to the PEO monomer or by annealing in oxidizing (O5),
reducing (H2/N>), and inert (N2) atmosphere. Solvent-based methods such as sedimentation analysis
were applied to study the chemical compatibility between the LLZO variants and the PEO matrix,
and were correlated with ionic conductivities of the corresponding HSEs. The LLZO content was
varied from 0-20 vol% and compared to both the pure PSE and the passive filler Al.Os. Moreover,
we determined the LLZO|PEOQ:LITFSI interfacial resistance using two approaches of which one is
an in-house-developed four-point (4P) trilaminar measurement setup enabling the direct assessment
of the interface. A simple brick-layer model was used to understand the influence of the

LLZO|PEO:LITFSI interfacial resistance on the ionic conductivity.
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3.3.2 Experimental
3.3.2.1 Materials

Garnet-type Al- and Ta-doped LLZO (LALZO and LLZTO, respectively) were manufactured by a
unique and industrially scalable melting process at the SCHOTT AG.* Glass-ceramic LLZO is
formed that contains an amorphous phase formed intrinsically upon cooling, whose volume fraction
and composition is adjustable during the process. In this study, LALZO and LLZTO with very low
volume fraction of amorphous phase (LA-LALZO and LA-LLZTO, respectively) were chosen to
simulate stoichiometric LLZO powders produced via conventional solid-state reaction. Additionally,
LLZTO with high amorphous phase content (HA-LLZTO) containing the glass former SiO; was
used. The composition of the LLZO variants was determined by chemical analysis: ZrO,, La20s,
Ta20s by X-ray fluorescence spectroscopy (RFA); Li,O by atomic absorption spectroscopy (AAS)
and SiO; by inductively coupled plasma optical emission spectroscopy (ICP-OES). The amorphous
phase content, i.e., Li excess, was calculated by the difference between the ideal stoichiometry of
LALZO or LLZTO and the Li excess under the assumption that the elements Zr, La, and Ta or 0.2 pfu
Al fully contribute to the crystalline phase. Bulk densities p of the powders were calculated by
Equation (3.3.1) using the density of the crystalline phase (pcryst, determined by Rietveld refinement
of the lattice parameter bye XRD), the estimated density of the amorphous phase (pam~2 g cm=),
and the corresponding volume fractions of crystalline and amorphous phase in vol%:

_ VOl%cryst. "Peryst. T vol%am. * Pam.

3.3.1
100 ( )

p

All powders were milled under inert gas atmosphere in order to avoid side reactions with ambient
air. The median particle size D50 was measured by static light scattering (CILAS 1064,
Quantachrome) and the specific surface area was determined by the BET method (QUADRASORB

evo, Anton Paar).

The surface-modified LA-LALZO powders were prepared either by milling in solvents analogous to
the PEO monomer or by annealing in distinct atmospheres. For the milling approach, 110 g of LA-
LALZO powder with an initial particle size of D90 < 20 um were dissolved in 200 g ethylene glycol
dimethyl ether (EGDME) and milled in an attritor (R41-55/2, NETZSCH) containing 1,47 kg of ZrO,
grinding beads at a speed of 1000 rpm until a D50 value of 0.6 um was reached. The solution was
centrifuged, the solvent decanted, and subsequently washed with isopropanol (Sigma-Aldrich),
which was repeated three times in total. In the final step, the isopropanol was evaporated in a rotary
evaporator. For the annealing approach, the LA-LALZO powder was filled in a self-built, sealed

glass tube with a gas inlet and outlet. Either nitrogen, oxygen or forming gas (N2: 95%, H»: 5%)) was
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flowed through the tube (1 L min™t). The tube was placed in a tube furnace (R170/750/12,
Nabertherm) and annealed at 700 °C with a heating rate of 10 K min~* for 12 h.

Prior to HSE preparation, PEO (M, =10° g mol?, Sigma-Aldrich) and lithium bis(trifluoro-
methanesulfonyl)imide (LiTFSI, >99%, Sigma-Aldrich) were dried in vacuum at 55 °C for PEO and
110 °C for LiTFSI for 48 h. The inert filler Al,O3 (AKP3000, >99.99%, Sumitomo Chemical) was
also vacuum-dried at 250 °C for 24 h. All materials were stored in a N-filled glovebox (MBraun)

with O, and H,O content <1 ppm.
3.3.2.2 Hybrid solid electrolyte preparation

PEO, LiTFSlI, and fillers (either LLZO or Al203) were mixed in different volume ratios (5, 10, 15,
and 20 vol% of filler, named filler x/PEO:LITFSI) in an airtight container. The particle size of the
reference Al,O; was similar to the used LLZO variants (D50 = 0.7 um according to datasheet
Sumitomo Chemical). For the reference solid polymer electrolyte, no filler was added (named
PEO:LITFSI). The molar ratio of n(EO):n(Li*) was set to 14:1. The mixtures were homogenized in
a dual asymmetric centrifuge mixer at 3000 rpm for 2 min (SpeedMixer DAC 150 FVZ, Hauschild),
annealed at 60 °C for 24 h and processed on a three roll mill (Exakt, Modell 80S) with a roll
temperature of about 60 °C. The mixtures were processed three times on the three roll mill in order
to ensure sufficient dispersion of the fillers in the thermoplastic PEO matrix. All steps were

performed under inert nitrogen atmosphere.
3.3.2.3 Characterization methods

As chemical compatibility tests, calorimetric determination of the heat of dispersion as well as
sedimentation analysis were developed. Both methods were performed under inert nitrogen
atmosphere. For the first one, three PEO-analogous solvents with decreasing acidity, i.e., decreasing
Srdon Value, were chosen: ethylene glycol (EG, dudon = 20.5 (MPa)®%), ethylene glycol monomethyl
ether (EGMME, 6uaon = 9.9 (MPa)®%), and ethylene glycol dimethyl ether (EGDME,
Srdon = 0.1 (MPa)%®). All values were extracted from the HSPiP software.*! In a self-built mixing
calorimeter setup (see Figure A3.1A), 5 mL of the PEO-analogous solvent were filled into the
thermally insulated container and stirred on a stirring plate until the temperature was constant. The
temperature was recorded every second with a temperature sensor inside the liquid (Pt1000,
ALMEMO). 0.5 g of the LLZO powder was added at once and the temperature was monitored until
the temperature was constant again. The temperature curve is given in Figure A3.1B, which shows
the temperature increase upon adding the LLZO powder. The offset between the temperature plateau
at the beginning and at the end of the measurement is due to heat loss of the not perfectly insulated
container. The curve was fitted with the function given in Equation (3.3.2) to determine the heat of

dispersion AT:
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f(t) = AT kzk_l i (e7ka(t=to) — ghk2(t=t)) 4+ T, (3.3.2)
It is composed of two exponential function describing first-order reactions, of which the first one is
related to the heat of dispersion with the rate constant k; and the second one the heat loss to the
exterior of the calorimeter with the rate constant k.. The starting temperature is To and the point of
time of adding the LLZO powder is to.

For the second compatibility test (sedimentation analysis), 0.015 g of the LLZO powder was added
to 10 g of the PEO-analogous solvent EGDME. The mixture was homogenized using an ultrasonic
finger (Hielscher UP400S, amplitude 70%, cycle 0.7) for 30 s and transferred into an analytical
centrifuge (LUMiSizer, LUM GmbH) that measures transmitted light over the entire sample length
over time (space- and time-resolved extinction). The rotation speed was set to 1500 rpm (equivalent
to 270 rcf (relative centrifugal force) and the temperature to 25 °C. The extinction profiles were
integrated using the software SEPView Version 6.4. The sedimentation time ¢ was defined as the
time necessary to reach a value 15% above the final value of integral extinction reached at the end
of centrifugation (full separation)*? and normalized (znom) Using the density and the particle size D50
of the corresponding LLZO powder piuizo (see Table 3.3.1), the density of EGDME
(pecome = 0.87 g mL), and the viscosity of EGDME (ecpme = 0.47 mPas) as given by the adapted
Stokes equation in Equation (3.3.3):

_ 7(PLLZO — PEGDME) D50 (3.3.3)

Tnorm -

NEGDME

Room-temperature X-ray diffraction (XRD) spectra were collected using a PANalytical X‘Pert PRO
MPD (Malvern Panalytical) in Bragg-Brentano geometry from 10-70° 26 in increments of 0.013°
using CuKa radiation operating at 45 KV and 40 mA. Samples were spun during XRD in order to
ensure diffraction from multiple grains. Powder samples were directly transferred from the glovebox
to the XRD and HSE samples were hot-pressed (Burkle LA4.5, 50 MPa, 60 °C) prior to analysis to
get HSE foils. Diffraction patterns were analyzed qualitatively using the software HighScore Plus
(Malvern Panalytical) and reference crystallographic information files were from the
Crystallography Open Database (COD) (cubic LLZO: COD #1545083). Rietveld refinement was
performed with the same software for determination of the lattice parameter used for the
determination of the density (see Equation (3.3.1)).

Differential scanning calorimetry (DSC) were measured with a DSC 404F1 Pegasus (NETZSCH) in
Pt-Rh crucibles from 23-130 °C at a heating rate of 5 K min~t. Ar was chosen as processing gas to
prevent side reactions. Together with the melting enthalpies AHm, of the corresponding DSC curves,

the degree of crystallinity y. was calculated as given in Equation (3.3.4) with the melting enthalpy
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AHmpeo of PEO being completely crystallized (196.6 J g1)*® and freo the weight fraction of PEO in
the HSE:

AH,,

= -100% 3.34
AHm peofPEO ( )

Xc
Scanning electron microscopy (SEM) was performed with a LEO1530 equipped with field emission
gun (FEG) to record the SEM images with a secondary electron detector operated at 5 keV
accelerating voltage. Prior to analysis, HSEs were pressed between PTFE foils (Bola) with a hot-
press (Burkle LA4.5, 50 MPa, 60 °C) and were sputtered coated with carbon.

For the determination of the ionic conductivities, electrochemical impedance spectroscopy (EIS) was
performed on the PSE and HSE samples as well as on sintered LLZO pellets. For the PSE and HSE
samples, an airtight measuring cell with stainless steel electrodes (diameter of 12 mm) equipped with
a spacer ring for defined thickness (0.2 mm) was used (TSC battery cell, rhd instruments). About
40 mg of sample were filled into the cell. For the LLZO pellets, a self-built airtight measuring cell
with gold electrodes was used. The LLZO pellets were produced via sintering in mother powder
(1130 °C, 0.5 h, O, atmosphere) and were sputter coated with gold electrodes with a diameter of
6.5 mm on both sides of each pellet using a sputter coater (EM SDCO050, Leica).

For the determination of the interface resistance LLZO|PEO:LIiTFSI, two methods were applied. For
the 2-point subtraction method, sintered LLZO pellets (diameter of about 8.4 mm) were polished
(SiC sandpaper #1200) and sandwiched between two PSE foils (thickness of about 100 pm) with a
diameter of 8 mm (hot-pressed prior to analysis (Birkle LA4.5, 50 MPa, 60 °C)). Lithium metal
electrodes were freshly prepared by cutting off a piece from a Li rod (Sigma-Aldrich, 99.9%) using
a ceramic knife and pressing it with a self-built hand press to a thickness of about 50-100 pm. Li
electrodes with a diameter of 6 mm were punched out and applied to the trilaminar stack together
with copper foil (diameter of 8 mm) as current collector. The complete stack was hot-pressed at about
200 MPa at 60 °C. In a similar manner, a stack without the LLZO pellet was prepared to determine
solely the Li|PEO:LIiTFSI interface resistance that can be subtracted from the full stack including
both the Li|PEO:LiTFSI and LLZO|PEO:LITFSI interface resistance to give the LLZO|PEO:LITFSI
interface resistance (see details in Figure 3.3.5 and corresponding explanation). For the 4-point
method, a procedure following the work of Simon et al. was adopted.** The same symmetrical cell
setup as for the subtraction method was used but gold-plated tungsten wires (diameter of 25 um)
were placed between two layers of PSE foil, and lithium was plated onto the wire to obtain a stable
potential. Using this four-point setup, the sole LLZO|PEO:LIiTFSI interface resistance could be
measured directly without the influence of other interfaces.

EIS was carried out with an Alpha A-High Analyzer (Novocontrol) in a frequency range from
20 MHz to 100 mHz with a 20 mV perturbation amplitude either at 70 °C or temperature-dependent

from 20 °C to 70 °C (increment of 10 °C) with a heating rate of 1 K min*. Prior to the measurement,
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the system was kept at the chosen temperature for at least 2 h. EIS data were fitted with Z-View
software using equivalent circuits with impedance (R) and capacitance elements (constant phase
element (CPE)). The effective capacitance C were calculated by converting the CPE together with

fitting the alpha value « following Equation (3.3.5):

1/«

c= (gf_ il ) (335)

The thickness d of the sample and the electrode area A together with impedance R were used for

calculation of the ionic conductivity ¢ as given by Equation (3.3.6):
1d

- _.Z 3.3.6
27 (3.3.6)

o

Measurements were performed in triplicates giving an experimental error of about 7%. Activation
energies were calculated according to the Arrhenius equation in Equation (3.3.7):

Eq
oT = oy exp (— ﬁ) (3.3.7)
B

3.3.3 Results and Discussion

3.3.3.1 LLZO powder characterization

In order to study the influence of LLZO composition on the electrochemical performance of the HSE,
three different garnet compositions were used. All of them were synthesized via a unique glass-
ceramic melting process at the SCHOTT AG in which an amorphous phase is formed upon cooling
that can be adjusted in terms of volume fraction and composition.*’ Here, two aliovalently doped
LLZO glass-ceramics with very low amorphous phase content (i.e., Ta-doped LLZO (LA-LLZTO)
and Al-doped LLZO (LA-LALZO)) were chosen in order to compare the findings with
stoichiometric LLZO manufactured using the conventional solid-state reaction route. For LA-
LLZTO, the particle size was also varied to fine particles (f-LA-LLZTO) and coarse particles (c-LA-
LLZTO). Additionally, LLZTO with high volume fraction of amorphous phase was used (HA-
LLZTO). The latter is mainly composed of an excess of Li,O and a small volume fraction of the
glass former SiO,. Table 3.3.1 gives the exact compositions (see Experimental section for
calculation), the mean particle size D50, as well as the bulk densities p of the starting glass-ceramic

powders.
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Table 3.3.1. Composition, D50 values of the particle size distribution and bulk densities p of the LLZO glass-ceramic
powders doped with Al (LALZO) and Ta (LLZTO), either having low (LA-) and high volume fraction of amorphous phase

(HA-). For LA-LLZTO, two additional particle sizes are given from fine (sub-um, f-) to coarse (a few pm, c-).

Sample Amorphous  SiO; (Wt%) D50 (um)  p (gcm™) Sger (M? g?)
(Wt%o)
LA-LALZO 0.1 0.1 0.7 5.19 3.9
LA-LLZTO 0.1 0.02 0.8 5.37 2.7
f-LA-LLZTO 0.3 0.03 0.4 5.32 5.6
C-LA-LLZTO 0.0 0.02 4.9 5.40 0.8
HA-LLZTO 4.4 0.7 1.0 5.04 BI5

The compositions indicate a 40-fold higher amorphous phase content for HA-LLZTO and a
significantly higher SiO. content in comparison with the two LA-LLZO variants. The particle size
distributions of all powders are monomodal; only c-LA-LLZTO shows a slight bimodality due to a
second mode of finer particles (Figure A3.2A). The D50 values of the three LLZO variants are in the
same range (0.7 pum, 0.8 um, and 1.0 um). The fine and coarse LA-LLZTO samples obviously have
differing D50 values in the sub-pum (0.4 pm) and a few microns (4.9 um) range. The Sger values
agree well with the D50 values; merely the LA-LLZTO exhibits slightly lower surface area
(2.7m2gtvs. 3.9m? gt and 3.5 m? g for the two other LLZO variants). The bulk densities p are
comparable for the stoichiometric LLZO variants LA-LALZO and LA-LLZTO (including particle
size variation) and slightly lower for HA-LLZTO due to the presence of the amorphous phase that

has lower density.

The XRD patterns of the three starting powders are presented in Figure A3.2B. They all match well
with the reference pattern of cubic LLZO and are all free of impurity phases as no additional

reflections are observed.
3.3.3.2 Chemical compatibility between LLZO powders and PEO matrix

In order to verify the correlation between the chemical compatibility of LLZO particle surfaces with
the PEO matrix and the ionic conductivity of the corresponding HSE, two methods to study the
compatibility were evaluated. Both are solvent-based and use PEO-analogous solvents to model the
PEO matrix. In Figure 3.3.1, the results of both methods are demonstrated for the samples
LA-LALZO, LA-LLZTO, and HA-LLZTO.
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Figure 3.3.1. (A) Calorimetric determination of the heat of dispersion of LA-LALZO, LA-LLZTO, and HA-LLZTO
powders in PEO-analogous solvents with distinct acidity. (B) Normalized sedimentation times of LA-LALZO, LA-LLZTO,
and HA-LLZTO powders in EGDME determined with the help of an analytical centrifuge. (C) Structural chemical formula
and Jndon values of the used PEO-analogous solvents: ethylene glycol dimethyl ether (EGDME), ethylene glycol
monomethyl ether (EGMME), and ethylene glycol (EG).

The first method calorimetrically measures the heat of dispersion when the LLZO particles are
dispersed into PEO-analogous solvents with different acidities. Ethylene glycol (EG), which is the
monomer of PEO, ethylene glycol monomethyl ether (EGMME), as well as ethylene glycol dimethyl
ether (EGDME) were chosen (structural chemical formulas in Figure 3.3.1C). The acidity of the
solvents decreases in the given order due to the methylation of the free OH groups, which is
quantified with the help of the dudon Value derived from the Hansen parameter concept. It describes
the donor contribution of the cohesive energy of hydrogen bonds (see ref. * for detailed information).
As can be seen from Figure 3.3.1A, the heat of dispersion (AT) steadily increases with acidity of the
solvent for all LLZO variants. For EGDME, which has no free protons, AT is accordingly low for all
LLZO variants. For EGMME and EG, LA-LALZO and LA-LLZTO show comparable AT values,
while HA-LLZTO exhibits about two-fold higher values. We suppose that the heat of dispersion AT
is due to exothermic reaction between the alkaline surface of LLZO and the acidity function of the
solvent according to the Brgnsted acid-base concept. It is thus a measure of the alkalinity of the
LLZO variant. Hence, HA-LLZTO appears to be more alkaline and to have stronger interactions
with the solvents (EGMME and EG) compared with LA-LALZO and LA-LLZTO. This can be
ascribed to its high volume fraction of amorphous phase that is mainly composed of alkaline LiO.

The glass former SiO;, also contained in the amorphous phase apparently has minor influence on
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lowering the alkalinity of LLZO due to its small content. In order to evaluate the compatibility with
the PEO matrix, the results of EGDME can be used as comparison due to its similar dudon Value (dndon
(PEO) = 0.1 (MPa)®%). Due to the observed similar AT values in EGDME for all LLZO variants,
differences between the LLZO variants in terms of the compatibility with the PEO matrix cannot be

determined.

The second method quantifies the sedimentation time for LLZO particles in the PEO-analogous
solvent EGDME with the help of an analytical centrifuge. The sedimentation time highly depends
on the interaction between the particle surface and the surrounding solvent matrix. Besides the
(Bregnsted) acid-base interactions observed in the calorimetric method, also Lewis acid-base as well
as dipole-dipole interactions play an important role in the sedimentation analysis. If the interaction
is strong, i.e., chemical compatibility is high, a stable dispersion is formed and the particles take
longer to sediment. If the compatibility is poor, the particle-particle interaction becomes dominating
and agglomerates form that sediment faster. Due to its strong dependence on particle size and
material properties such as density, the sedimentation time needs to be corrected for comparable
results (see Experimental for details). As demonstrated in Figure 3.3.1C, LA-LALZO has a
sedimentation time about half as long as LA-LLZTO and HA-LLZTO, the latter having similar
values. Evidently, the doping element has greater influence on the dispersion stability, i.e.,
compatibility, than the amorphous phase. A possible explanation is that the Lewis-acid dopant Ta>*
and its location within the structure at the surface presumably leads to a stronger interaction with the
PEO backbone than the dopant AI**. The amorphous phase of HA-LLZTO only slightly influences
the sedimentation time compared to LA-LLZTO and thus has marginal effect on the particle/matrix
interactions, probably due to the low amorphous phase content compared to the crystalline volume
fraction. According to the results, HA-LLZTO and LA-LLZTO should have the strongest interaction
with the PEO matrix. Therefore, a positive influence on the LLZO|PEO:LIiTFSI interfacial resistance

and thus on the ionic conductivity of the corresponding HSE might result.
3.3.3.3 Structural and thermal characterization of HSEs

HSEs incorporating the three LLZO variants were manufactured with increasing LLZO volume
fractions from 5-20 vol% (named LLZOx/PEO:LITFSI) in a solvent-free process using a three roll
mill. In order to ensure degradation-free processing, XRD of the HSEs was measured. Figure 3.3.2A
shows the XRD patterns of pure PEO, the PSE sample PEO:LiTFSI, and the HSE samples LA-
LLZTOX/PEO:LITFSI.
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Figure 3.3.2. (A) XRD patterns of pure PEO, the PSE PEO:LIiTFSI, and the HSEs LA-LLZTOx/PEO:LiTFSI (x=5, 10, 15,
and 20) together with the reference pattern of cubic LLZO. The reflections marked with an asterisk (*) stem from the
underlying substrate made of PTFE. (B) DSC curves of pure PEO, the PSE PEO:LIiTFSI, and the HSEs LA-
LLZTOX/PEO:LITFSI (x=5, 10, 15, and 20).

The XRD pattern of PEO can be ascribed to the mostly crystalline nature of the pure polymer. Upon
incorporation of the lithium salt LiTFSI, no additional reflections related to LiTFSI are observable,
which can be explained by the solvation of LiTFSI in the PEO matrix.*® The reflections marked with
an asterisk are due to the underlying PTFE substrate that was used during the measurement because
of the low viscosity of the PEO:LITFSI sample. As LA-LLZTO is introduced in the PEO:LITFSI
matrix, the characteristic reflections of cubic LLZO emerge increasing in intensity with increasing
LA-LLZTO content, while the PEO-related reflections decrease in intensity. For all samples besides
pure PEO, the background of the diffractograms is increased, indicating the lower degree of
crystallinity of the PEO. It is well known that the incorporation of inorganic fillers in the polymer
matrix hinders polymer crystallization, promoting the formation of amorphous regions.'*?847 This is
also in agreement with the results from the DSC measurements that are presented in Figure 3.3.2B
for the same set of samples. The reference sample of pure PEO exhibits one endothermic peak at
about 77 °C that is attributed to the melting of crystalline PEO (Tm).% It shifts to lower temperatures
and splits into two peaks upon incorporation of the lithium salt LiTFSI and the filler LA-LLZTO.
These can be assigned to the melting process of the HSE. The one at higher temperatures (Tmz) stems
from the melting of the crystalline complex between PEO and LiTFSI and the one at lower
temperatures (Tmi) from the melting of a eutectic PEO:LiTFSI mixture.?® The corresponding values
are given in Table 3.3.2 together with the melting enthalpies AHn, obtained from the melting peaks.
Both the Tm1, Tmz and the AHn values are shifted to lower values with increasing LA-LLZTO content,
which is due to the plasticizing effect of the lithium salt and/or the LA-LLZTO particles, decreasing
the crystalline phase content of the polymer. With the help of Equation (3.3.4) the degree of
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crystallinity y. of the PSE and HSEs was calculated (Table 3.3.2), confirming the decreasing

crystallinity of the samples, which is in accordance with the findings of other studies.?>%’

Table 3.3.2. Extracted values from the DSC analysis (Figure 3.3.2B) of pure PEO, the PSE PEO:LITFSI, and the HSEs
LA-LLZTOS5/PEO:LITFSI, LA-LLZTO10/PEO:LITFSI, LA-LLZTO15/PEO:LITFSI, and LA-LLZTO20/PEO:LITFSI,
including the melting temperatures Tm of pure PEO, Tmz2 and Tm1 of the PSE and HSEs, the melting enthalpy AHm and the
degree of crystallinity ye.

Sample Tn(°C)  Tme(°C) Tm(°C) AHn(Qg™") x (%)
PEO 77 -- -- 136.2 69.3
PEO:LITFSI -- 43.4 53.1 37.0 27.6
LA-LLZTOS5/PEO:LITFSI -- 41.8 52.9 30.0 27.4
LA-LLZTO10/PEO:LITFSI -- 39.3 52.5 16.6 18.3
LA-LLZTO15/PEO:LITFSI -- 38.1 52.4 17.2 22.5
LA-LLZTO20/PEOQ:LITFSI -- 38.0 52.0 15.8 24.4

In order to examine the dispersing quality and distribution of the LLZO particles in the PEO matrix,
SEM was carried out on the set of LA-LALZO HSEs. In Figure 3.3.3A, the PSE sample PEO:LiTFSI
without filler exhibit a smooth and continuous film. For the samples with 5 and 10 vol% LA-LALZO
content (Figure 3.3.3B-C), the PEO is the dominant phase and the particles are found to be well
dispersed, as their original cullet shape can be well identified (see Figure A3.3 for SEM image of the
powder particles). For the sample with the highest LLZO content in Figure 3.3.3D (LA-
LALZO20/PEO:LITFSI), the particles have a significantly higher volume fraction but the particles
are still well distributed within the PEO matrix. Some agglomerates are observable, e.g., in the
bottom right corner. However, considering the results of the different characterization methods, it
can be concluded that the solvent-free mixing with the three roll mill leads to well dispersed,

impurity-free HSEs that have lower crystallinity upon the introduction of the LLZO particles.
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Figure 3.3.3. Top-view SEM images of (A) the PSE PEO:LiTFSI without filler and the HSEs with increasing filler volume
fraction: (B) LA-LALZOS5/PEO:LITFSI, (C) LA-LALZO10/PEQ:LITFSI, and (D) LA-LALZO20/PEO:LITFSI.

3.3.3.4 Electrochemical characterization of HSEs

The HSEs were evaluated for their ionic conductivities using EIS. The associated Nyquist plots at
20 °C are shown in Figure 3.3.4A representatively for the LLZO variant LA-LALZO with a volume
fraction of 10 vol% and compared to the pure PSE PEO:LiTFSI as well as the pure ISE manufactured
via sintering of LA-LALZO. One semicircle, i.e., capacitive resistance, in the high frequency range
and a capacitive tail at low frequencies due to the blocking electrodes can be observed for the three
samples. The data were fitted with an equivalent circuit including (R-CPE)(CPE) elements. With the
help of Equation (3.3.5), the effective capacitances Cpux Were calculated (Table 3.3.3) revealing
capacitances in the range of 25-39 pF, which are typical values for bulk capacitances.*® Therefore,
these capacitances can be assigned to the ionic conductivity in the bulk polymer (for PEO:LITFSI)
or in the sintered grains (for the sintered LA-LALZO pellet). For the HSE, contributions from both
the bulk polymer and the LA-LALZO particles are to be expected, but no distinguishable semi-circles
can be observed in the Nyquist plot. On the contrary, it can be assumed that the lithium ion transport
might mainly take place through the polymer matrix, as the resistance of the pure PEO:LiTFSI is
close to the resistance of the HSE, while the resistance of the sintered LA-LALZO pellet is almost
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negligible. Since no further semicircles are observed, ion conduction through the LLZO |PEO:LIiTFSI

interface (UF range) cannot be proven.
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Figure 3.3.4. (A) Temperature-dependent ionic conductivities as Arrhenius plots for PEO:LIiTFSI (PSE), LA-
LALZO10/PEO:LITFSI (HSE), and LA-LALZO (sintered pellet). Both heating and cooling scans are presented for the
PSE and the HSE. The corresponding activation energies can be found in Table 3.3.3. (B) Nyquist plots at 20 °C from the
heating cycle for the same set of samples as in (A). (C) lonic conductivities of the HSEs LA-LALZOX/PEO:LITFSI, LA-
LLZTOX/PEO:LITFSI, and HA-LLZTOX/PEO:LITFSI in dependence of the volume fraction x of the LLZO filler at 70 °C.
(D) lonic conductivities of the HSEs with varying particle size LA-LLZTOX/PEO:LITFSI, f-LA-LLZTOx/PEO:LITFSI,
C-LA-LLZTOX/PEQ:LITFSI in dependence of the volume fraction x of the LLZO filler at 70 °C. In (C) and (D), the ionic
conductivities of the pure PSE PEO:LITFSI (filler content x = 0 vol%) and the HSE containing the passive filler Al2Os3
(Al203x/PEO:LITFSI ) are given as reference.

The temperature-dependency of the ionic conductivity is given in Arrhenius plots for the same set of
samples in the temperature range from 20 to 70 °C in Figure 3.3.4B. The ionic conductivities were
determined by Equation (3.3.6) using the corresponding thickness, electrode area, and impedance R
extracted from the Nyquist plots in Figure 3.3.4A. The ionic conductivity values as well as the
activation energy (determined by Equation (3.3.7), values seeTable 3.3.3) of the pure sintered LA-
LALZO pellet are in good agreement with reported values in literature for LALZO (2.3-10* S cm™
at 20 °C and 0.36 eV, respectively).*® The same applies for the ionic conductivity of the pure PSE
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PEO:LITFSI, i.e., 7.6-10° S cm™ at 20 °C, which is in accordance with values from other works.*
We only compare the values to PSEs also manufactured by solvent-free processing in order to

exclude the influence of residual solvents.

The results in Figure 3.3.4B give evidence that the ionic conductivities of the sintered pellet are
higher than those of the pure PSE, and the latter being higher than those of the HSE LA-
LALZO10/PEO:LITFSI. This indicates that the LA-LALZO particles likely do not contribute to the
ionic conductivity of the HSE. Instead, the ion conduction appears to occur mainly within the
polymer matrix. For both the PSE and the HSE, data were collected upon heating and consecutive
cooling temperature scans, as the ionic conductivity of polymer electrolytes is known to be highly
dependent on the thermal history. The pure PSE shows a strong hysteresis within the 20-50 °C range,
with the conductivity values of the cooling scan being significantly higher than the values of the
heating scan. No hysteresis is observed at a temperature >50 °C because above the melting
temperature of the PSE (observed by DSC), recrystallization of the polymer upon cooling has minor
influence. Below the melting temperature, hysteresis occurs due to the slow recrystallization kinetics
upon cooling. The HSE shows a similar behavior, which hints that lithium ion conduction in the
polymer matrix has a strong contribution to the ionic conductivity of the HSE. For practical
applications, only the conductivity values from the heating scan, i.e., near-equilibrium values should
be used. This is often overlooked in the literature and most studies do not specify heating and cooling

scans.

Both the PSE and the HSE show two linear regimes in the heating scan between 20-50 °C and 50—
70 °C with a knee around 50 °C, which is in agreement with the melting temperatures (Tm2 at about
52 °C and Tm at about 40 °C) observed by DSC measurements (Figure 3.3.2B). The activation
energies for the two linear temperature regimes of PSE and HSE are presented inTable 3.3.3. Both
samples show significantly lower activation energies above the observed melting temperatures
(0.47 eV and 0.50 eV for T =50-70 °C vs. 1.01 eV and 0.92 eV for T = 20-50 °C), which is due to
the much larger amorphous phase content, supporting fast ion movement. The values are in
agreement with other reported values.?’ The activation energies for the cooling scan are also given
inTable 3.3.3, revealing an analogous trend, but slightly higher values for the low-temperature regime
due to hysteresis. Overall, the activation energies of both PSE and HSE are similar, indicating that

the ion conduction through the polymer dominates the temperature-dependent behavior.
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Table 3.3.3. Bulk capacities Chuik (exemplary at 20 °C for the Nyquist plots in Figure 3.3.4A) and activation energies Ea of
the Arrhenius plots in Figure 3.3.4B for PEO:LiTFSI (PSE), LA-LALZO10/PEO:LIiTFSI (HSE), and LA-LALZO (sintered

pellet). For the PSE and HSE, both heating and cooling cycles are distinguished as well as low and high temperature ranges.

Sample Couk @20 °C (pF) E. heating (eV) Ea cooling (eV)
PEO:LITFSI 39 1.01 (20-50 °C) 1.25 (20-40 °C)

0.47 (50-70 °C) 0.50 (40-70 °C)
LA-LALZO10/ 34 0.92 (20-50 °C) 1.10 (20-40 °C)
PEO:LITFSI 0.50 (5070 °C) 0.48 (4070 °C)
LA-LALZO sintered 25 0.36 =

Figure 3.3.4C shows the ionic conductivities for the LA-LALZOX/PEO:LITFSI, LA-
LLZTOX/PEO:LITFSI, HA-LLZTOX/PEO:LITFSI, and Al,Osx/PEO:LIiTFSI in dependence of the
filler volume fraction x. As reference, the ionic conductivity of the PSE PEO:LITFSI is given as well.
lonic conductivities were measured at 70 °C in order to avoid comparability issues due to crystallinity
effects of the polymer. The corresponding Nyquist plots together with the bulk capacitances of the
four samples can be found in Figure A3.4 and Table A3.1 with a volume fraction of 10 vol% as
example. They all exhibit solely one semicircle with a capacitance in the pF range that can be ascribed
to the bulk conductivity of the HSE. Interface processes cannot be observed. In agreement with the
results in Figure 3.3.4B, the ionic conductivities of all HSEs are well below the ionic conductivity of
the unfilled PSE, and they all decrease with increasing filler content. Interestingly, the ionic
conductivities of all LLZO variants are even lower than the reference HSESs containing the passive
filler Al,Os. The characterization of the latter can be found in Figure A3.5, demonstrating well-
distributed Al-Os particles with a similar particle size as the used LLZO particles. Among the LLZO
variants, no significant differences can be observed as the values are approximately within the given
error range. The results indicate that the incorporation of either passive or active filler leads to a
decrease in ionic conductivity of the pure PSE, with the particles not contributing to the transport of
lithium ions. Thus, the ion conduction is considered to take place mainly through the polymer matrix.
The monotonic decrease of ionic conductivity can be understood considering the lower cross-
sectional area and higher tortuosity of the polymer matrix, causing longer ion conduction pathways.
Accordingly, the chemistry of the active filler, i.e., the doping element (LALZO vs. LLZTO) as well
as the amorphous phase of HA-LLZTO do not have an effect on the ionic conductivity of the HSE.

These results are in agreement with previous reports on other PEO/garnet-based HSEs.6.20.27.28
However, the majority of other studies describe contrasting results."1%23-26 Sych discrepancies can

potentially be caused by the variety of parameters (polymer type, polymer/salt ratio, filler type, and
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particle size) and synthesis conditions (solvent-based or solvent-free) used in the literature.
Table A3.2 summarizes the most important properties of several PEO/garnet-based HSEs
(exceptional structures such as rod-like or 3D structures were omitted), indicating no clear trend
which parameter determines a positive effect on the ionic conductivity of the pure PSE. Another
important parameter that is rarely described in the given references is the shape of the fillers, which
can highly influence the ion transport pathways. This could be an explanation for the contrary results.
Presumably, the cullet-shaped LLZO particles used in our study are ineffective in terms of ionic

transport enhancement.

Furthermore, please note that almost all studies solely use the unfilled PSE as reference system and
disregard the comparison with a passive filler. However, such comparison contains crucial
information on the contribution to the ion conduction. As demonstrated by our results, the LLZO-
containing HSEs have even lower ionic conductivities than the Al,Os-containing HSEs, presumably
indicating the formation of a potential insulating interphase at the LLZO surface, which increases
the effective radii and thus lowers the ionic conductivity more effectively. For this reason, passive
fillers should also be considered when discussing ion conduction contributions of the fillers.

To further evaluate how the shape and the size of the LLZO particles affect the electrochemical
performance of the HSE, we investigated the ionic conductivities of LA-LLZTOx/PEO:LITFSI with
varying D50 values (Figure 3.3.4D). A similar trend to the results in Figure 3.3.4B—C can be
observed, as the ionic conductivities are also all below the ionic conductivity of the pure PSE and
the HSE reference containing Al.Os;. Merely two HSEs (f-LA-LLZTO5/PEO:LITFSI and c-LA-
LLZTO10/PEO:LITFSI) are close to the values of the Al,Os-containing reference. The varying
surface area of the particles apparently does not have a significant effect on the ionic conductivity.
Therefore, conduction pathways along the interface and/or interphases can be excluded in all
probability. This confirms the results from Figure 3.3.4B-C, but is in stark contrast to other studies
that reported enhanced interface/interphase ionic conductivities with increasing surface area of the

filler.17:2t

In order to understand why the LLZO particles considered in this study do not contribute to the ionic
conductivity of the HSE, interface resistance studies were performed. Figure 3.3.5A-B schematically
shows the two methods for electrochemical determination of the LLZO|PEO:LITFSI interface using
lithium metal electrodes. The 2-point subtraction method uses a trilaminar and a bilaminar cell setup,
i.e., Li|PEO:LIiTFSI|LLZO|PEO:LITFSI|Li and Li|PEO:LIiTFSI|Li, with the LLZO pellet being
manufactured via sintering. The corresponding Nyquist plots of the sample LA-LLZTO are also
demonstrated for both setups, each revealing two semicircles. The first one can be attributed to the
sum of bulk resistance of the PSE and the LLZO pellet in the case of the trilaminar setup and only
of the PSE in the case of the bilaminar setup, according to the bulk capacitances in the pF range given

in Table A3.3. The second semicircle is related to interface processes with capacitances in the uF
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range (Table A3.3). The interface resistance of the bilaminar setup only includes contributions of the
Li|PEO:LITFSI interface (Rvijpeo), Which is subtracted from the interface resistance from the
trilaminar setup (including both the LLZO|PEO:LIiTFSI and the Li|PEO:LITFSI interface
resistances, i.e., Riizoppeo and Ruipeo), giving the LLZO|PEO:LITFSI interface resistance
(Riizojpeo). The 4-point direct method uses reference electrodes, thereby solely measuring the
LLZO|PEO:LITFSI interface (Riizojpeo) and excluding contributions from the Li|PEO:LITFSI
interface. In the corresponding Nyquist plot of LA-LLZTO, the sum of bulk resistance of the PSE
and the LLZO pellet is obtained as well as the interface resistance of the LLZO|PEO:LIiTFSI
interface with pF range capacitance (see Table A3.3). As two LLZO|PEO:LITFSI interfaces are
measured simultaneously in both methods, the single LLZO|PEO:LIiTFSI interface resistance is
calculated by dividing the Riizope0 by factor 2.

Figure 3.3.5C shows the temperature-dependent LLZO|PEOQ:LIiTFSI interface resistances (Ri.zo|peo)
for the LLZO variants LA-LALZO, LA-LLZTO, and HA-LLZTO, determined by the 2-point
subtraction method. For LA-LLZTO, the results of the 4-point direct method are also shown. The
extracted Ry zopeo values at 70 °C and 20 °C are presented in Table 3.3.4. The values are in the
kQ cm? range at 20 °C, while they are in the range of a few hundred Q cm? at 70 °C due to the
temperature-dependency of the interface resistance. LA-LALZO exhibits the lowest interface
resistance (34 kQ cm? at 20 °C and 0.30 k2 cm? at 70 °C) and HA-LLZTO the highest (59 kQ cm?
at 20 °C and 0.66 kQ cm? at 70 °C). The values at 70 °C are in agreement with values from a study
that also implemented a 4-point setup®, but lower compared with the values measured in other works,
e.g., Langer et al. determined 9 kQ cm? between LALZO and PEO:LiClO4* and Zagoérski et al.
11.5 kQ cm? between Ga-doped LLZO and PEO:LiTFSI*®, They both used 2-point trilaminar setups
with blocking electrodes that can also have contributions from other interface resistances. With the
help of the methods used in this study, such contributions can be excluded, providing the sole
LLZO|PEO:LITFSI interface resistance. The results in Figure 3.3.5C confirm that both the 2-point
subtraction method and the 4-point direct method are suitable for the determination of the
LLZO|PEO:LITFSI interface resistance, as the interface resistances are in good agreement. Table
3.3.4 also gives the activation energies E, of the interface resistances for the different samples. They
all exhibit values in the range from 0.81-0.85 eV, which are in agreement with the activation energy
reported by Trevisanello et al. (0.72 eV)* and Langer et al. (0.9 eV)*. Thus, the activation energy

of the interface process is much higher compared with bulk ion conduction processes (Table 3.3.3).
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Figure 3.3.5. Schematics of the methods used to study the LLZO|PEO:LiTFSI interface: (A) The subtraction method
involves two cell setups in 2-point configuration (Li|PEO:LiTFSI|LLZO|PEO:LiTFSI|Li and Li|PEO:LiTFSI|Li). The
corresponding Nyquist plots at 70 °C for the sample LA-LLZTO are given below each schematic. The grey semicircles can
be attributed to the interface resistance, of which the interface resistance of the Li|PEO:LiTFSI|Li setup (RLipeo) iS
subtracted from the other one (RLLzo|peo and Riijpeo) to give solely the LLZO|PEO:LiTFSI interface. (B) The direct method
uses the Li|PEO:LiTFSI| LLZO|PEO:LiTFSI|Li setup with two additional reference electrodes (RE) in the PEO:LiTFSI
layers. The Nyquist plot given below has only contributions from the LLZO|PEO:LiTFSI interface (RrLzojpeo). In both
(A) and (B), the first semicircle of the Nyquist plots can be assigned to bulk processes (Ruouik), either from the PEO:LIiTFSI
or the LLZO pellet. (C) Temperature-dependent resistance of the LLZO|PEO:LiTFSI interface (RLLzo|peo) as Arrhenius
plots for the LLZO variants LA-LALZO, LA-LLZTO, and HA-LLZTO measured with the 2-point subtraction method
given in (A). For LA-LLZTO, the 4-point direct method in (B) was used additionally (designated as 4P LA-LLZTO). The
corresponding activation energies can be found in Table 3.3.4.
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Table 3.3.4. LLZO|PEO:LiTFSI interface resistances (RLLzojpeo) at 70 °C and 20 °C and the corresponding activation
energies Ea of the Arrhenius plots in Figure 3.3.5C for the samples LA-LALZO, LA-LLZTO, and HA-LLZTO determined
by either 2-point subtraction method (2P) or 4-point direct method (4P).

Sample R Lizopeo @70°C R Lizopeo @20°C Ea(eV)
(kQ cm?) (kQ cm?)

2P LA-LALZO 0.30 34 0.85

2P LA-LLZTO 0.54 48 0.81

4P LA-LLZTO 0.45 51 0.85

2P HA-LLZTO 0.66 59 0.81

The obtained high interface resistances of all samples together with the high activation energies
indicate that the LLZO|PEO:LIiTFSI interface is a limiting barrier for the lithium ion transport across
the interface. The lithium ion transfer comprises distinct processes, including the desolvation of the
lithium ion at the interface. According to other studies, this is considered to be the rate-determining
step of the whole transfer process.>>? The desolvation process and its activation energy is highly
influenced by the chemical potential difference of the lithium ions in the polymer matrix and in the
ISE particles. The chemical potential depends on the lithium ion activity that is higher in the ISE
particles by more than one order of magnitude.?? Due to such high differences, the transfer across the
interface is hindered. Another factor for the observed high interface resistance is the formation of a
resistive solid polymer electrolyte interphase (SPEI) upon decomposition of the polymer.*® For these
reasons, the lithium ion transport in the HSEs investigated in this study only takes place via the
polymer matrix. In order to investigate the influence of the interface resistance on the ionic
conductivity of the HSEs, we applied a simple series brick layer model (SBLM). It models the ionic
conductivity of a two-phase composite, taking the ionic conductivities of the single phases as well
as the interface resistance between the two phases into account. The embedded particles are modeled
as cubes with an edge length equivalent to the particle size of the powder particles. Details can be
found in Figure A3.6. The results of the SBLM at a temperature of 70 °C for the three samples LA-
LALZO, LA-LLZTO, and HA-LLZTO are presented in Figure A3.7, using the ionic conductivities
from the pure PSE and sintered LLZO pellet, the particle sizes from Table 3.3.1 and the interface

resistances R Lizopeo from Table 3.3.4.

In all cases, the modeled ionic conductivities describe well the observed decrease in ionic
conductivity of the HSE, confirming that the LLZO|PEO:LIiTFSI interface resistances are a barrier
for the ion transport through the LLZO particles. The filler only lead to a decrease of the effective
cross-sectional area of the conductive polymer matrix. Moreover, we evaluated a lower limit of the

interface resistance for achieving an increase in ionic conductivity compared to the pure PSE.
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According to our results, it must be lower than 0.05 Q cm? in order to be enhance the ionic
conductivity of the HSE. This emphasizes that a low interface resistance is extremely important to
achieve a contribution of ionic conductivity from the LLZO particles. Interestingly, the modeled
ionic conductivities match well with the measured conductivities of the Al,Os-containing HSEs, but
not with the LLZO-containing HSEs, as the measured ionic conductivities of the latter are below the
modeled ionic conductivities. This indicates that the SBLM apparently does not account for the
behavior of LLZO particles embedded in the polymer matrix, e.g., formation of interphases are not
considered in the SBLM. Moreover, it does not account for changes in the lithium ion transference
number (about 0.5 in PSEs vs. close to unity in ISEs) and possible local fluctuations in the PSE upon
incorporation of LLZO particles.

In summary, the HSEs all show decreasing ionic conductivities compared with the pure PSE with
increasing LLZO volume fraction, caused by the high LLZO|PEO:LiTFSI interface resistance. This
is similar for all the LLZO variants used, indicating that the observed slight differences in
compatibility with the PEO matrix (determined by the sedimentation analysis) do not have an
influence on the electrochemical performance of the HSE. Therefore, we investigated different
surface modification approaches in order to significantly increase the compatibility of the LLZO with
the polymer matrix.

3.3.3.5 Characterization of HSEs containing surface-modified LLZO

Two different approaches of surface modification were applied to LA-LALZO powders to increase
the compatibility with the polymer matrix and thus, to lower the LLZO|PEO:LITFSI interface
resistance achieving enhancement in ionic conductivity. The first approach includes wet milling in
PEO-analogous solvents, i.e., ethylene glycol monomethyl ether (EGMME) and ethylene glycol
dimethyl ether (EGDME). In analogy to other examples®*>4, the LLZO surface is activated due to the
high-energy input during milling, promoting the grafting/adsorption of solvent molecules at the
particle surface via van-der-Waals or even covalent chemical bonding. The samples are designated
as “milled EGMME” and “milled EGDME”. The second approach uses surface activation via
annealing in reducing (H2/N2), inert (N2), and oxidizing (O) atmosphere at a temperature of 700 °C,
which is well below the sintering temperature of LLZO. The reducing or oxidizing conditions can
promote the formation or reduction of oxygen vacancies, respectively®, which can influence the
lithium ion transport pathway at the LLZO|PEQ: LiTFSI interface. Annealing in inert atmosphere
can help to reduce residual contaminations at the LLZO surface, e.g., lithium carbonate due to
reaction of LLZO with water and carbon dioxide from ambient air.2® The samples are labeled as

“annealed Ha/N2”, “annealed N2”, and “annealed O,”.

To check for structural changes upon surface modification, XRD was performed on the five samples

(Figure A3.8). The patterns of all samples are not changed compared with the XRD pattern of the
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pristine LA-LALZO powder (Figure A3.2) and match well with cubic LLZO reference. Solely the
“milled EGDME” sample shows peak broadening, which is probably due to the reduction of
crystallite sizes upon milling. The particle sizes, i.e., D50 values of the surface-modified powders
are in the same range or slightly higher than the D50 value of the pristine LA-LALZO powder (see
Table A3.4), which is of high importance for comparability.

Figure 3.3.6A demonstrates the results of the chemical compatibility test via sedimentation analysis
of the surface-modified powders together with the pristine LA-LALZO powder as reference. The
sedimentation times, i.e., compatibility with the PEO matrix of the “milled EGMME” and “milled
EGDME” powders have approximately doubled compared with the pristine LA-LALZO powder.
This clearly indicates that the surface modification by grafting PEO-analogous solvent molecules on
the LA-LALZO surface was successful, strongly enhancing the compatibility with the PEO matrix.
Contrary to this, the annealed powders all exhibit lower sedimentation times by a factor of 0.5 for
the “annealed Ho/N,” sample, 0.7 for “annealed N»”, and 0.4 for “annealed O,”. This implies that the
annealing (and hypothesized formation/reduction of oxygen vacancies, and removal of lithium
carbonate potentially present at the surface) does not improve the chemical compatibility with the
PEO matrix, but the opposite.

EIS was performed on the HSEs containing the surface-modified samples in order to study the
influence of the significantly altered compatibility with the PEO matrix on the LLZO|PEO:LITFSI
interface resistance and the ion transport pathway in the HSEs. Figure 3.3.6B shows the
corresponding EIS results of the HSEs with the powders milled in PEO-analogous solvents and
Figure 3.3.6C those with the annealed powders in different atmospheres, both in dependence of the
filler content at a temperature of 70 °C. The values of the HSE including the pristine LA-LALZO
powder as well as the pure PSE PEO:LiTFSI and the Al,Os-containing HSES are given as a reference

in both graphs.
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Figure 3.3.6. (A) Normalized sedimentation times of the surface-modified LA-LALZO powders in EGDME determined
with the help of an analytical centrifuge. They were modified either by milling in PEO-analogous solvents (ethylene glycol
monomethyl ether (EGMME) and ethylene glycol dimethyl ether (EGDME)), or by annealing in reducing (H2/Nz2), inert
(N2), and oxidizing (O2) atmosphere. The pristine LA-LALZO powder is shown as a reference. (B) lonic conductivities of
the HSEs LA-LALZOx/PEO:LITFSI and the HSEs containing the LA-LALZO powders milled in PEO-analogous solvents
(milled EGMME and milled EGDME) in dependence of the volume fraction x of the LLZO filler at 70 °C. (C) lonic
conductivities of the HSEs LA-LALZOXx/PEO:LITFSI and the HSEs containing the LA-LALZO powders annealed in
reducing (H2/N2), inert (N2), and oxidizing (O2) atmosphere in dependence of the volume fraction x of the LLZO filler at
70 °C. In (B) and (C), the ionic conductivities of the pure PSE PEO:LIiTFSI (filler content x = 0 vol%) and the HSE
containing the passive filler Al20s (Al203x/PEO:LIiTFSI ) are given as reference. Moreover, the experimental error of 7%

is given only for one sample each for reasons of clarity.

The ionic conductivities of the surface-modified samples were extracted from the corresponding
Nyquist plots (Figure A3.9), which all exhibit one semicircle attributed to the bulk ionic conductivity
of the HSE. The ionic conductivities are all well below the references PEO:LIiTFSI and Al.Os-
containing HSEs, indicating no contribution of the surface-modified LA-LALZO particles to the ion
transport, neither by interface and/or interphase processes or by direct contribution through the LA-
LALZO particle itself, probably due to high LLZO|PEOQO:LITFSI interface resistances. Similar to the
HSE with the pristine LA-LALZO particles embedded, the ionic conductivities of all samples
decrease with increasing filler content, which further confirms that the ion transport solely takes

place via the polymer matrix. Only slight differences between the surface-modified samples can be
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observed, as most of the values are within the range of the experimental error. Overall, the results
are similar to those of the unmodified, pristine LLZO powders. In summary, the surface
modifications and the related altered compatibilities with the PEO matrix do not positively affect the
ionic conductivity of the HSEs and the LLZO|PEO:LITFSI interface resistance. Presumably, there
are other factors more strongly determining the LLZO|PEO:LITFSI interface resistance besides the
sole compatibility such as the high difference in lithium ion chemical potential in the two phases,
hindering the transfer across the interface. Methods to equalize this difference can potentially help
to lower the interface resistance, e.g., by etching of the LLZO surface (lowering lithium ion

concentration in the ISE) or increasing the lithium ion concentration in the polymer matrix.

3.3.4 Conclusions

In this work, the correlation between the ionic conductivities of hybrid solid electrolytes (HSES) and
the phase compatibility of the components, i.e., glass-ceramic garnet-type fillers LLZO and the
PEO:LITFSI polymer matrix was investigated in detail. The chemical compatibility quantified by
two solvent-based methods altered slightly upon variation of LLZO chemistry (Al-doped < Ta-doped
< Ta-doped LLZO with high content of amorphous phase), but surface modification, i.e., milling in
solvents analogous to the PEO monomer, was found to increase compatibitility significantly due to
solvent molecules grafted at the particle surface. However, in the case of all of the investigated
powders, the ionic conductivities of HSEs prepared thereof were lower compared with the references,
i.e., pure polymer electrolyte as well as HSEs containing the passive filler Al,Os. lonic conductivities
were also found to decrease with increasing LLZO content, indicating that the LLZO particles do not
contribute to the ion transport but instead decrease the effective cross-sectional area of the polymer
electrolyte. The LLZO|PEO:LITFSI interface resistances of all variants (0.3-0.6 kQ cm? at 20 °C,
activation energies ~0,8 eV) confirmed that the ion transfer across the interface is hindered. Modeling
of the data with a simple brick layer model was in accordance with the observed results. In summary,
the enhanced LLZO/PEO compatibility observed in this study does not have a positive effect on
lowering the interface resistance, disproving the hypothesis of this study. However, it emphasized
the importance of understanding ceramic/polymer interfaces for the design of HSEs, which are a very
attractive solution approach in future solid-state battery applications, especially due to their

mechanical flexibility.
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4 Conclusions and Outlook

This thesis examined the novel class of glass-ceramic LLZO solid electrolyte with a unique
amorphous phase manufactured at the SCHOTT AG for the potential application in SSBs. The focus
was on the investigation of surface and interface-related properties of such powder particles as well
as of components manufactured thereof, e.g., sintered pellets or hybrid electrolyte membranes. These
are current obstacles to be overcome regarding their manufacturing, processing and integration into
SSBs based on LMA. Accordingly, the investigation of pristine powder surfaces showing specific
degradation reactions during storage in different atmospheres were highlighted in publication 1. In
addition, the application as an ISE manufactured by sintering of such powders and as polymer-based
HSEs manufactured by embedding those into a polymer electrolyte matrix was investigated. In this
context, the focus was on the influence of the amorphous phase on the interfacial properties with a
LMA and the polymer matrix, respectively. Both approaches are outlined in detail in publication 2
and the manuscript.

One central conclusion that can be drawn from the results and can not be emphasized enough, is that
detailed consideration of surface and interface properties is vital for the application of SEs in SSBs.
In contrast to conventional liquid electrolytes, that are mainly characterized by their bulk properties,
typical powder properties such as morphology, shape, specific surface area, and surface chemistry
need to be taken into account. They are crucial for manufacturing and further processing of both ISE
and HSE components, their integration into battery cells together with electrode materials
considering both the anode and the cathode, as well as for their electrochemical performance. For
sintered ISEs, which have high brittleness and hardness compared to the inherently good wetting
abilities of liquid electrolytes, sufficient contact at the electrode interfaces and optimized
microstructure of the ISE are essential. This applies especially for LMAs, where such interface
properties determine the cycling stability. Concerning the application of ISE powders in HSEs, the
additional ISE/polymer interface has tremendous influence on the ion transport properties and overall

performance of such composites.

Accordingly, the surface properties of glass-ceramic LLZO powders were studied in detail within
publication 1. Since the focus was on the elucidation of the degradation mechanism in ambient air,

powders with very low amorphous phase content were chosen to prevent side effects and to ensure
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the transferability of the results to conventional LLZO materials. By kinetic measurements, the
degradation mechanism could be identified as diffusion-limited with the hydration as a prerequisite
intermediate step. The reaction rate is found to increase linearly with increasing specific surface area
of the powder. From the results, important conclusions for the handling conditions of LLZO powders
can be drawn in order to achieve optimum surface properties for further processing. As the
degradation, i.e., protonation of LLZO and lithium carbonate formation, took place readily within
the first twenty minutes of the experiment for all powders, contact with ambient air should be avoided
at any time. This applies especially for nano-scale powders highly demanded for battery applications.
Indeed, powders should be processed in moisture-free atmospheres in order to prevent the
intermediate hydration step. Dry, CO,-free as well as or dry room conditions (under which the CO,
of the conditioned ambient air is still present) are favored. In addition, heat treatment of LLZO
powders can help to remove any degradation products.

The interface properties of glass-ceramic LLZO with other battery components were examined
regarding two potential applications. On the one hand, the interface between sintered LLZO glass-
ceramics (ISE) and a LMA and the related dendrite stability were highlighted. On the other hand,
glass-ceramic LLZO powders were embedded in a PSE matrix (HSE) and the corresponding
LLZO/PSE interface was investigated. For both applications, the focus was on the influence of the
amorphous phase on the interface properties and thus, the amorphous phase content was varied from
very low (~0.1 wt%) to high content (~4 wt%). The overall conclusion is that a high volume fraction
of amorphous phase is highly beneficial for the application in the case of the sintered ISE when it is
combined with a LMA. In sintered bodies, the dendrite stability was found to be enhanced by the
amorphous phase, as it fills grain boundaries and pores and thereby mechanically and
electrochemically suppresses lithium dendrite formation at the LMA interface. It also prevents
cracking of the LLZO material upon lithium plating. In contrast, no positive effect of the amorphous
phase on the performance could be proven in the case of PEO-based HSEs into which glass-ceramic
LLZO particles with low and high amorphous phase content were incorporated. In both cases, the
HSEs exhibited similar electrochemical properties and investigations on the LLZO/PSE interface
confirmed such behavior. The ionic conductivities of the HSEs are lower compared with the unfilled
PSE indicating no positive influence of the amorphous phase chemistry on the lithium ion transport
across the LLZO/PSE interface in the case of PEO-based PSEs.

In summary, this thesis outlines the high importance of surface and interface properties for the
implementation of solid electrolytes in SSBs, with respect to the novel class of glass-ceramic LLZO
produced at the SCHOTT AG. Besides fundamental insights into its surface degradation mechanism,
providing the basis on how to select, handle and process LLZO in future production scenarios, the
unique properties of glass-ceramic LLZO at the LMA interface make it a very promising material

for the application as sintered ISE. Moreover, the intrinsically contained amorphous phase helps to
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achieve high density and high ionic conductivity at lower temperatures and shorter dwelling times
compared with conventional syntheses due to liquid phase sintering, enabling its cost-effective
processing. Together with the scalability of the manufacturing at the SCHOTT AG, it is well-suited

for the large-scale application in future SSBs.

Several ideas evolve from the present thesis that should be considered for future work. They are

divided into three distinct subject areas, presented in the following section.

i. Precautions during manufacturing and processing of LLZO

For future large-scale production scenarios of LLZO, its high sensitivity against moisture and the
related degradation should be considered carefully. The preparation of LLZO usually is a multi-step
process that includes the handling and processing of LLZO powders. Especially upon milling, the
powder surfaces are highly reactive. Therefore, all of these steps should take place in dry conditions
in an ideal case. Since the surface properties of LLZO are crucial for its performance, methods may
be evaluated how to reliably track the condition of the LLZO surface in between processing steps
and just before final assembly, which is often neglected in the literature. For example, Raman
spectroscopy may be a useful technique as it is fast and easy to implement.

ii. Further development of glass-ceramic LLZO

As sintered glass-ceramic LLZO has shown promising properties for the application with LMAs,
several ideas arise how to further enhance its performance. First, the instrinsically contained
amorphous phase could be further modified in terms of its electrochemical properties in order to
boost its ability to prevent lithium dendrite formation. Several studies on artificial interlayers on
LLZO have shown that the ideal interlayer would be highly ionically conducting but electronically
insulating. Therefore, further adjustment of the amorphous phase in such direction could be fruitful,
e.g., by replacing or combining the present lithium silicate glass with lithium phosphate compounds.
Second, the superior microstructure of glass-ceramic LLZO was found to prevent cracking of the
sintered body upon lithium plating. Hence, a detailed understanding of the mechanical properties
should be the focus of further developments, including elastic, plastic and fracture properties. This
may help to further tailor the amorphous phase. As a third idea, the microstructure with the grain
boundaries and pores filled with the amorphous phase could be used as a template for a structured
3D LLZO framework with extremely high surface, e.g., by etching of the amorphous phase. This can

be beneficial for stable lithium stripping/plating and prolonged cycling stability.

iii. Investigation and modification of the ceramic/polymer interface

For the application of glass-ceramic LLZO powders in HSEs, the LLZO/PSE interface was identified
as bottleneck for high performance due to its high interface resistance in the case of PEO-based PSE.

This might be different for other PSE systems due to the huge variety of different polymers used and
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should therefore be investigated for other PSEs. Such SE/polymer interface effects are often
neglected in the literature. Therefore, a profound understanding of the origin of such high interface
resistances is vital. For example, surface-sensitive techniques such as ToF-SIMS or X-ray
photoelectron spectroscopy should be considered for future investigations, as they can resolve the
chemical species at the interface, e.g., due to chemical reaction of the two phases. Furthermore, this
may help to develop strategies to lower the interface resistance, for example, by tailored interphase

layers.

In conclusion, the results of this thesis prove the high potential of the novel class of glass-ceramic
LLZO for the application in SSBs. Especially its amorphous phase arising from the manufacturing
via melting route at the SCHOTT AG provide unique properties. Moreover, due to the scalability of
the manufacturing process, glass-ceramic LLZO is a very promising candidate for the large-scale
application of next-generation batteries with high energy density.
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Figure S1. Temporal evolution of carbon peaks in EDX spectra taken from particle agglomerates

after 0 h, 6 h and 32 h air exposure. The increment in carbon peak intensity between 0 h and 6

h in relation to the increment between 6 h and 32 h is higher for (A) f-LLZTO than for (B) m-

LLZTO than for (C) ¢c-LLZTO. Please note that the carbon signal at t = 0 h is assumed to originate

from sample preparation.
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Figure S2. XRD patterns of the powder samples (A) f-LLZTO and (B) c-LLZTO exposed to
ambient air for 0 h, 6 h, and 32 h. Magnification of the reflection of the (2 1 1) lattice plane as
well as of the Li,COj; reflection of the (—1 1 0) lattice plane for (C), (E) f-LLZTO and (D), (F)

¢-LLZTO exposed for the same durations.
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Figure S3. Temporal evolution of the LLZTO lattice parameter in Figure 3C fitted according

to the modified Avrami equation (Equation (8)). The fitting parameters can be found in

Table S2.

Table S1. Fitting parameters of the fit described in Figure S3.

Sample ay Aplateau kxrp R’

f-LLZTO 12.97 13.02 0.074 0.99
m-LLZTO 12.93 12.97 0.062 0.99
c-LLZTO 12.93 12.95 0.056 0.99

Table S2. Absolute carbon content of the powder samples f-, m-, and ¢-LLZTO exposed to

different atmospheres for 32 h, determined by IR spectroscopy in a multiphase determinator.

C content (wt %)

Sample Ambient air Dry air Dry air + CO, Dry air + H,0
f-LLZTO 0.37 - -

m-LLZTO 0.23 0.05 0.19 0.06

c-LLZTO 0.14 - — -
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Table S3. Absolute water content of the powder samples f-, m-, and ¢-LLZTO exposed to

different atmospheres for 32 h, determined by IR spectroscopy in a multiphase determinator.

H,O content (wt %)

Sample Ambient air Dry air Dry air + CO,  Dry air + H,0
f-LLZTO 10.26 — - -

m-LLZTO 8.65 0.66 0.75 10.39
c-LLZTO 3.67 - - -

A B

Intensity (a.u.)

Intensity (a.u.)

200 400 600 800 10001200 3200 3400 3600

Raman shift (cm™) Raman shift (cm™")

s s s . s s s L s (i}
200 400 600 800 10001200 3200 3400 3600

Figure S4. Averaged Raman mapping spectra of the powder samples (A) f-LLZTO, and (B)

c-LLZTO exposed to ambient air in dependence of time.
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Figure S5. Temporal evolution of the LLZTO lattice parameter of the powder sample

m-LLZTO exposed to dry atmosphere, determined via Rietveld refinement of the XRD data.
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Figure S1. Particle size distribution measured by static light scattering of initial powders
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Figure S2. XRD patterns of the samples (A) low-am and (B) high-am sintered at different

sintering temperatures (930 °C, 1030 °C, and 1130 °C) for a constant sintering time of 0.5 h.

Table S1. Content of amorphous phase and SiO, of the sintered pellets low-am and high-am

synthesized at different sintering temperatures.

Sintering Sintering Amorphous phase
Sample temperature (°C) time (h) (wWt%) 510; (Wt%)
1130 0.5 0.1° 0.04
low-am 1130 14.5 0.0 0.04
1030 0.5 0.4" 0.03
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1130 0.5 3.0 0.6
high-am 1130 14.5 1.4 0.5
1030 0.5 3.7 0.7

* Due to the experimental error of chemical analysis, values close to the detection limit have

higher uncertainty.

SiKa1

F “

Sic-

Figure S3. For the complementary SEM/EDX and ToF-SIMS analysis a SiC particle from the
polishing paper was used as a landmark. (A) Top-view SEM image and corresponding EDX
elemental maps of the sample high-am sintered at a sintering temperature of 1130 °C for 0.5 h.
(B) ToF-SIMS analysis at the same position and selected positive and negative secondary ion

maps.
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Figure S4. (A) Top-view SEM image and corresponding EDX elemental maps of the sample
low-am sintered at a sintering temperature of 1130 °C for 0.5 h. (B) ToF-SIMS analysis at the
same position and selected negative secondary ion maps. The scratches are from a diamond

scriber used as a landmark.
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Figure S5. XRD patterns of the samples (A) low-am and (B) high-am sintered for different

sintering times (2 h, 6 h and 14.5 h) at constant sintering temperature of 1130 °C.
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Table S2. Detailed impedance analysis of the samples low-am and high-am sintered at different
sintering temperature (at constant sintering time of 0.5 h) including the total ionic conductivity
oy, the bulk conductivity oy, and grain boundary conductivity oy, at room temperature. The
activation energies of bulk and grain boundary process E,; and E, o and the capacity of the

grain boundary Cy, are given as well.

Sintering A o, E,, Ogp Cy, E, gz
Sample

temp. °C) (mScm') (mMSem?) (eV) @mmScem!) (F)+ (eV)

1130 0.97 0.99 043  0.023 1.2E-08 0.45
low-am 1030 0.62 0.77 - 0.013 7.7E-09 -

930 0.006 0.01 - 0.001 1.2E-09 -

1130 0.65 0.75 043 0.021 6.2E-09 046
high-am 1030 0.43 0.61 - 0.010 3.9E-09 -

930 0.02 0.05 - 0.001 1.0E-09 -

* The ionic conductivity of the grain boundaries was estimated by using a simple brick layer
, 1 d G . . e . .
model with Ogb =%, 2 ¢, assuming a similar permittivity & of the grains and grain
g 4

boundaries.! Ry, is the impedance of the grain boundary, C, and Cy, the capacities of the bulk

and grain boundary. The thickness of the pellet is given by d and the electrode area by A.

4+ Effective capacitance C values were calculated by converting the constant phase element

Q )l/a

Rl—cr

(CPE) Q together with the fitted value o using € = (
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Figure S6. RT Nyquist plots of Li|Ta-LLZO|Li symmetric cells for the samples low-am and

high-am sintered at 1130 °C for (A) 0.5 h and (B) 14.5 h before galvanostatic cycling and (C)

and (D) after galvanostatic cycling.

Figure S7. SEM images after in situ lithium plating for the sample low-am. (A) Close-up of

fine lithium filaments and cracks filled with lithium metal. (B) Backscattered electrons (BSE)
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image of the lithium filaments and lithium metal-filled cracks confirming the presence of

lithium metal due to the strong elemental contrast.
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Figure A3.1. (A) Schematics of the setup used for calorimetric determination of the heat of dispersion upon dispersing

LLZO particles into PEO-analogous solvents. (B) Exemplary temperature curve (grey) determined with the setup given in
(A) for the sample LA-LLZTO dispersed in EGMME. Data were fitted using Equation (3.3.2) (orange).
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Figure A3.2. (A) Particle size distribution measured by static light scattering and (B) XRD patterns of the LLZO glass-
ceramic powders doped with Al (LALZO) and Ta (LLZTO), either having low (LA-) and high amount (HA-) of amorphous
phase. For LA-LLZTO, two additional particle sizes are given from fine (sub-pm, f-LA-LLZTO) to coarse (a few pm,

C-LA-LLZTO).
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Figure A3.3. Top-view SEM image of the powder particles LA-LALZO.
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Figure A3.4. Nyquist plots of the HSE samples LA-LALZO10/PEO:LIiTFSI, LA-LLZTO10/PEO:LITFSI, HA-
LALZO10/PEOQ:LITFSI, and Al20310/PEO:LIiTFSI with a volume fraction of 10 vol% of the filler at 70 °C.

Table A3.1. Bulk capacitances Couik from the Nyquist plots (Figure A3.4) of the HSE samples LA-LALZO10/PEO:LITFSI,
LA-LLZTO10/PEO:LITFSI, HA-LALZO10/PEO:LITFSI, and AI20310/PEO:LITFSI, exemplary with a volume fraction
of 10 vol% of the filler at 70 °C.

Sample Couik @70 °C (pF)
LA-LALZO10/PEQ:LITFSI 31
LA-LLZTO10/PEO:LITFSI 28
HA-LLZTO10/PEQ:LITFSI 30
Al;0310/PEO:LITFSI 88
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Figure A3.5. Top-view SEM image of the HSE Al20310/PEO:LITFSI.
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Table A3.2. Summary of key properties of PEO/garnet-based HSEs described in the literature.

Polymer Lithium Molar Filler type Particle Increase of ¢ Filler content Synthesis Solvent- Reference
salt ratio size (um) vs. pure PSE @max. ¢ (vol%) based
(EO:Li)
PEO400,000 LiClO4 8:1 Al- LLZO + 14 tape casting yes 1
PEO600,000 LiClO4 18:1 Ta-LLZO 5 + 20 tape casting yes 2
PEO LiTFSI 18:1 Ta-LLZO 1 + 10 tape casting yes g
PEO300,000 LiTFSI 10:1 Ta-LLZO 0.2;5 + 20 tape casting yes 4
PEO600,000 Ga-LLZO 0.05 + 16 tape casting yes €
PEO LiClO4 18:1 Al-LLZO 0.2 + 15 tape casting yes 6
PEO5M LiTFSI 20:1 Ga-LLZO 14 - tape casting yes u
PEO600,000 LiTFSI 8:1 Al-LLZO 10 + 2 tape casting yes 8
PEO500,000 LiClO4 8:1 Ba-Ta-LLZO  few um + 6 tape-casting yes <
PEO100,000 LiClO4 20:1 Al-LLZO few um - tape-casting yes 10
PEO1M Ta-LLZO 0.04 + 12 tape-casting yes =
PEO LiClO4 15:1 tet. LLZO ~0.3 + 20 tape-casting yes 12
PEO4M LiTFSI 15:1 LLZO ~1 - hot pressing no C
PEO600,000 LiClOq4 15:1 Ta-LLZO 1.4 + 10 tape casting no 14
PEO600,000 LiTFSI 8:1 Ta-LLZO + 3 hot pressing no =
PEO100,000 LiTFSI 11:1 Al-/Ga-LLZO 1 - cryo milling no 16
PEO600,000 LiTFSI 12:1 Ta-LLZO 0.5 T 3 hot rolling no L
PEO600,000 LiTFSI 10:1 Ta-LLZO ~0.5 + 20 kneading no 18
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Table A3.3. Bulk and interface capacitances Cruik and Cint 0f the Nyquist plots of the 2-point subtraction method and 4-
point direct method for the sample LA-LLZTO described in Figure 3.3.5. For the 2-point method, two cell setups (trilaminar

and bilaminar) were used and for the 4-point method, solely one cell setup.

Sample Couik @70 °C (pF)  Cint @70 °C (uF)
2-point trilaminar setup 26 0.5
2-point bilaminar setup 36 0.7
4-point trilaminar setup - 0.3
A
polymer matrix R; pgo filler particle Ry 70 :

ai 3
dtot — ( LLZO ))

XLLZO (il’l vol%

electrodes polymer matrix —

_ LLZO

Ry pro Riizo = OLLZO : _dELzo

1 diot
R = N S
LPEO ™ oppo  dor-dfizo
Interface Ry ppo = 1 diot—dLLzO

b =
RyLzolPEO ope0  dfrzo0
R __ RprLzojpeo (in Qcm?)
LLZO|PEQ = TR
Ry pro
—— Ryppp —{Riz0lre0 Riiz0
1 1 1
Riot  R1PEO +RLLzo|PEOtRLLZO

Figure A3.6. (A) Schematics of the series brick layer model (SBLM) used in this study to describe the ionic conductivity
of the HSEs. It considers a cube-shaped LLZO particle with an edge length diLLzo embedded in a polymer matrix PEO. The
volume fraction of the LLZO XvLzo is used to calculate the total length diot Of the considered volume. The corresponding
resistances are designated as Riizo and Ripeo/R2peo, respectively. The interface resistance between LLZO and the PEO
matrix is described by RiiLzopeo. The calculations of all resistances are given on the right-hand side. (B) The equivalent
circuit used for the calculation of the total resistance Rt described by the equation below. The Rt is used to calculate the

ionic conductivity of the HSE.
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Figure A3.7. Results of the series brick layer modeling (SBLM) described in Figure A3.6 as a function of filler content x
at 70 °C for (A) LA-LALZO, (B) LA-LLZTO, and (C) HA-LLZTO using either the obtained interface resistance RLLzojpeo
from Figure 3.3.5 (orange) or a simulated Rrrzopeo 0f 0.05 Q cm? (bright-orange) that has been determined as lower limit
for achieving an increase in ionic conductivity compared with the pure PSE. As references, the ionic conductivities of the
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pure PSE PEO:LiITFSI and the HSE containing the passive filler Al2Os are given.
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Figure A3.8. XRD patterns of the surface-modified LA-LALZO powders either by milling in PEO-analogous solvents
(ethylene glycol monomethyl ether (EGMME) and ethylene glycol dimethyl ether (EGDME)) or by annealing in reducing
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(H2/N2), inert (N2), and oxidizing (Oz) atmosphere.

Table A3.4. D50 values of the surface-modified LA-LALZO powders either by milling in PEO-analogous solvents
(ethylene glycol monomethyl ether (EGMME) and ethylene glycol dimethyl ether (EGDME)) or by annealing in reducing

(H2/N2), inert (N2), and oxidizing (Oz) atmosphere.

Appendix A3

Sample D50 (um)
milled EGMME 0.7
milled EGDME 0.7
annealed Ha/N> 0.9
annealed N 13
annealed O 1.3
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Figure A3.9. Nyquist plots of the HSEs containing the surface-modified LA-LALZO powders milled in PEO-analogous
solvents (milled EGMME and milled EGDME) or annealed in reducing (H2/Nz), inert (N2), and oxidizing (Oz) atmosphere

with a volume fraction of the filler of 10 vol% at 70 °C.
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