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Abstract

Large-scale electrification of transportation and advancements in energy storage are key to
achieving net-zero emissions. Solid-state batteries present a promising energy storage solu-
tion, expected to enable the use of high-capacity electrode materials such as lithium metal and
lithium alloys, while also improving safety. However, effectively integrating high-capacity
electrode materials remains a key challenge in unlocking the potential of solid-state batteries.

The high reactivity of lithium metal poses both safety and operational challenges, leading to
dendrite formation and loss of active redox species (i.e., long-term capacity fading). Since
most inorganic solid electrolytes undergo reduction upon contact with alkali metal, the corre-
sponding interphase formation and the resulting long-term increase in cell resistance are often
underestimated. However, interphase kinetics and the consequent impact on cell performance
strongly depend on the composition and properties of the reaction products. Revealing the
interphase composition, growth kinetics, and the influence and role of its individual constitu-
ents is crucial for developing protective strategies and enhancing material compatibility.

Within this doctoral thesis, the intrinsic transport properties and growth kinetics of the inter-
phase and its constituents for lithiated LisPSsCl are investigated, emphasizing their impact on
long-term cell operation. Following the quantification of the interphase’s partial conductivities
through bulk-material synthesis, which revealed a significant resistance contribution over the
battery's lifespan, conventional physiochemical concepts were revisited. The Wagner diffu-
sion model, predicting diffusion-controlled interphase growth based on experimental data,
was analyzed for solid|solid interfaces alongside the Hebb-Wagner method for accurately
quantifying low electronic conductivities in lithium-ion conductors. The former addressed the
influence of different interface morphologies on evaluating interphase rate constants by im-
pedance measurements, while the latter revealed the partial electronic conductivity of lithium
halides (i.e., LiCl, LiBr, and Lil) present in various interphases.

Alloy electrodes, owing to their higher electrode potentials relative to lithium metal, are ex-
pected to cause reduced degradation of sulfide solid electrolytes. In this context, In/(InLi)x
electrodes — prominent for exhibiting a stable potential of 0.62 V vs. Li"/Li — were first inves-
tigated to assess how preparation influences electrode microstructure and performance. Con-
trolling microstructure is critical to avoid current constriction and ensure consistent operation.
Studies on thin indium films deposited on current collectors offered insights into interphase
growth kinetics at alloying interlayers — an essential challenge for reservoir-free cells — and
highlighted the gradual degradation of LisPSsCl at the electrode potential of In/(InLi)x.

Overall, this doctoral thesis advances the fundamental understanding of intrinsic degradation
processes at the electrode|electrolyte interface. In particular, this work provides a new per-
spective on how multiphase interphases form and evolve over time, depending on their partial
ionic and electronic transport properties. It delivers essential insights on previously inacces-
sible kinetic parameters that now enable more accurate computational simulations, improve
the prediction by analytical models, and guide the rational design of more stable materials and
interfaces to minimize capacity losses in (reservoir-free) solid-state batteries.
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Zusammenfassung

Die Elektrifizierung des Verkehrs und Fortschritte bei der Energiespeicherung sind ein wich-
tiges Ziel in der Verringerung von Emissionen. Festkdrperbatterien haben sich als vielver-
sprechende Energiespeicherlosung etabliert, um Elektrodenmaterialien mit hohen Kapazitaten
einzusetzen, wahrend gleichzeitig eine héhere Sicherheit erreicht werden konnte. Die Integra-
tion von Elektrodenmaterialien bleibt jedoch eine zentrale Herausforderung, um das Potenzial
von Festkorperbatterien voll auszuschopfen.

Die Reaktivitat von Lithiummetall fihrt zur Bildung von Dendriten, welche den sicheren Be-
trieb und die langfristige Speicherkapazitat einschranken. Da sich viele anorganische Fest-
elektrolyte bei Kontakt mit Alkalimetallen zersetzen, werden die Auswirkungen von entste-
henden Zwischenphasen haufig unterschatzt. Die daraus resultierenden Auswirkungen auf die
Zellleistung hdngen jedoch stark von der Zusammensetzung und den Eigenschaften der Re-
aktionsprodukte ab. Untersuchungen der Zusammensetzung, der Wachstumskinetik und der
Rolle einzelner Bestandteile sind fur die Entwicklung von Stabilisierungsstrategien und der
Verbesserung der Materialkompatibilitaten unerlasslich.

In dieser Dissertation werden Transporteigenschaften, die Wachstumskinetik und Bestand-
teile von Zwischenphasen an der Li|LisPSsCI-Grenzflache untersucht. Die Bestimmung der
Teilleitfahigkeiten durch Bulk-Material-Synthese verdeutlicht einen signifikanten Wider-
standsbeitrag durch entstehende Zwischenphasen (ber die Lebensdauer einer Batterie. Ein
Modell zur Vorhersage des diffusionskontrollierten Zwischenphasenwachstums auf der
Grundlage experimenteller Daten wurde ebenso analysiert wie die Hebb-Wagner-Technik zur
genauen Bestimmung der elektronischen Teilleitfahigkeit in Lithiumionenleitern. Ersteres be-
fasste sich mit potenziellen Fehlerquellen der Interpretation von Impedanzmessungen zur
Vorhersage des Zwischenphasenwachstums, wéhrend letzteres die partielle elektronische
Leitfahigkeit von Lithiumhalogeniden (LiCl, LiBr und Lil) untersuchte, die in vielen Zwi-
schenphasen vorkommen.

Aufgrund ihres hoheren Elektrodenpotenzials wird Legierungsanoden ein geringer Zerfall von
sulfidischen Festelektrolyten zugesprochen als bei metallischem Lithium. In/(InLi)x-Elektro-
den — die ein stabiles Potenzial von 0,62 V vs. Li"/Li auszeichnet — wurden prépariert, um den
Einfluss der Mikrostruktur auf die Leistungsfahigkeit der Elektrode zu untersuchen. Untersu-
chungen an dunnen Indiumschichten boten dagegen Einblicke in die Zwischenphasenentwick-
lung an Legierungen — eine wesentliche Herausforderung zur Umsetzung von Reservoir-freie
Zellen — und verdeutlichten den allméhlichen Zerfall von LigPSsCl in Kontakt mit In/(InLi)x.

Diese Dissertation leistet einen wesentlichen Beitrag zum Verstandnis von Degradationspro-
zessen an der Elektrode|Elektrolyt-Grenzflache in Festkorperbatterien. Sie liefert neue Er-
kenntnisse darlber, wie sich Zwischenschichten in Abhéngigkeit ihrer partiellen Leitfahigkei-
ten zeitlich entwickeln. Dabei werden bislang unzugéangliche kinetische Parameter quantifi-
ziert, die genauere Simulationen ermdglichen, die VVorhersagekraft analytischer Modelle ver-
bessern und die gezielte Entwicklung stabilerer Materialien und Grenzflachen anleiten — ins-
besondere zur Minimierung von Kapazitatsverlusten in (reservoir-freien) Festkorperbatterien.
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Preliminary Remarks

The terms 'negative’ and 'positive’ electrode should be used to address both electrodes cor-
rectly. During discharge, oxidation and reduction reactions occur at the 'negative' and 'positive'
electrodes, respectively. However, this is reversed during charging. Therefore, the terms "an-
ode' and ‘cathode’ are imprecise. However, in order to avoid confusion, this thesis will conform
to commonly used terminology. The terms 'anode' and ‘cathode’ (as defined by the reactions
during discharge) are used for the 'negative' and ‘positive' electrodes, respectively.

This thesis thoroughly discusses the instability of the anode interface and the decomposition
reactions of solid electrolytes in contact with lithium metal. It is important to note that the
(electro-)chemical instability of electrolytes in contact with cathode materials and resulting
interphase formation (commonly referred to as cathode electrolyte interphase, CEI) should
not be overlooked. However, this topic lies outside the scope of this work and will not be
discussed in detail.

Generative Al and Al-assisted technology was utilized in the preparation of this thesis to im-
prove readability and language. Specifically, ChatGPT 3.5 (by OpenAl) was employed with
the command prompt: "Rephrase the following text without changing or adding content.” Fol-
lowing the use of this tool, the author thoroughly reviewed and edited content and language,
if necessary, and takes full responsibility for the final content of the present thesis.
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1. Introduction

1. Introduction

As of March 2025, the recent withdrawal of the United States from the Paris Climate Agree-
ment places global efforts under significant strain. The impact of this decision on the agreed
goal of limiting global temperature rise to 1.5 °C above pre-industrial levels remains uncer-
tain. Without reductions in greenhouse gas emissions, the increasing risk of severe environ-
mental catastrophes poses an escalating threat to plants, animals, and human life.*3

The global transition to renewable energies has gained significant momentum in recent years,
with solar and wind energy at the forefront.* To address periods of low energy generation due
to the intermittent nature of renewable energy, surplus energy (e.g., at night) must be stored
efficiently. The transition from combustion-based transportation also requires the use of re-
chargeable batteries to reduce emissions and improve efficiency for mobile applications.®

In the 1980s, lithium-ion batteries (LIBs) with liquid electrolytes (LES) were developed and
have since become the leading battery technology for both mobile and stationary applica-
tions.®’ Their widespread use is attributed to their high energy and power density, along with
excellent cyclability and reliability.®° However, commercial LIBs are approaching their phys-
icochemical limits in terms of energy density, necessitating the development of advanced cell
chemistries to meet the growing demands for higher energy and power density, fast-charging,
and improved safety.'® Replacing graphite-based electrodes with lithium metal electrodes
(LMEs) or lithium alloys offers possibilities to enhance energy and power densities. Lithium
metal provides the highest theoretical storage capacity of 3,861 mAh g ! and the lowest stand-
ard redox potential (Ey) of —3.04 V vs. SHE.!! LMEs are expected to enhance storage capacity
and enable fast charging, which are key requirements for the automotive sector.'?

However, the formation of lithium dendrites during cycling of LMEs and the degradation of
organic LEs prevent the safe operation of LMEs in LIBs.®? Initially, it was believed that dense
inorganic solid electrolytes (SEs) could inhibit dendrite growth through their mechanical
properties, thereby enabling safer operation of LMEs.1*%° Thus, by replacing flammable or-
ganic LEs, SEs with high ionic conductivity at room temperature might enable fast charging
for solid-state batteries (SSBs).1® Sulfide SEs like LisPSsX (X = Cl, Br, 1) exhibit high ionic
conductivity and facilitate low-temperature processing.!” Consequently, SSBs incorporating
LMEs could surpass conventional LIBs in both performance and safety.18-2

Nevertheless, significant challenges remain in developing competitive SSBs.?! The brittle na-
ture of SEs prevents sufficient accommodation of electrode volume changes.??? This results
in contact loss during discharge, as contraction and cracking of cathode active material (CAM)
particles occur, leading to poor active material utilization and capacity fading.?? Similar issues
occur for LMEs, where lithium vacancy accumulation during lithium dissolution creates mac-
roscopic pores at the metal|SE interface.?* These pores cause contact loss during discharge
and inhomogeneous lithium deposition during charge, ultimately causing cell failure.?>%
Early assumptions about the enhanced safety of SEs are increasingly being challenged.?’-?°
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Moreover, to avoid the challenging handling of highly reactive lithium metal foils during cell
manufacturing,®®3! so-called 'anode-free' cells or reservoir-free cells (RFCs) can be assem-
bled.®?3® Here, the LME is formed during the first charging step by electrodeposition of lith-
ium, initially stored in the lithiated CAMs. This eliminates the need for a dedicated lithium
reservoir, reducing the cost, weight, and volume of SSBs. However, ensuring the reliable long-
term operation of RFCs depends on efficient utilization of active lithium from CAMs and high
capacity retention.3* Thus, contact loss of active material must be prevented,?? highly uniform
morphologies at the metal|SE interface must be achieved, and — often underestimated — para-
sitic side reactions must be reduced to mitigate severe capacity fading.>*

Regarding side reactions, many SEs are prone to reduction in contact with electrode materials,
leading to gradual degradation over time.?* In contact with high-voltage materials (i.e.,
CAMs), many SEs undergo oxidation, whereas contact with lithium metal leads to their re-
duction (affecting both conventional SSBs with excess lithium and RFCs).%>3" As a result,
interphases comprising various degradation products form at the electrode|SE interface, fea-
turing oxygenated species on the cathode side and fully reduced species on the anode side.
lon-conducting interphases are referred to as solid-electrolyte interphases (SEISs), in line with
the analogous interphase in LEs,*® and exhibit diffusion-controlled (i.e., 'metastable’) growth.
In contrast, some SEs form mixed conducting interphases (MCIs) upon reduction with elec-
trode materials, which continue to grow until one component is entirely consumed.*®

While certain SEIs, such as those of LizLasZr.012 (LLZO) or lithium phosphorus oxynitride
(LiPON), form interphase layers of only a few nanometer in contact with lithium, sulfide SEs
are reported to form SEIs with thicknesses extending to hundreds of nanometers.**#? Further-
more, interphase formation consumes active lithium, introduces chemomechanical changes,
and increases the risk of dendrite growth.*>** Despite these challenges, the impact of inter-
phases on the performance of both conventional SSBs and RFCs is often underestimated.

The increased cell resistance caused by SEI formation further limits the competitiveness of
practical SSBs compared to conventional LIBs. This is largely influenced by the reaction
products and interphase composition, which dictate the interphase kinetics and rate constants.
Therefore, a fundamental understanding of the SEI's properties, its growth rate, and the role
of individual constituents is essential for effectively stabilizing interphase formation at the
electrode|SE interface and predicting its impact on cell performance.

Alloying materials and interlayers are considered promising for mitigating SE degradation
and stabilizing interface morphologies in SSBs, while achieving suitable storage capacities.
However, SE degradation at the elevated Ey; of lithium alloy electrodes (relative to lithium
metal) has neither been systematically investigated nor quantified. Consequently, it is often
regarded as insignificant, and with only a few reports addressing this issue. But, considering
the electrochemical stability window (ESW) of common SEs, their degradation is expected
and should not be neglected.*>*’
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In this doctoral thesis, interphase formation between LigPSsCl (LPSCI) and both LMEs and
alloy electrodes was investigated, along with its impact on cell performance. The intrinsic
transport properties and growth kinetics of SEIs and their constituents were examined, while
the applicability of impedance measurements for assessing interphase growth in solid-state
systems was examined. Complemented by studies on In—Li alloy electrodes, this work offers
key insights for accurately predicting interphase growth rates, improving lifetime forecasting,
and guiding effective stabilization strategies against degradation and capacity loss in SSBs.

In the first publication of this doctoral thesis, titled “Quantifying Multiphase SEI Growth in
Sulfide Solid Electrolytes”, the transport properties and growth kinetics of reduced sulfide SE
were investigated by directly reacting LPSCI with lithium metal powder. This approach ef-
fectively models multiphase SEIs, as confirmed by X-ray diffraction (XRD) and X-ray pho-
toelectron spectroscopy (XPS), enabling the determination of both the interphase’s partial
ionic and electronic conductivity. Using the Wagner diffusion model to estimate SEI growth
based on both partial conductivities, the findings highlight the significant long-term impact of
inherent interphase layers on cell resistance. The insights gained into interphase kinetics, both
ionically and electronically, contribute to optimizing the Li|SE interface through SE modifi-
cations or the design of protective interlayers to enable the use of LMEs with sulfide SEs.

In the second publication (submitted), titled “Interphase Formation in Solid-State Batteries:
Influence of Contact Conditions on Impedance-Derived SEI Growth Kinetics”, the reliability
of monitoring interphase growth by impedance measurements was investigated for assessing
interphase kinetics at rigid solid|solid interfaces. Using kinetic parameters from the first pub-
lication, 3D transport simulations was employed to simulate impedance signals during diffu-
sion-controlled interphase growth — according to the using the Wagner diffusion model — for
different electrode|SE contact conditions. The study revealed how rigid contacts, current con-
striction, and partially passivated interfaces influence the cell's impedance signals, affecting
the interpretation of derived rate constants in time-resolved experiments. These findings high-
light the importance of considering experimental conditions — prior to applying analytical
models — to ensure accurate estimations of rate constants and interphase growth in SSBs.

While the first publication revealed the effective partial conductivities of the multiphase SEI
in lithiated LPSCI, the Wagner diffusion model describes the crucial role of partial electronic
conductivity in governing the interphase growth rate. However, experimental data on the elec-
tronic properties of relevant interphase constituents remain scarce in battery-relevant contexts.

The third publication, titled “The Electronic Partial Electronic Conductivity of Lithium Hal-
ides and their Role in SEI Formation in Solid-State Batteries — Hebb-Wagner-type Measure-
ments”, highlights the critical importance of minimizing partial electronic conductivity (o)
to reduce self-discharge and degradation processes in SSBs. Impedance and Hebb-Wagner-
type measurements were applied to examine both the partial ionic and electronic conductivity
of relevant lithium halides LiX (X = Cl, Br, and 1) across various lithium activities, being SEI
constituents of LisPSsX. Formal defect-physical analysis enabled the decoupling of charge
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carrier contributions (i.e., electron and electron hole conductivity) to the overall electronic
transport. Ultimately, this work emphasizes the necessity of assessing o, of lithium-ion con-
ductors (i.e., relevant SEs and interphases), while outlining experimental guidelines for testing
SEs prone to degradation.

The final section of this thesis is focused on mitigating SE degradation by employing alloy
electrodes with Ey closer to the ESW of sulfide SEs. To this end, the preparation, microstruc-
ture, and performance of In—L.i electrodes were examined, followed by a quantitative analysis
on the degradation of LPSCI in contact with In/(InLi)x electrodes (Ey = 0.62 V vs. Li'/Li).

In the fourth publication, titled “In-Li Counter Electrodes in Solid-State Batteries — A Com-
parative Approach on Kinetics, Microstructure, and Chemomechanics”, the electrode perfor-
mance of different In—L.i electrodes was examined from a fabrication perspective, considering
them a more reliable alternative to error-prone LMEs for scientific studies. By analyzing pla-
nar and particle-based electrodes, it was demonstrated that preparation parameters impact mi-
crostructure and kinetics, ultimately affecting the interlaboratory comparability of results. The
findings emphasize the inherent limitations of In—Li counter electrodes, which are highly de-
pendent on their microstructure and fabrication protocol. Overall, the findings contribute to
advancing alloy electrode development and high-rate solid-state cathode benchmarking.

In the fifth manuscript (in preparation), titled “Sulfide Solid Electrolyte Degradation with Al-
loy Electrodes and the Possible Influence of Metal Oxide Layers”, the degradation of LPSCI
in contact with In/(InLi)x electrodes was explored. Evaporated indium thin films were elec-
trochemically titrated in order to quantify SEI growth by the consumption of active species.
Factors affecting electrochemical results and interphase formation, such as metal oxide sur-
face layers (e.g., In203), were identified. In this context, the Wagner diffusion model was also
refined for lithium alloy electrodes and their higher Ej; to accurately assess the respective SEI
rate constant. Although the rate constant was found to be reduced at Ey; = 0.62 V vs. Li'/Li of
In/(InLi)x compared to lithium metal, the findings underscore that interphase formation at
metal and alloy surfaces remains a significant challenge, limiting the viability of SSBs.

This doctoral thesis makes a significant contribution to both the fundamental understanding
and practical development of SSBs by addressing material compatibility and intrinsic degra-
dation processes. Through a combination of established physicochemical concepts and novel
experimental methods — developed in this work — transport kinetics of interphases and their
constituents were systematically analyzed. The research provides essential insights and quan-
tifies previously inaccessible kinetic parameters, enabling more accurate computational mod-
eling and analytical prediction of capacity losses due to interphase growth, which are critical
for reliable lifetime forecasting of SSBs. It also highlights critical limitations in experimen-
tally probing interphase formation by impedance measurements and extends the investigation
to lithium alloy electrodes, evaluating and quantifying interphase formation at their respective
electrode potentials. Ultimately, the findings emphasize the long-term risks of uncontrolled
interphase formation and guide the rational design of mitigation strategies to ensure reliable
performance toward tailored materials and interfaces in both conventional SSBs and RFCs.

4
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2. Fundamentals

This chapter provides a comprehensive review of the relevant scientific knowledge found in
literature, placing the findings of this doctoral thesis within a broader, scientific context. The
primary focus is on the degradation of sulfide SEs at low potentials and the associated growth
kinetics, as interphase formation presents a major challenge in integrating alkali metals into
SSBs and developing RFCs. Given that the transport properties of the SEI define its growth
kinetics, special attention is also devoted to the minor partial electronic conductivity in lith-
ium-ion conductors and its assessment through direct current (dc) Hebb-Wagner measure-
ments.

2.1. Incorporation of Alkali Metal Electrodes in SSBs

Unfortunately, much like in LIBs, the practical use of LMEs in SSBs remains unfeasible at
this time, despite being essential to surpass graphite-based LIBs.1? The solid|solid interfaces
in SSBs have limited ability to adapt to morphological changes, which adversely affects their
cell lifetime and safety.'%?%2 Therefore, effectively managing lithium metal deposition (i.e.,
charging) and dissolution (i.e., discharging) is essential for reliable cell operation. However,
controlling interfacial kinetics remains a critical challenge, while the inherent instability of
specific inorganic SEs introduces further complications (discussed in Chapter 2.2.). This
chapter explores the underlying causes of morphological changes and the associated interfa-
cial kinetics at planar alkali metal|SE interfaces during operation. It illustrates these phenom-
ena exemplarily for LME-based SSBs.

. Morphological Changes at the Lithium Metal Electrode Interface

Morphological changes during charge and discharge present inherent challenges in develop-
ing both lithium-reservoir (i.e., ‘conventional’) SSBs and RFCs. Thus, understanding interface
properties, solid|solid interfaces, and redox processes is of utmost importance to enable stable
and reliable operation of SSBs. Figure 1 summarizes the morphological changes occurring at
planar Li|SE interfaces during lithium metal dissolution and deposition at the anode side.

During lithium dissolution (i.e., discharging), the segregation of lithium vacancies at the Li|SE
interface and their hampered diffusion within the lithium metal serve as the rate-limiting pa-
rameter, acting as the kinetic bottleneck that determines the applicable current density.*® The
anodic dissolution of metals at the interface with inorganic SEs, initially described by
Schmalzried and Janek for the Ag|SE interface,*® has recently been extended to the Li|SE
interface.?* Accordingly, lithium atoms are oxidized at the interface, creating vacancies
Vii(Li) and electrons ¢'(Li) within the lithium metal. Depending on the ion-conduction
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process, the resulting lithium ions occupy either a vacancy V’Li+ or an interstitial site in the
SE. This charge transfer process can be expressed using the Kroeger-Vink notation:>

Li;(Li) 2 [Lif+ (SE) — V/;+ (SE)] + €' (Li) + V{5 (Li) (eq. 1)

/ ODOAR Oa o )
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Figure 1: Non-planar morphologies arising during lithium dissolution and deposition in an SSB cell
consisting of a composite cathode, solid separator, and planar LME. Failure to adequately compensate
for vacancies generated during lithium metal dissolution (i.e., oxidation of lithium atoms) can result
in pore formation (A). Similarly, too slow redistribution of adatoms during lithium deposition (i.e.,
reduction of lithium ions) may lead to inhomogeneous deposition (B) and dendrite growth (C).

With a diffusion flux (j,), governed by the vacancy diffusion coefficient, vacancies migrate
into the bulk of the lithium material to potentially annihilate at a grain boundary or dislocation.
This process competes with the applied current density (i), Which creates a flux

japplziappl/ (z;+ - F) (with F and z; .~ = 1 being the Faraday constant and charge number of

lithium ions), resulting in two possible scenarios: (1) if Tappt < Iy the injected vacancies are
transported into the bulk at a sufficient fast rate, establishing morphologically stable condi-
tions at the interface, and (2) if app1 = I vacancies accumulate at the interface, leading to

morphological instabilities and the formation of pores at the Li|SE interface (Figure 1A).5:53

At room temperature, a critical current density of 0.1 mA cm has been estimated for the
electro-dissolution of lithium metal.>® As a result, the limited vacancy diffusion in lithium
metal and irregular volume changes present a major challenge for the practical application of
SSBs. Particularly, the contact loss at the interface during lithium dissolution contributes sig-
nificantly to cell polarization (so-called ‘current constriction’) and current focusing at local
contact spots.>2>* The most common approach to address this limitation is the application of
stack pressure, which enhances the effective lithium metal supply through creep and plastic
deformation.>*>° Other strategies to improve the effective j, include alloying (Chapter 2.1.ii),
the development of micro-structured electrodes and interlayers, and microstructural modifi-
cations.>”-%° Recent advancements have significantly improved the understanding of the lith-
ium metal's microstructure.®2%* Using density functional theory, Jackle et al.®>% predicted
that the lithium self-diffusion is strongly influenced by grain orientations, specifically the
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surface terminations where nucleation and diffusion occur. Low energy barriers of 0.14 eV
and 0.02 eV have been calculated for lithium self-diffusion along Li(100) and Li(110), re-
spectively.®® Consequently, research efforts have increasingly focused on tailoring the LME
microstructure to optimize transport properties and improve cycling behavior.5”-7°

The cathodic deposition of lithium (i.e., charging) serves as the counterpart to anodic disso-
lution. In this reverse process (as described in eq. 1), lithium ions Li; .+(SE) are reduced by
electrons ¢'(L.i) at the Li|SE interface, forming lithium atoms Liy ; (Li) on the electrode surface.
During lithium deposition, the rate-limiting parameter is the diffusion of lithium vacancies
toward the interface.?*"* Specifically, this corresponds to the movement of adsorbed metal
atoms, which determines the applicable current density for conventional SSBs and RFCs
alike. Vacancies migrate with a diffusion flux j,,, creating vacant sites V;(Li) at the interface.

This diffusion process once again competes with i,,,; and the corresponding flux Jappl" leading

to two potential scenarios: (1) if Jappt <y the deposited lithium adatoms are transported into
the bulk at a sufficient rate, maintaining morphologically stable conditions and ensuring a
steady supply of vacant sites at the interface, and (2) if Jappt = Iy lithium adatoms accumulate

at the interface due to an low supply of vacant sites, resulting in morphological instabilities
and an inhomogeneous lithium distribution at the Li|SE interface (Figure 1B).”>"4

When lithium adatoms accumulate, their redistribution within the electrode — driven by the
self-diffusion of lithium — is essential for preserving planar geometries. However, this redis-
tribution process becomes too slow under high current densities (i.e.,jappl > j,,) or in the

presence of inhomogeneous current distributions with locally increased currents (i.e., current
focusing).?* Consequently, these conditions promote the growth of lithium filaments and den-
drites originating from the anode (Figure 1C), ultimately leading to cell failure.” Raj et al.?®
and Kasemchainan et al.?® identified incomplete pore refilling, microcontacts, and the conse-
quent loss of contact as the primary driver of current focusing during cell operation. However,
contamination layers and interfacial defects may also contribute to this effect of current fo-
cusing.”> "8 The influence of the minor partial electronic conductivity of SEs on lithium dep-
osition and dendrite formation is discussed in Chapter 2.3.ii..

Contrary to the early predictions of Monroe and Newman,**° the use of inorganic SEs does
not effectively suppress lithium dendrite growth during charging. As a result, current focusing
and dendrite formation significantly undermine the safety and impede the practical implemen-
tation of LMEs in SSBs.?"? Although numerical simulations support experimental efforts in
understanding lithium dendrite growth,”® a comprehensive strategy to address the various fac-
tors contributing to dendrite formation has not yet been established. Potential strategies in-
clude increasing the contact area using porous microstructures, mechanically reinforcing SEs,
facilitating consumptive side reactions to dissolve lithium dendrites, or implementing opera-
tional protocols to counteract inhomogeneous lithium deposition,>%74.77:80-82
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ii.  Lithium Alloy Electrode Materials

Despite significant development efforts, LMEs and their interfaces with SEs have proven to
be considerably more challenging, as highlighted in the previous chapter. In recent decades,
metals capable of alloying with lithium have been extensively studied as potential replace-
ments for graphite electrodes in LIBs. As a result, lithium alloys are regarded as alternative
anode materials that could support various electrode concepts in SSBs and RFCs.338384 How-
ever, while these alloys offer advantages over LMEs and may help mitigate morphological
changes in SSBs (Chapter 2.1.i.), their integration introduces new challenges.

High-capacity alloy anode materials (AAMSs), which enable lithium storage through alloying,
are considered promising for enhancing transport kinetics and stabilizing interface morphol-
ogies in SSBs. These "host" AAMSs provide suitable sites for the repetitive removal (‘dealloy-
ing') and insertion (‘alloying’) of lithium metal. Few metals or metalloids achieve the high
specific lithium storage capacity of lithium metal (3,861 mAhg!), such as Si
(3,579 mAh g ') and Mg (3,350 mAh g 1).8+-8 However, some AAMs stand out due to their
superior transport properties and electrochemical performance, such as In, Ge, and Mg.8"-%
Notably, good lithium wettability, low interface overpotentials, and high lithium-ion surface
diffusivity promote uniform lithium metal deposition, reducing dendrite growth and the risk
of cell shorting (Chapter 2.1.i.).8%%
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Figure 2: Predicted energy density and specific energy of various SSBs and LIBs with different anode
materials, as calculated by Lewis et al. Graphite, lithium, and alloy materials (Si, Sn, and Al) were
evaluated in combination with a LiNigsMno1C00.10, composite cathode (containing 40 vol% of SE).
A SE separator thickness of 20 pum was assumed. LLZO refers to LisLasZr,O:, and LPSCI denotes
LisPSsCl. Reproduced with permission from reference 84. Copyright © Elsevier Inc.
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Thus, alloy foils have been extensively studied in academia for both LIBs and SSBs. Specif-
ically, AAMs such as Al, Si, Sn, and others, when paired with high-capacity cathodes, demon-
strate the ability to store more lithium per unit mass and volume, compared to conventional
LIBs.92-% Furthermore, alloy-based SSBs can achieve energy densities comparable to those
utilizing LMEs, although with lower specific energies. Figure 2 provides a comparative anal-
ysis of the energy metrics of alloy-based SSBs in relation to other battery chemistries.3*

Thus, alloy-based SSBs are competitive with other battery chemistries in terms of energy
metrics. However, their development introduces new research questions and practical chal-
lenges, particularly requiring thermodynamic consideration of miscibility of phases as well
as their fabrication. Each electrode undergoes structural and volumetric changes during cy-
cling, and AAMs, in particular, experience significant volume expansion (e.g., up to
320 vol% in the case of Li-Si) and changes in mechanical properties.®® Thus, careful attention
to chemomechanical properties is necessary when designing alloy-based SSBs. Moreover,
AAMs must be engineered to ensure adequate Kinetics and transport properties at the SE in-
terface and within the material itself to achieve high cycling performance.®® In this context,
the In—Li system is examined in the following chapter, with its fabrication, microstructure,
and resulting performance further investigated in the fourth publication. Additionally, while
the elevated potential of AAMs is expected to mitigate SE degradation processes (Chap-
ter 2.2.),3484 further research is needed to understand the influence of alloying materials on
interphase growth and composition as well as overall cell performance. This is addressed in
the fifth publication, focusing on the In—Li system.

To mitigate the challenges posed by AAMs at the cell-level, while leveraging their ad-
vantages, alternative electrode structures with AAMs have been explored in recent studies.
For instance, AAM particles, such as silicon, are incorporated into composite structures to
improve ionic percolation and enhance cycling performance.®®-% Additionally, to minimize
the use of excess material, metals capable of alloying with lithium, such as Ag, are employed
as interlayers in RFCs.%%1% Thus, these thin interlayers harness the advantageous properties
and interface kinetics of AAMs, potentially facilitating the advancement of RFCs. Another
strategy involves functional doping by alloy materials, such as Au, in LMEs, which aims to
tailor their microstructure, enhance kinetics, and improve lithium deposition,>8102-104

The In/(InLi) Electrode

One such alloying system, which can be applied in either foil or composite architecture, is the
In—Li system. Despite its high raw material costs, weight, and limited practicality for large-
scale applications,'® it has been widely utilized as a counter electrode (CE) in scientific stud-
ies.1% Moreover, material consumption is minimized when used as an interlayer on current
collectors (CC), highlighting the potential application in RFCs.
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Reliable quantification of high-capacity cathode performance typically requires the use of
electrochemically stable reference electrodes in complex cell configurations.?”1% However,
this challenge can be overcome by using electrochemically stable CEs that are characterized
by well-defined, stable half-cell potentials, low overpotentials, and high-rate reversibility.
Consequently, binary alloy systems with broad two-phase regions, which maintain a constant
potential across their compositional range, are ideal candidates. In laboratory cells, the
In/(InLi)x eutectic commonly serves as a reliable substitute for LMEs as it provides both stable
operation and enhanced rate capability under diverse operational conditions.881%-11 This is
further investigated in the fourth publication.

In particular, the In-Li alloy offers a range of advantageous properties and can be easily ap-
plied as a CE in SSBs — even at low pressures.*'? Using coulometric titration, Santhosha et
al.'® demonstrated that the electrochemical behavior of the In—Li system during lithiation
closely aligns with the binary phase diagram of In—Li (Figure 3). Open-circuit voltage (OCV)
profiles were recorded after the system reached equilibrium for every titration step, revealing
distinct characteristics. The system alternates between one-phase and two-phase regions with
increasing lithium content. This is illustrated with different colors in Figure 3, which include
the intermetallic phases InLi, InsLis, and InzLis. In two-phase regions, the lithium activity
remains constant between the phases, leading to a stable chemical potential of lithium and,
consequently, a plateau in the potential profile, as observed for the In/(InLi)x equilibrium (pur-
ple). Conversely, within single-phase regions, the lithium activity and chemical potential
change as lithiation progresses, resulting in a sloping potential profile, as shown for the ho-
mogeneity range of the InLi phase (yellow).

From a practical point of view, the eutectic two-phase region In/(InLi)y is particularly relevant
for offering a stable E;; = 0.62 V vs. Li'/Li over a broad stoichiometry range (~ 1-47 at% of
lithium).124-116 Recent studies have demonstrated the benefits of a composition located cen-
trally within the two-phase eutectic In/(InLi)x system, irrespective of the electrode's micro-
structure.”11711° The intermetallic InLi phase exhibits rapid solid-state diffusion kinetics
(Dy; = 10® — 107 cm? s7'), which, compared to lithium's self-diffusion,® facilitates good
electrochemical performance as well as uniform morphologies and stable cycling.'t8-120
Moreover, the higher Ey of In/(InLi)x is anticipated to mitigate dendrite formation (Chap-
ter 2.1.i.) and to reduce the degradation of inorganic SEs (Chapter 2.2.i.), which is investi-
gated in the fifth publication.
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Figure 3: The binary In—Li phase diagram (top) and room-temperature coulometric titration data using
a LE (bottom) are presented. The OCV profile (vs. Li"/Li) between titration steps is plotted as a func-
tion of lithium content under equilibrium conditions. The x-axis (lithium content in at%) is scaled
identically for both graphs, allowing for a direct comparison of potentials and phase transitions. Cor-
responding phase and two-phase regions are highlighted in the phase diagram. Reproduced with per-
mission from reference 113. Copyright © Wiley.
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However, numerous studies highlight that In—Li electrodes suffer from mechanical stiffness
and sluggish electrode kinetics during cycling.!11121-12 Nam et al.!?! addressed these issues
by enhancing electrode kinetics through the incorporation of SE particles into the electrode.
Therefore, the performance of In—Li electrodes seems to strongly depend on the specific prep-
aration method of the In/(InLi)x eutectic.

Recently, variations in the cycling behavior of SSB cells prepared by different research groups
were attributed to inconsistencies in the preparation of In-Li electrodes.!?* To address these
challenges, the fourth publication of this thesis presents a comparative study investigating
seven different preparation methods for In—Li electrodes. Both planar configurations (e.g.,
foils) and particle-based configurations (e.g., composites) were evaluated for their suitability
in cathode testing. The study examined the microstructure of selected electrodes, while also
analyzing their rate-dependent electrode kinetics, electrochemical performance, and chemo-
mechanical reversibility in full-cell configurations. Limitations for high-capacity testing at
elevated rates were identified, highlighting the critical influence of preparation methods and
electrode microstructure on the respective electrode kinetics. The combined results underscore
the challenges of utilizing In-Li CEs for benchmarking cathode performance, their limitation
to laboratory-scale testing, and the lack of comparability of results across different laborato-
ries due to inconsistent preparation protocols.

12
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2.2. Instability of Solid Electrolytes toward Alkali Metal

The adequate incorporation of alkali metal electodes in SSBs relies not only on the morpho-
logical stability of the interface during long-term cycling (Chapter 2.1.), but also on the ma-
terial compatibility between individual components.!'23¢ This is particularly important for
RFCs, which depend on the efficient utilization of active redox species from the cathode ma-
terial, requiring strict control of capacity losses caused by parasitic side reactions.3* The con-
sequences of the thermodynamic instability of many inorganic SEs in contact with alkali met-
als (and other electrode materials) are often underestimated on the cell-level. Therefore, the
following chapter addresses the stability of inorganic SE towards lithium metal, focusing on
interphase formation and exploring their properties as well as growth kinetics.

I. Types of Interfaces and Multiphase Formation

Ideally, a thermodynamically stable interface forms between two phases without any reactions
occurring at the contact spot. However, in practice, most inorganic SEs exhibit a relatively
narrow ESW within which they remain thermodynamically stable. Computational techniques,
such as density functional theory, enable the prediction of onset reduction and oxidation po-
tentials.*>4"1%5 However, it is important to note that kinetic limitations may suppress interface
reactions.'?5127 Therefore, thermodynamic calculations often represent the lower bound of the
actual ESW.

On the anode side, the higher oxidation states of the SE's cation framework, where for instance
P(+5) in LPSCI is reduced to low-valent phosphorous species, determines the onset reduction
potential.*?® Outside of this range, particularly at lower potentials, inorganic SEs become
(electro-)chemically unstable. This is particularly true when in contact with pure lithium
metal, which possesses the lowest possible redox potential (E; = —3.04 V vs. SHE). This
instability leads to parasitic side reactions and the reduction of SEs to various stable com-
pounds, forming an additional interphase layer between the electrolyte and electrode.*?® Con-
sequently, this leads to the degradation of the SE structure, resulting in increased impedance
and chemo-mechanical alterations due to differing transport properties and molar volumes of
such interphases, respectively.*>#* Furthermore, by compromising the SE microstructure, ma-
terial incompatibilities also promote dendrite formation in SSBs (Chapter 2.1.1.).

The species of decomposition products varies among the different inorganic SEs (or electrode
materials) and thus, the effective properties of the resulting multiphase define their impact on
the cell performance. For example, garnet-type SE (like LLZO) are considered macroscopi-
cally stable in contact with lithium metal, only forming a marginal interphase (~6 nm
thick).1%1%2 In contrary, common sulfide SEs (such as LPSCI) in contact with lithium metal
continuously form interphases, causing ongoing consumption of both components, 33134

13
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Based on their thermodynamic stability and interphase kinetics, electrode|SE interfaces have
been classified by Wenzel et al.*® into three cases (Figure 4).

"ig - > éﬁg‘jﬁ%
OATRER BTk
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|Stab|e Interface| |Unstab|e Interface| | Metastable Interface |

Figure 4: The three interface types between lithium metal and inorganic SEs. The thermodynamically
stable interface with no interphase formation (A), the thermodynamically unstable interface with on-
going interphase growth (i.e., MCI) (B), and the 'metastable’ interface, where interphase growth is
limited by low partial electronic conductivity oy (i.e., SEI) (C).

Ideally, though rarely achieved with relevant SEs, the interface is thermodynamically stable
(depicted in Figure 4A) with no reduction occurring upon contact with lithium. Only fully
reduced materials, primarily binary lithium compounds like LiF, LiCl, LisN, or LisP, are sta-
ble against lithium metal.*>*" However, due to their low lithium-ion conductivity, these com-
pounds are unsuitable for use as SE.1%-144 Recently, Landgraf et al.}*14% reported the suc-
cessful synthesis of fully reduced, highly disordered SEs: Li2+xS1-xNx and LisNCls. Thus, these
materials are considered possible alternatives for use in SSBs due to their ionic conductivities
reaching up to 1 mS cm™! and stability against lithium metal.

If the electrode|SE interface is thermodynamically unstable, two types of interphases have
been reported and are distinguished by their transport properties. MCls consist of decompo-
sition products, which offer both sufficient partial ionic, but also, electronic conductivity (Fig-
ure 4B). Accordingly, lithium ions and electrons can diffuse through the degradation layer,
leading to continuous decomposition of SE.3*4" As a result, MCI growth continues until one
of the materials is fully depleted. Conclusively, such interphase growth is not kinetically hin-
dered and MCI-forming SEs are impractical for long-term application. SEs containing metals
or metalloids are particularly prone to forming MClIs when in contact with lithium metal, as
electronically conductive compounds are likely to emerge during SE degradation. Notable
examples include Li1+xAlxTizx(POa4)s (forming Ti?), LisInCls (forming In%), and Li1oGeP2S1,
(forming Ge® and LisP) for garnet, halide, and sulfide SEs, respectively.3%:40:148.149

The second possible type is the SEI formation (Figure 4C), denoted in line with its analog in
LIBs.%® During SE reduction, ionically conducting products form, which exhibit a reduced,
though not zero, partial electronic conductivity. As a result, the interphase growth is kinet-
ically hindered and gradually slows down over time (i.e., ‘metastable’), due to sluggish elec-
tron transport across the interphase layer.1*1>0 Thereby, the chemical potential gradient be-
tween both materials is reduced and the local equilibrium established, which progressively
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stabilizes the interface. However, it has to be emphasized that this self-limiting, diffusion-
controlled SEI growth does not stop completely and non-stabilized interfaces can have severe
long-term impacts on SSBs.'®! As most decomposition products have lower partial ionic con-
ductivity than the inorganic SE, ongoing interphase growth results in substantial increases in
cell resistance over time,136-144

It has been demonstrated that stable operation of SSBs can still be achieved in the case of SEI
formation for LiPON electrolytes, even with degradation occurring at the Li|LiPON inter-
face.*? In contrast to MCls, the diffusion-controlled growth mode of SEls offers the potential
to be optimized and stabilized with minimal impact, or even beneficial (transport) properties,
ultimately leading to stabilized cell performance.’®?° The growth kinetics and 'metastable’
interphase thickness, however, depend on the material system and its degradation products.
For instance, ternary and higher sulfide SEs are thermodynamically unstable, decomposing
into sulfur and phosphorous species. Among these, lithium argyrodites, like LisPSsX, are the
most studied sulfide SEs, which decompose into (fully reduced) Li»S, LisP, and LiX (with
X = Cl, Br, and [):154-15¢

LigPSsX + 8 Li® - 5 Li,S + LisP 4+ LiX  with X = Cl,Br, I (eq. 2)

Here, the reaction is driven by the reduction of phosphorous (occurring below 1.75V vs.
Li'"/Li)*#71% from P(+5) to P(—3) and low-valent phosphorous species. This process results
in the formation of LixP and LisP, accompanied by the highly stable Li»S, lithium halides, and
possibly amorphous reaction intermediates.'®” These compounds exhibit low partial ionic con-
ductivity (compared to the SE), while their even lower partial electronic conductivity primar-
ily governs the interphase growth kinetics (discussed further in Chapter 2.2.ii.). Burton et
al.1%8 studied the distribution of LixP and LisP within the interphase. They predicted that pref-
erential paths within the SEI could negatively impact the diffusion-controlled growth mode,
even in the absence of lithium metal. Thus, the significant partial electronic conductivity of
LixP is also suspected to accelerate SEI growth, and to eventually cause MCI growth, 157159

Initially, a 'mosaic-like' domain structure, similar to the SEI in LIBs, was proposed.316° How-
ever, recent studies by Otto et al.*® and Aktekin et al.'>® indicate that the lithiation of sulfide
SEs results in interphase thicknesses of several hundred nanometers. Additionally, they ob-
served the formation of layered structures, with a phosphorus-rich region close to the SE. For
LiPON, Turrell et al.1®* observed a layered structure with fully reduced species at the interface
to lithium metal. This microstructure is believed to stabilize the interface by disrupting per-
colation networks across the interphase. As a result, the SEI thickness is assumed to be effec-
tively constrained, with reported values ranging from 16 and 80 nm,161-163

In recent years, computational efforts and theoretical calculations have been helpful in calcu-
lating thermodynamic quantities, identifying degradation driving forces, and predicting reac-
tion mechanisms. 416" Moreover, they provide valuable insights for evaluating stabilization
strategies and guiding the corresponding material selection (e.g., for interlayers).1®8-1"1 From
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an experimental point of view, interphases are inherently concealed within the material. Thus,
they are challenging to study using conventional surface-sensitive techniques, necessitating
complex and innovative strategies to investigate interphase layers.0:135154155 Qne suitable
method is introduced in the first publication of this thesis in order to understand the growth
kinetics of multiphase SEI layers and the role of their individual constituents.

The first publication of this thesis is focused on quantifying the kinetics of multiphase SEls
by synthesizing SEI-type bulk-material. It was proven, that this unique method accurately
modeled the effective transport properties of LPSCI degradation layers. Accordingly, the par-
tial conductivities of this 'bulk-SEI' were determined and each contribution to the SEI charac-
teristics was assessed. The analysis of individual SEI constituents shows that, although Li>S
accounts for the largest mass and volume fraction, it is not the primary determinant of the
interphase’s partial conductivities. Using the Wagner diffusion model (Chapter 2.2.ii.), a sig-
nificant SEI rate constant was estimated, underscoring the severe long-term effects on cell
performance. Combined results highlight the urgent need to optimize the Li|LPSCI interface
by tuning the SEI's transport properties or introducing artificial interlayers, while improving
the predictive accuracy of models for diffusion-controlled growth in SSBs.

ii.  Interphase Growth and its Theoretical Description

A recent study by Aktekin et al.*! introduced the coulometric titration time analysis (CTTA)
method. This titration technique enables the direct quantification of consumed material by
tracking the accumulated charge (¢,) consumed during interphase formation (or side reac-
tions) in sulfide SEs (Figure 5A). Therefore, it has been shown that the solid-state reaction
(i.e., SEI formation) observed for LPSCI and B-Li3PSs (LPS) can be approximated by a para-
bolic behavior. This is evidenced by the linear relationship between ¢, and 15, as depicted
for LPSCI in Figure 5B.
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Figure 5: The accumulated charge (¢,.) consumed over time in a Li|LPSCl|stainless-steel cell during
CTTA experiments as a function of t (A) and of t®° (B). Titration parameters are noted in A. Experi-
ments were conducted at 25 °C and approximately 13 MPa. The error bars correspond to the standard
deviation of five duplicate cells. Reproduced with permission from reference 41. Copyright © Springer
Nature.
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In a typical solid-state reaction, the initial reaction rate is controlled by interfacial processes,
such as nucleation and charge transfer, which act as rate-limiting factors.}’> However, the
growth mode shifts to being diffusion-controlled once a sufficient product layer is established,
determining the growth characteristics and progression over time. Therefore, the underlying
parabolic behavior can be described using the Wagner diffusion model.

In 1920, Tammann reported a parabolic growth behavior (i.e., a parabolic rate law) for the
tarnishing of metals at elevated temperatures.t’® In 1931, Wagner developed a model for solid-
state reactions to describe this phenomenon.’#17® The kinetic insights and empirical learnings
from tarnishing experiments are often transferable to other solid-state reactions and systems.
As aresult, the Wagner diffusion model is frequently applied to describe degradation reactions
(i.e., SEl and CEI growth) and estimate growth kinetics in LIBs and SSBs. 133177186

In order to apply this model to diffusion-controlled solid-state reactions, several assumptions
must be made:*"2187

i. The product layer grows on planar, stable metal surfaces under one-dimensional flux.

ii. The flux through the layer is driven solely by chemical potential gradients between
boundaries of constant chemical potential (i.e., local thermodynamic equilibrium).

iii. The product layer is considered to be dense, adherent, fully covering, and consisting of
a homogeneous, crystalline phase.

iv. The electroneutrality within solid crystals leads to flux coupling of charge carriers.
v. The layer achieved a sufficient thickness to neglect space and surface charge effects.

In the following, a 'modified’ Wagner diffusion model is derived to describe the diffusion-
controlled growth of the interphases in SSBs. 18>8

Considering Fick's first law, along with charge neutrality and flux coupling, the coupled
transport of ions (7, +) and electrons (j ;) corresponds to the transport of neutral lithium species

(7, ;) across the interphase layer. This transport is driven by the chemical potential gradient of
lithium (Vi ,):

L - LLi"'

2
Lel + ZLi+ ' LLi+

Jui = Jel = JLit = — Vi (eq. 3)
with z, .~ = 1 being the charge number of lithium ions and L; being the respective phenome-
nological transport coefficients of charge carriers. The partial ionic (i = ion) and electronic
conductivity (i = el) is related to its transport coefficient by o, = (z; - F)2 - L;, and Vg, . can be
estimated by the difference in chemical potential of lithium (A, ;) between the reaction front
and the electrode (i.e., across the interphase thickness):
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1 ] O¢l " Ojon . Apyi

Oel T Oion S;
1 0q- 0y Mpi(reaction front) — u;;(electrode)
F? Oel t Oion E

(eq. 4)

with F, gioy, e, ¢ and y; ;being the Faraday constant, the ionic and electronic conductivity of
the interphase, the interphase thickness, and the chemical potential of lithium at the reaction
front as well as at the electrode, respectively. Accordingly, the interphase growth rate is de-
termined by the transport properties of the less mobile charged species, which is a result of
charge neutrality.

Previous literature has commonly approximated Aw, . by the standard chemical potential of

lithium metal (u); = 8.35 kJ mol™").1331%* However, this assumption warrants revision. When
using an LME, the electrode’s chemical potential of lithium y, .(electrode) is at equilibrium

equal to .0 . Consequently, A, . has to be defined as 4, . (reaction front) — 0.

Assuming local equilibrium at the reaction front, where the Gibbs free energy change of the
reaction (A,G) is zero, and considering the formation of solid compounds (eg. 2), yields:

AG = 5" s + Uii,p + Hiic) — Hpipsscl — 8 * pi(reaction front) = 0 (eq. 5)

Rearranging, subtracting 8-u). from both sides, and considering the change of standard Gibbs
free energy (A,G°) for the decomposition of LPSCI, yields the final expression for A,

A.G°(LigPSsCl) — 8 - uy;(reaction front) = —8 - u;

. o 1 0 (eq. 6)
Auy; = pyi(reaction front) — up; = g A.G°(LigPSsCl)

Therefore, A, . can be approximated by dividing A,G°(LigPS;Cl) by the stoichiometric factor
of lithium (x;; =8in eq. 2), representing the moles of lithium involved in the decomposition

reaction. Using thermodynamic data,'®® A.G°(LisPSsCl) is calculated to be approximately
1269.75 kJ mol ™, leading to an estimated Au, . of approximately 158.7 kJ mol~!. For clarity

and consistency, the subsequent equations will continue to use this refined definition of Ay, ..
The degradation reaction (i.e., its growth rate) can be described using:17187

ﬁszi'Mint €. 7)
dt  pint " XL '

with p._, My, x4, and t being the mean density of the interphase, the mean molar mass of the
interphase, the stoichiometric factor, and the reaction time, respectively.
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Inserting eq. 7 into eq. 4 leads to eq. 8:

Pint*XLi 4§ 1 0Oe* Ojon _AllLi

Mint dt F? O¢l + Ojon S;

(eq. 8)

By separating the variables and performing definite integration, egs. 9 and 10 are obtained to
describe the parabolic interphase growth (i.e., its absolute thickness d). Since the model as-
sumes one-dimensional transport, the absolute value from eq. 4 (right side of eq. 8) is applied.

d . . O t
J. §dé = — ! Mint " Te1 * Gion Apg; - f dt (eq. 9)
0 F% " pine * X1 Oel T Ojon 0
2 Mint * Oel * Oion 10
\/FZ * Pint * XLj Oel T+ Ojon M

If the partial conductivities of the interphase are accurately known, the interphase resistance
can be determined from d, and vice-versa. Using o;,, = d - 4 / R;;, the ionic interphase re-
sistance (R;,;) can be described by eq. 11:

1 2 Mint " O¢l " Ojon
R, — : : “Apgi AVt (eq. 11)
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with A being the electrode|SE interface area.

In the specific case of SEIs and CEls, where the interphase’s ionic conductivity is much greater
than the electronic conductivity (o;,, > 04), €gs. 10 and 11 can be simplified as follows:
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Thus, a square-root of time behavior with the parabolic rate constants k£ and &' is obtained,
which is in good agreement with experimental results (Figure 5). Hereafter, it will be referred
to as the Wagner diffusion model, specifically adapted for the diffusion-controlled growth of
interphases in SSBs.

As mentioned before, the Wagner diffusion model was initially introduced to analyze reac-
tions at gas|solid interfaces. In the second publication of this thesis, the accuracy of rate con-
stants derived from impedance data was investigated for predicting interphase growth at
solid|solid interfaces in SSBs, utilizing the Wagner diffusion model. By incorporating kinetic
parameters from the first publication into 3D transport simulations, microscopic diffusion-
controlled SEI growth and its corresponding cell-level impedance response were analyzed for
various electrode|SE contact conditions. The study revealed that factors such as current
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constriction, complex transport properties in SEs, or partially passivated interfaces alter the
macroscopic cell impedance. If the actual contact area is unknown, these phenomena can com-
promise the accurate determination of rate constants. Consequently, this work highlights po-
tential pitfalls in data interpretation for time-resolved experiments and emphasizes the need
to carefully consider experimental conditions for a reliable prediction of diffusion-controlled
interphase growth using the Wagner diffusion model for solid-state systems.

It is important to note that a purely diffusion-controlled SEI formation will theoretically never
come to a complete stop but will progressively slow down over time. The process can only be
stopped, if sufficiently strong opposing forces counteract the chemical driving force. Alterna-
tively, an accumulation of reaction products can be achieved such that its kinetics are slowed
down to virtually zero rate (as is assumed for LiPON). Therefore, achieving control over the
interface and interphase properties is essential for positioning LME-based SSBs as a compet-
itive alternative to LIBs. Potential strategies to stabilize the metal|SE interface include the use
of fully reduced thermodynamically stable SEs, inorganic modifications of SEs and their SEI,
or the incorporation of artificial interlayers with low electronic conductivity.!4>146:153 How-
ever, SE modifications fall beyond the scope of this thesis, with only guidelines and estima-
tions being discussed in the first publication.

In the context of artificial alloying interlayers for RFCs, their higher Ey; is anticipated to mit-
igate and reduce SE degradation processes (Chapter 2.2.i.).348* For In-Li electrodes (Chap-
ter 2.1.i1.), recent studies have identified the formation of InySy compounds at the interface
with the In/(InLi)x eutectic, as evidenced by electron microscopy and XPS.1%-192 However,
the combined findings remain inconclusive.

Therefore, interphase formation at the In/(InLi)x|LPSCI interface was investigated in the fifth
publication of this doctoral thesis. The electrochemical results are intended to guide a com-
plementing operando XPS study aimed at revealing the interphase composition. The findings
revealed a reduced degradation of LPSCI at lithiated indium CCs compared to lithium metal,
which was quantified using CTTA. Potential factors affecting the interpretation of CTTA re-
sults, including interface morphologies and metal oxide surface layers, were also identified
and discussed. In this context, the Wagner diffusion model was also refined for lithium alloy
electrodes and their higher Ey; to assess the SEI rate constant. Conclusively, these findings
deepen the understanding of interphase formation at alloy electrodes and interlayers, while
supporting operando XPS experiments to track SEI formation and its composition at
In/(InLi)x|LPSCI interfaces.
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2.3. Partial Electronic Conductivity of Lithium Solid Electrolytes

The partial electronic conductivity (o.) of interphase layers plays a pivotal role in governing
both growth kinetics and resistance contributions at the cell-level (Chapter 2.2.ii.). Beyond
these aspects, o, also impacts other critical properties of SSBs, particularly with regard to
long-term performance and safety. Consequently, the following chapter explores the role of
oe Within the context of defect chemistry and its extended effects on the long-term cell per-
formance. Furthermore, this chapter also addresses the challenges associated with measuring
the partial conductivity of minority charge carriers and explores the application of the Hebb-
Wagner method for accurately determining the minor partial conductivity in lithium SEs.

I. Defect Chemistry in Lithium Solid Electrolytes

Defect chemistry combines thermodynamic and Kinetic principles to understand and predict
the behavior of point defects in ionic solid solutions, linking thermodynamic variables to the
concentrations of lattice defects.’®1% In jonic materials, deviations from perfect stoichiome-
try are unavoidable, leading to the formation of (point) defects. Nonstoichiometry changes,
often induced by elemental doping, can additionally introduce electronic defects, such as elec-
trons or electron holes. Consequently, defects have a profound impact on the physical and
electrochemical properties of materials. A core objective of defect chemistry is to relate defect
behavior to material design, enabling performance optimization in applications like batteries,
fuel cells, and sensors. Theoretical descriptions such as Kroeger-Vink notation®® and Brouwer
diagrams have been developed to describe defects in relation to the crystal lattice or to illus-
trate their concentrations as functions of the activity of specific components, such as oxygen,
lithium, or sodium.

In the field of solid-state ionics, oxygen-ion conductors gained considerable attention in the
late 20" century for advancing solid oxide fuel cells (SOFCs).1%>1% Oxygen SEs have been
systematically optimized through defect chemical modifications to enhance ionic conductivity
(0;0n) @and ensure compatibility with cathode materials.*®”*% In contrast, lithium-ion conduct-
ing SEs initially received less attention but have recently regained interest due to their poten-
tial to enable SSBs to surpass conventional LIBs in performance.%% Despite this renewed
interest, o, of lithium-ion conducting SEs has received limited attention — apart from a few
cases?%%?%! _ and is usually considered sufficiently low. Therefore, research has primarily fo-
cused on optimizing these SEs to compete with LEs for advanced SSB applications, empha-
sizing improvements in o;,, by introducing structural lattice disorder.202-20°

Thus, lithium-ion conductors — like oxygen-ion conductors — have to be regarded as mixed
ionic-electronic conductors (MIECSs), as their behavior is fundamentally governed by their
point defect chemistry (i.e., concentrations of point defects).?®® Moreover, an often-over-
looked aspect within the SSB community is that o, of an inorganic SE is neither a fixed nor
constant value at a given temperature.?"-207.208 |nstead, o, is intrinsically tied to the actual
thermodynamic state of the SE. Specifically, o, depends on the concentration of electronic
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defects, which varies with the lithium activity (or chemical potential), a parameter directly
influenced by the cell potential (U,y):

R-T 1 ay;(cathode)
zy+ " F n ai(anode)

1
Ucen = @(cathode) — p(anode) = —FAuLi =— (eq. 14)
Here, ¢, A, R, T, z;;+ = 1, and ay; represent the electric potential, lithium chemical potential

difference between electrodes, ideal gas constant, temperature, charge number of lithium ions
(or number of transferred electrons), and the lithium activity of the cathode and anode mate-
rial, respectively. Conclusively, the effective o, of an inorganic SE employed as a separator
varies with the state-of-charge of the SSB cell, as will be demonstrated below.

The incorporation and extraction of lithium into and from the bulk SE can be expressed using
eq. 15, represented in Kroeger-Vink notation.

Li® + V; = Lif; + ¢ (eq. 15)

Vi, Lif;, and e’ denote lithium ion vacancies, lithium atoms occupying regular lattice sites
within the SE, and electrons, respectively. Based on the mass action law with the equilibrium
constant K ;, the lithium activity a;; within the material is given:

1 [Lif]
Ky [Vl

- [e'] (eq. 16)

ai

In this context, square brackets denote the concentration of electrons, lithium atoms, and lith-
ium vacancies. When the lithium SE primarily displays typical point defects, the charge from
the missing lithium ions (i.e., V};) are balanced by electron holes in the extrinsic regime (i.e.,
[VL;] = [h']). Assuming that the concentration of lithium atoms [Lig;] as well as the equilib-
rium between electrons and holes remain constant (i.e., [e'][h’] = K,)), eq. 16 simplifies to
proportional relationships for [¢'] and [h']:*?’

ap; < [e']? and ay; o [h*] 72 (eq. 17)

Thus, for a Li||LiNixMnyCo01.xyO2 cell (a; = 1 at the LME), the lithium activity within the SE
varies by 28 orders of magnitude between the charged (= 4.2 V) and discharged (= 2.6 V)
states, calculated using eq. 14. Consequently, as given by eq. 17, the concentration of elec-
tronic defects (in the extrinsic region of the SE) changes by 14 orders of magnitude and di-
rectly impacts the effective o, of SEs.

In this context, defect chemical considerations are a key factor in controlling the material
properties and o in SSBs. Eventually, design rules (e.g., elemental doping or substitution)
need to be found for future improved SEs, as is the case for oxygen-ion conductors.?®® More-
over, controlling the electron mobility may be crucial to minimize the effects of impurities
(i.e., variations in electronic defect concentrations) and ensure sufficiently low o,.
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1.  Consequences of Partial Electronic Conductivity in SSBs

Typically, o, of inorganic SEs is several orders of magnitude smaller than its ionic counterpart
and is thereby clearly underestimated as a factor in cell performance. In fact, a detailed under-
standing of the defect chemistry of inorganic SEs is essential to explain transport and storage
phenomena in SSBs, as electronic minority defects are expected to play a crucial role at the
cell-level, particularly in high-voltage systems.?%° Thus, even small o, values can have a sub-
stantial impact on the stability of SEs and electrode interfaces in battery cells, and affect their
long-time storage capability.?*

Figure 6 highlights the potential consequences of minor but ineffectively suppressed o,;. Typ-
ical values range from 107'°to 10" S cm™!, if accurate. oy, is directly linked to self-discharge
rates in battery cells, causing the detrimental electronic leakage across the SE (Fig-
ure 6A).1272% Similar to parasitic redox shuttle reactions in LIBs, this leakage currents deter-
mine the long-term performance, shelf life, and storage characteristics of SSBs. During aging,
a value of 1078 S cm™! for ¢, results in a 20% capacity loss after just 10 days for a 4 V-cell
with a capacity of 5 mAh cm™2, a separator thickness of 100 um, and an area of 1 cm?. As this
behavior has not yet been observed experimentally, it suggests that the reported o, of inor-
ganic SEs in the literature are likely overestimated.?® This discrepancy highlights significant
challenges in accurately quantifying o, for many relevant electrolytes. Here, the remarkable
shelf life of LIPON-based batteries (exceeding ten years) is believed to stem from its very low
oe (10712 —1071% S cm™), which effectively minimizes electronic leakage.?1%?!

'}33'3&' N .a.“'i
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Figure 6: The manifold impact of minor but ineffectively suppressed electronic conductivity in inor-
ganic SEs within SSBs. These effects include an increased battery self-discharge rate (A), reduced cell
lifetime due to internal lithium metal nucleation (B), and accelerated interphase formation at both
electrodes (C).

Furthermore, recent studies suggest that o, increases the risk of internal lithium metal nucle-
ation (i.e., the recombination of e~ and Li") through electronic pathways (Figure 6B).2*>217
Within the microstructure of SEs, grain boundaries may act as ionic bottlenecks or contain
trapped surface charges, promoting internal lithium deposition.?'8-220 At these bottlenecks, a
locally-increased chemical potential of lithium may trigger nucleation, potentially resulting in
dendrite formation and eventual cell failure (Chapter 2.1.i.). Both theoretical and experimental
studies suggest that minor o, values (<108Scm™) can compromise the electrochemical
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stability of SEs (Figure 6C).211:221-22 Thys, degradation processes (Chapter 2.2.) are acceler-
ated by considerable o}, impairing the material's long-term performance and stability, espe-
cially for SSBs with high energy densities.

Providing a brief perspective on alternative cell chemistries: Enhancing o, in SEs has recently
gained significant attention for advancing sulfur-based solid-state cathodes.??* In conventional
architectures, sulfur conversion reactions are kinetically limited at the three-phase boundaries
involving sulfur, carbon, and SE.?® However, Wang et al.??® showed that increasing o, by
incorporating MIECs, based on TiS;—Li7P3S11, facilitates the conversion of active sulfur into
Li.S and improves the active material utilization in sulfur cathodes.

Unfortunately, the reliable characterization of electronic properties is currently limited to gar-
net or LiPON SEs.?26-2%2 For other lithium-ion conducting SEs, such as halides or sulfides,
their inherent (electro-)chemical instabilities and side reactions at low potentials make precise
determination of o, challenging.!3*233234 These degradation reactions can alter the material
under investigation, potentially inducing parasitic ionic currents that interfere with conductiv-
ity measurements. Consequently, careful selection of measurement parameters and electrode
materials is essential to ensure accurate results. However, no standardized testing protocol or
universally suitable electrode material has been reported to mitigate parasitic reactions effec-
tively and allow precise o, measurements for sensitive SEs. Shao et al.?®® proposed a two-
step method to evaluate such SEs by significantly decomposing them at their interface to lith-
ium metal. However, this approach yields a measured o, that represents a combination of the
SE and interphase contributions. Thus, accurate analysis of g, is currently feasible only for
stable materials or fully reduced compounds.

ii.  Hebb-Wagner Measurements

Determining and separating the partial conductivity (and also the chemical diffusivity) of mi-
nority charge carriers in MIECs is inherently challenging.?®® In the early 20th century, only
the total electrical conductivity could be measured, as the available techniques and instru-
ments were unable to distinguish the contributions from individual charge carriers. This limi-
tation was overcome in the 1950s with the development of the Hebb-Wagner method by
Hebb,?3¢ and Wagner,?¥"-2% providing an alternative technique to electronic leakage testing.
This method represented a groundbreaking advancement, allowing for the precise separation
and independent analysis of minority partial conductivities in MIECs, such as o, in ion con-
ductors. From a modern perspective, the Hebb-Wagner method laid the foundation for subse-
quent research into defect chemistry, transport mechanisms, and the electronic properties of
solid-state ionics. Thus, it became a widely adopted method for studying ionic salts and ion

conductors, particularly silver and cuprous halides, as well as oxygen-ion conducting ox-
ides 240-249

24



2. Fundamentals

The following section outlines the physical principles and experimental requirements for
Hebb-Wagner measurements applied to lithium-based SSB materials, followed by a discus-
sion of the formal treatment of the polarization process.

In Hebb-Wagner measurements, the minority charge carrier conductivity (here, o, of a lith-
ium-ion conducting SE) can be quantified in an asymmetrical cell setup (Figure 7). By utiliz-
ing two distinct types of electrodes, ionic and electronic contributions can be effectively dis-
tinguished. A selectively blocking electrode (BE) restricts electron transport, while a reversi-
ble electrode (RE) allows for the exchange of both ionic and electronic charge carriers. The
RE maintains a constant a;; and, correspondingly, a fixed 4, .. A direct current (dc) voltage is
applied to the material under investigation. During polarization, the lithium content in the
material and a;; of the BE adjust according to the voltage. Depending on the direction of
polarization, a steady state is established,?*® where the net flux of lithium ions becomes zero.
At this point, the steady state current density (i) between both electrodes is entirely carried
by electronic charge carriers, enabling the determination of the material's o,,.

iel,ss
S Sy a g —
A
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Li as assembled Au
| |
| I X
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Figure 7: Hebb-Wagner cell configuration for measuring o, of lithium-ion solid conductors, using
one ion-blocking gold (BE) and one reversible lithium metal electrode (RE) — shown in the initial (as
assembled) state. The electrochemical potential of electrons (i) and the electric potential (¢) are de-
picted. In both cases, electronic current is conducted, while the ionic current is suppressed by the BE.
X is the spatial coordinate within the material of thickness I. For the sake of simplicity, the trend of i,
within LiX is linearized. The real profile of fi,; depends on the specific defect structure and will not be
linear. Reproduced with permission from reference 251. Copyright © Elsevier Inc.

Accurate measurements, however, depend on controlling the experimental parameters (e.g.,
the temperature) and ensuring the compatibility of materials to avoid internal side reac-
tions.?22% |t is critical that the electrode potentials, particularly at the RE, remain within the
stability range of the material to prevent degradation-induced ionic currents.?>* Additionally,
the cell voltage must not exceed the material's decomposition voltage (Ugecomp), Which can be
calculated using thermodynamic data as:
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Udecomp = _ArGO/(ZLi+ " F) (eq. 18)

where, for simplicity, A:G° is the change of standard Gibbs free energy for the decomposition
of the respective material. In the context of lithium-ion conducting SEs, being often prone to
reduction at low voltages, many inorganic SEs have been inaccurately studied in the past with
setups employing two BEs or lithium metal as the RE. Only fully reduced materials can be
studied with lithium metal without risking the validity of experimental results. Thus, the care-
ful selection of electrodes in Hebb-Wagner measurements is of utmost importance, particu-
larly for materials susceptible to degradation, where significant challenges persist.

The formal description of the Hebb-Wagner method for steady state polarization under ion-
blocking conditions can well be established, including the relationship between o, and
a;;.2%"2%8 This formalism can be easily extended from lithium-ion conductors to other solid
conductors, such as sodium or potassium SEs. Analysis begins by considering the flux of
lithium ions (j .-) within the SEs (eq. 19).*"%* This flux arises due to the local gradient of

the electrochemical potential of lithium ions (Vi .+). Vi ;+ can be expressed as presented in

eq. 20, corresponding to the equilibrium condition Li’ 2 Li" + e for the occurring redox re-
action.

= Jion oo 19
.]Ll (ZLi+ . F)Z uuLl (eq )
Vi = Vi + zy+ - Vil = Vilgi+ + Vg (eq. 20)

Here, z;;+ = 1land i, are the charge number of lithium ions and the electrochemical potential
of electrons, respectively. By precisely controlling the polarization direction, lithium ions mi-
grate (/‘mig) toward the RE with depletion occurring near the BE, leading to a lithium concen-

tration gradient within the material. To counterbalance this gradient, a diffusion flux (7 ..)

emerges. Over time, the resulting net flux of lithium ions stabilizes, reaching a fully compen-

sated steady state (ss) where j, .+ =j = 0. As a result, the gradient of the electro-

mig +jdiff
chemical potential of lithium ions is zero (eq. 21) and eq. 20 simplifies to eq. 22, where x is
the spatial coordinate within the material for one-dimensional transport between both elec-
trodes. The relaxation time required for equilibrium depends on multiple factors, necessitating

careful selection of waiting periods.?>

Vipi+ss =0 (eq. 21)

_ dfi duy;
V.“el,ss = V."‘Li,ss Ad dexl,ss = dl;,ss (eq 22)

At steady state, the current density (i ) through the sample is entirely carried by electronic
species, such that (is = igs). Vi, . =Vu follows from the assumption that the

el,ss Li,ss
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concentration of lithium ions does not change (eq. 21), which also implies that the polarized
SE is electrically field-free (Vo = 0). Any electron transport occurring in the polarized state
is exclusively driven by their concentration gradient.

The corresponding partial electronic current density (i.;) is described by eq. 23, where the
charge number of electrons z, = -1. o, accounts for the combined contributions from both
hole (p) and electron (n) transport. By integrating eq. 23 over the sample thickness (I) and
incorporating eq. 22, eq. 24 is derived for steady state conditions. This demonstrates that o,
is dependent on x, . under steady state conditions.

Gel(x) ]
Zgl " F

Ol (x) . d.ael,ss
F dx (eq. 23)

le] = Jel"Ze1 " F = — Vi = +

l 1 FiLi(BE)
f lelss (x)dx =—- j Opel (ﬁel,ss) : dﬁel,ss
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F J.
FvLi(RE)
1 u1i(BE) (eq. 24)
S lelss (x) = l_F : j- Oer (L) * Ay
uLi(RE)
By integrating eq. 22 across the sample from RE to BE, eq. 25 is derived:
ﬁel(BE)
f dfle) = .ael(BE) - .ael(RE) = Aflg)
ﬁel(RE) (e 25)
#1i(BE) g
j dur; = pri(BE) — pi(RE) = Apy;
pLi(RE)
Considering eq. 14, eq. 26 is obtained:
Apri = Afley = —F - Ap = —F - Ucen (eq. 26)

Overvoltages at the BE are neglected in this analysis.?**?*? It is evident, that x .(BE) is ad-
justed with the applied voltage, while x, . is fixed at the RE in Hebb-Wagner configurations.

Differentiating eq. 24 with respect to ., .(BE) leads to the final expression (eq. 27) for o at
the BE. This requires substituting eq. 26. Thus, i, ,; can be adjusted by U,;, while enabling
o.(BE) to be determined from the slope di ss/dU.. Additionally, it emphasizes that o is
influenced not only by 4, . or U, but also varies within the material 242

diel,ss diel,ss

OetluiBE)| = F - |- —— = 1"
el [.uL ( )] d,LLLi(BE) dUcen

(eq. 27)

If the mobilities (u, and u,) remain unaffected by the cell voltage, the electron and hole con-
ductivities (¢, and ap) are directly proportional to their respective defect concentrations (ci),
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with o;=e - u; - n;=F - u; - ¢; , where e the elementary charge and »; the respective charge
carrier density. Consequently, o, and g, follow the power law dependence on a;® (egs. 28 and
29), given c;, where o is a characteristic exponent related to the redox reaction at the RE.?*
Egs. 28 and 29 can be rearranged using the general equilibrium expression for the chemical
potential of lithium: . =40, + R - T Inay;, where T is the temperature. In this context, o)

and ag represent the respective standard partial conductivities for a;; = 1.

(ot

o, = al-af, =a-exp [+% (eq. 28)
. - —_— 0.

0p = 0p " ag* = 0p " exp [—0‘(”+T”L‘)] (eq. 29)

Combining eqs. 24, 26, 28, and 29, along with o, = o, + 0,,, the final form of the Hebb-Wag-
ner relation (eq. 30) is obtained. This equation establishes the formal connection between i
and U, facilitating the separation and analysis of electron and electron hole contributions.

RT aFU aFU
lelss = ﬁ(ag [exp (_ R—;en) - 1] + 0'12 [1 — €xp (+ R’;ell)]) (eq. 30)

At low voltages, the current is predominantly carried by electrons, approaching a threshold
value, corresponding to o%. As the voltage increases, the current shifts to being primarily
transported by electron holes, exponentially increasing. Thus, a plateau in the i, (—U. curve
reflects the n—p transition between both regimes — from negative to positive U,;. For a com-
prehensive analysis, it has been demonstrated that a;; and, consequently, x, ., are both con-
trolled by the voltage applied across the electrolyte. Accordingly, these parameters alter ¢,
and c,, which influence o, within the SE.

The findings from the first publication on the transport properties of interphases in SSBs and
their individual components revealed a significant knowledge gap: the electronic properties
of lithium halide compounds (LiX, where X = Cl, Br, or 1) remain largely unexplored.?® Since
the o, of SEIs is governed by the properties of their individual constituents, these individual
characteristics strongly influence the overall behavior of interphases in SSBs. Consequently,
the third publication in this thesis is focused on examining the transport properties of LiCl,
LiBr, and Lil, which are known degradation products of lithium argyrodite SEs (LigPSsX).
Furthermore, the critical importance of minimizing o, to reduce self-discharge and degrada-
tion processes in SSBs is emphasized. LiX compounds, being binary ionic salts with fully
reduced anions, serve as ideal model systems with lithium metal acting as a suitable electrode
material.**~*" Using the dc Hebb-Wagner method, these compounds were analyzed to deter-
mine their ionic conductivity as well as the contributions of both electron holes and electrons
to the overall electronic transport. Therefore, i, ;, was analyzed as a function of U, using
eg. 30, and evaluated in a battery-relevant context.
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3. Results and Discussion (Publications)

Knowledge of the degradation kinetics of sulfide SEs in contact with lithium metal was scarce
at the beginning of this thesis. Due to its nanoscale nature and the concealed interface, inves-
tigations were limited to few analytical techniques. Therefore, scientific studies only slowly
unveil the growth mode, composition, and microstructure of a few model-type SEls, impeding
the accurate prediction of interphase formation and growth rates in SSBs.

Simple approximations based on the characteristics of the constituent phases appeared to in-
accurately describe the properties of SEIs. Accordingly, the first publication provided insight
into the transport properties and growth kinetics of typical multiphase SEls at the Li|LPSCI
interface. Therefore, both the partial ionic and electronic conductivity of synthesized SEI-
type bulk-material was determined. Using these parameters, the long-term impact of contin-
uous SEI growth on cell performance is assessed, underscoring its compromising influence
on sustained cell operation.

The Wagner diffusion model was originally developed to analyze reactions occurring at
gas|solid interfaces and recent time-resolved experiments on interphase growth in SSBs re-
vealed discrepancies from expectations of the Wagner diffusion model. Consequently, the
reliability of impedance measurements to extract interphase kinetics at solid|solid interfaces
was evaluated in the second publication (submitted). Using 3D transport simulations, it is
shown that rigid contacts, current constriction, and partially passivated interfaces influence
cell impedance responses and can lead to misinterpretations or inaccuracies in estimating in-
terphase rate constants and growth over time. This underscores the need for careful application
and a more profound understanding of contact conditions and area to accurately estimate in-
terphase growth in SSBs. Furthermore, these results highlight the practical value of the bulk-
synthesis approach introduced in the first publication for accurately determining reaction and
growth rates.

During the preparation of the first publication, it was also observed that there was only little
experimental research reported on the electronic properties of lithium-ion conductors in bat-
tery-relevant contexts. The third publication is aimed to address this gap by examining the
partial electronic transport properties of relevant lithium-ion conductors (i.e., LiCl, LiBr, and
Lil) from a defect-chemical perspective. The contributions of electrons and holes to the partial
electronic conductivity were effectively decoupled by comprehensively applying the dc Hebb-
Wagner method. Thus, an effective testing protocol was established to evaluate the electronic
conductivity of practical lithium-ion SEs, highlighting the importance of accounting for elec-
tronic properties in SSBs to mitigate self-discharge and degradation processes.

In—Li electrodes are frequently used in scientific studies to replace LMEs for inducing less
degradation of sulfide SEs, due to their electrode potentials being closer to the ESW of sulfide
SEs, and inhibiting pore and dendrite formation. Consequently, the final section of this doc-
toral thesis is focused on the preparation of In/(InLi)x electrodes, their performance, and the
degradation of LPSCI at £y = 0.62 V (vs. Li /Li) of In/(InLi)x.
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Recently, it was reported that significant variations in cycling behavior and specific capacities
of SSB cells prepared by different research groups are partly due to inconsistencies in the
preparation of In—Li electrodes.?* Therefore, the suitability of In—Li electrodes (as CEs) for
solid-state cathode benchmarking was examined in the fourth publication from a fabrication
perspective. In this comparative study, it is explored how preparation affects electrode micro-
structure, electrode Kkinetics, and the interlaboratory comparability of results. Findings reveal
the constraints of In—Li CEs, which are impacted by their individual microstructure, in facili-
tating high-rate testing of high-capacity solid-state cathodes.

Interphase studies in literature are typically focused on the Li|SE interface, whereas SE deg-
radation at higher electrode potentials is generally anticipated less detrimental to SSB perfor-
mance. In the fifth publication (in preparation), interphase formation at lithiated indium CCs
was investigated through electrochemical titration, revealing a reduced degradation of LPSCI
at lithiated indium CCs (compared to lithium metal). Supported by SEM and XPS analysis,
possible factors affecting the interpretation of CTTA results, including interface morphologies
and metal oxide surface layers, were identified. Moreover, the Wagner diffusion model was
refined to account for lithium alloy electrodes and their elevated Ey, enabling the assessment
of respective interphase rate constants. Conclusively, findings enhance the understanding of
interphase formation at alloy electrodes, providing a foundation for operando XPS experi-
ments aimed at revealing the interphase composition.
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3.1. Quantifying Multiphase SEI Growth in Sulfide Solid Elec-
trolytes (1% Publication)

In this publication, the transport properties and growth kinetics of reduced sulfide SEs were
investigated. Through a novel synthesis approach, the limitations of conventional methods
were overcome, surpassing inadequate approximations, and establishing a basis for modeling
and quantifying interphase growth.

An effective modeling of the multiphase SEI in SSB cells with LMEs was introduced by di-
rectly reacting the LPSCI with lithium metal powder. Using XRD and XPS, the obtained com-
posite of binary lithium phases (referred to as 'bulk-SEI") was confirmed to closely resemble
the "actual’ SEI. Thus, both partial conductivities (o;,, and o,;) were determined using dc po-
larization (i.e., Hebb-Wagner-type measurements) in order to estimate the diffusion-con-
trolled interphase growth, using the Wagner diffusion model. The derived kinetic predictions
closely align with reports on cell-level multiphase SEIs, and emphasize the negative impact
of SE degradation on the long-term performance of SSBs.

This publication presents, for the first time, experimental data on the transport properties of
typical multiphase SEIs, with the resulting Kinetic predictions contributing to a deeper under-
standing of SEI growth. Thus, findings enhance the ability to model SEI transport parameters
and design guidelines were established to stabilize the Li|SE interface through proper control
of the partial conductivities.

The experiments presented in this publication were designed and executed by the first author
under the supervision of K. Peppler and J. Janek. The synthesis and investigation of bulk-SEI
were also performed by N.U.C.B. Muller under supervision of the first author and P.
Minnmann. L. M. Riegger performed the XPS measurements of the bulk-SEI and analyzed
the corresponding data. B. Aktekin supported the analysis of XPS data and assisted with sci-
entific discussion during the review process. The first author performed scanning electron
microscopy (SEM), energy dispersive X-ray spectroscopy (EDX), XRD, electrochemical
measurements, and the corresponding data analysis. The manuscript was written by the first
author and edited by all co-authors.

Reprinted with permission from Christoph D. Alt, Nadia U.C.B. Muller, Luise M. Riegger,
Burak Aktekin, Philip Minnmann, Klaus Peppler, and Jirgen Janek. Quantifying multiphase
SElI growth in sulfide solid electrolytes, Joule, 2024, 8, 1-22. DOI:
10.1016/j.joule.2024.07.006. Copyright © 2024 The Author(s). Published by Elsevier Inc.
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The incorporation of lithium metal anodes could increase the energy density of
solid-state batteries, potentially surpassing that of lithium-ion batteries. However,
this is hindered by the chemical reduction of solid sulfide electrolytes in contact
with lithium metal. The objective of this study is to better understand the transport
properties of typical multiphase SEls, providing quantitative design guidelines for
stabilizing the Li|solid electrolyte interface and its kinetics.

32

Christoph D. Alt, Nadia U.C.B.
Miiller, Luise M. Riegger, Burak
Aktekin, Philip Minnmann, Klaus
Peppler, Jirgen Janek

juergen.janek@pc.jlug.de

Highlights

A transferable approach
simulated the degradation of
sulfide solid electrolytes

dc polarization reveals the ionic
and electronic conductivity of
bulk-SEI material

Using the Wagner-type diffusion
model, SEI growth kinetics is
evaluated

Quantitative design guidelines
are given to attain sufficient long-
term stability

Alt et al., Joule 8, 1-22

October 16, 2024 © 2024 The Author(s).
Published by Elsevier Inc.
https://doi.org/10.1016/j.joule.2024.07.006




3. Results and Discussion

Joule ¢? CellPress

OPEN ACCESS

Quantifying multiphase SEI growth
in sulfide solid electrolytes

Christoph D. Alt,"* Nadia U.C.B. Muller,"-* Luise M. Riegger,? Burak Aktekin,"-? Philip Minnmann,-?
Klaus Peppler,’? and Jurgen Janek'-23*

SUMMARY CONTEXT & SCALE

The incorporation of lithium metal anodes in solid-state batteries Lithium-ion batteries {LIBs) are
(5SBs) is impeded due to the chemical reduction of sulfide solid elec- approaching physicochemical
trolytes (SEs) in contact with lithium metal. Growth mode, composi- limits in terms of energy density
tion, and microstructure of a few model-type SE interphases (SEls) and fast-charging capability. To
are slowly unveiled. The objective of this study is to better under- meet the demands of future
stand the transport properties of typical multiphase SEls by direct (mobile) applications, the
reaction of the SE with lithium metal powder. Hence, the composi- integration of lithium metal
tion and conduction properties (oo, and o) of synthesized anodes in solid-state batteries
bulk-scale SEl-type material (of Li,PSsCl) are analyzed. The kinetic holds the potential to enable
predictions using a Wagner-type diffusion model align well with high-performance storage
recent results of electrochemical studies on cell-level multiphase beyond LIBs. However,

SEls. Accordingly, these findings enhance the ability to model trans- morphological changes during
port parameters with greater accuracy and contribute to a deeper operation and degradation of
understanding of SEl growth and kinetics in SSBs. The need to stabi- (sulfide) solid electrolytes in
lize the Li|SE interface by controlling the partial conductivities of the contact with lithium metal are
resulting SEl is emphasized. unsolved issues, both of which are

closely interconnected.

INTRODUCTION To enable lithium metal solid-
In the ongoing transition toward sustainable electric transportation, solid-state batte- state batteries, it is crucial to
ries (SSBs) are being recognized as a promising advancement of conventional lithium- control and optimize the lithium|
ion batteries (LIBs).' * S5Bs often utilize solid electrolytes (SEs) that replace flammable solid electrolyte interface. This
liquid organic electrolytes of LIBs, potentially ensuring the safe operation of the sys- study provides new insight into
tem."™ Among the multitude of lithium-ion-conducting materials, lithium thiophos- the characteristics and growth
phate-based SEs, such as lithium argyrodites LisPSsX (X = Cl, Br, ), have garnered kinetics of the resulting interlayer
significant attention from both academia and industry. They are considered suitable through a direct reaction of sulfide
to be employed in $SBs for being highly conductive (up to 20 mS cm~),”# and reason- solid electrolyte with lithium metal
ably malleable to form sufficient interfacial contacts. Integrating lithium metal anodes powder. Our findings highlight
(LMAs) in SSBs, which is not feasible in LIBs due to the significant dendrite risk, is the importance of controlling the
expected to boost their energy and power densities.” ' partial conductivities of the
resultant multiphase layer to
As for all electrochemical cells, the performance of SSBs relies on the interplay of the stabilize the metal anode.
negative electrode (often addressed as anode), separator electrolyte, and positive Quantitative design guidelines
electrode (often addressed as cathode).'>'* The SE separates the electrodes and al- are derived.

lows ion transport while preventing electronic conduction. Due to their very low
(anode) and very high (cathode) potentials, the electrodes can either reduce or
oxidize the SE at the corresponding interface, which poses stability issues. Based
on thermodynamic data, Zhu et al.’® and Richards et al.’® computed the (onset) po-
tentials for reduction and oxidation, along with the resulting equilibrium phases. In
particular, the stabilization of Li|SE interfaces is a major challenge in the develop-
ment of lithium thiophosphate-based S$SBs if no other stable separator SE is being
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used (like garnet-type SE).'’*'?When in contact with lithium metal, which exhibits the
lowest possible redox potential (i.e., E4[Li*/Li] = —3.04 V vs. SHE), ternary and higher
thiophosphate SEs are thermodynamically unstable. In the case of lithium argyro-
dites, they are reduced and decomposed to binary lithium compounds, as described
in Equation 1."*"'? These binary decomposition products are thermodynamically sta-
ble against lithium metal, and thus, local equilibrium {with lithium metal) will be es-
tablished. Essentially, P(+5) is reduced to P(—3) and other low-valent phosphorous
species,'* which drive the reaction along with the formation of highly stable Li,S
and LiCl (for the sake of simplicity, the formation of stoichiometric Li3P is assumed
in the following):

LigPSsX + 8 Li® — 5 LiyS + LisP + LiX with X = CI,Br,| (Equation 1)

During this (chemical) degradation, a multiphase reaction layer is formed. The
morphological stability and growth of this interphase are determined by its transport
properties.””?' Assuming a classical diffusion-controlled solid-state reaction, the
persistent degradation of sulfide SEs can only be stopped once sufficiently strong
counter-acting forces compensate the chemical driving force or if a product is some-
how accumulated such that the kinetics is slowed down to a virtually zero rate. As
some of the interphase components like lithium halides and lithium phosphide
show lithium-ion conductivity—even if it is low—it is expected that the electronic
conductivity within the degradation layer will define the interphase growth rate.
Two types of interphases have been defined and reported?’: (1) mixed ion/elec-
tron-conducting interphases (MCls), which grow more or less continuously due to
both high ionic and electronic partial conductivity™ and eventually cause short cir-
cuiting of SSBs, and (2) predominantly ion-conducting interphases with negligible
partial electronic conductivity. Consequently, the latter are denoted SE interphases
(SEls) in line with the analog interphase in liquid electrolytes.”” " They are assumed
to show a square-root of time growth behavior in the ideal case, which can be
described by a Wagner-type model.'”“* We like to highlight already at this early
stage that a purely diffusion-controlled SEI formation will theoretically not come
to a rest but will get slowed down with time.

Hence, for Li,PSsCl (and other thiophosphate SEs), Wenzel et al." and Riegger
etal.”’ observed that the SEI growth (in contact with lithium foil) persisted for several
hours to days with a significant slowdown in growth. In experiments based on a novel
electrochemical titration technique, Aktekin et al.?® further described a square-root
of time relationship for the SEI growth in anode-free cells (i.e., for freshly deposited
lithium). These findings imply that the electronic conductivity of the formed SEl is too
high to effectively suppress continuous growth. On the contrary, Otto et al.”” r
ported that the degradation reaction of LigPSsCl with vapor-deposited lithium ex-
hibited self-limiting kinetics, ultimately resulting in a layered SEIl microstructure.
This disagreement on the long-term SEI growth highlights the importance of gaining
a better understanding of SEl conduction characteristics with respect to SEI growth.

e-

In view of the great relevance of this SEl for the future of sulfide-based SSBs, the un-
clear understanding is not satisfying.

SEls show completely differing chemical, structural, and mechanical properties
compared with pristine sulfide SEs, mainly due to the multiphase composite char-
acter and the negative volume change during growth relative to the SE itself.”
Hence, various effects occur such as interface cracking and pore formation, loss of
accessible lithium, and hampered lithium-ion transfer.'*“° As a result of the addi-
tional SEl layer, the charge transfer resistance at the interface between lithium metal
and the SE is typically increased. By destroying the SE structure, the SEl formation
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has a detrimental impact on full cell level, supporting dendrite formation and a cor-
responding decrease in cycle life.””*" Hence, the presence of a SEI has a significant
impact on the fundamental characteristics and long-term performance of SSBs,
which several approaches aim to inhibit.”* ** Eventually, controlled degrada-
tion,>* ™’ and stabilized Li|SE interfaces,”® while supporting sufficient ionic conduc-
tivity and reduced SEl impedance, may enable the commercialization of SSBs.

Despite their critical role, studies on the electrical and microstructural properties of
SEls are scarce due to the lack of suitable methods (i.e., due to limited spatial res-
olution and difficulties in sample preparation). Examining the SEI presents chal-
lenges because of its nanoscale nature and the concealed (buried) interface.
Hence, investigations are mostly limited to surface sensitive characterization tech-
nigues,”"?"*? electron microscopy,’”*! or electrochemical impedance spectros-
copy.”’*? Other properties of SEls are typically approximated to mirror the char-
acteristics of their constituent (bulk) phases, despite limited understanding of
their individual distribution and nature in complex SEI layers. On one side, there
is a lack of experimental evidence regarding the composite structure of multiphase
SEl layers and the widely acknowledged presumption of electronically insulating
characteristics. On the other side, there is little experimental research on these in-
dividual phases in battery-relevant contexts, specifically concerning partial ionic
and electronic transport properties. Hence, establishing correlations between as-
sumptions about the SEI layer, validating experimental results, and interpreting
electrochemical data is a complex task.

In this study, we introduce a novel approach to gain deeper comprehension of the
multichase SEl layer at a new scale. LigPSsCl (LPSCI) as model SE is utilized to inves-
tigate the SEl properties of sulfide SEs in contact with lithium metal. We synthesize
bulk-phase SEl-type material (“bulk-SEI") through direct synthesis from LPSCI and
micron-size lithium metal powder. This enables the assessment of various SEI prop-
erties without the need for approximation based on individual constituent phases.
X-ray powder diffraction (XRD) and X-ray photoelectron spectroscopy (XPS) mea-
surements are conducted to confirm the successful synthesis of the bulk-SEl and vali-
date the chemical composition. The morphology of the synthesized bulk-SE! parti-
cles is examined using scanning electron microscopy (SEM). The presence of
domains enriched in S, P, or Cl is confirmed by complementary energy dispersive
X-ray spectroscopy (EDX). dc polarization under selectively blocking conditions,
i.e., the Wagner-Hebb configuration,****
ization. Thereby, we quantify the partial ionic and electronic conductivities of the
synthesized multiphase bulk-SEl. Based on these data, we assess SEl growth as
well as its thickness using a Wagner-type diffusion model, which is in very good
agreement with electrochemical studies on cell-level multiphase SEls, and discuss
its effect on SSBs. The findings from these studies provide a comprehensive and ho-
listic understanding of the nanoscale SEI characteristics. Ultimately, we establish a
guideline by estimating suitable partial conductivities for the SEl to optimize the
Li|LPSCI interface and achieve sufficient long-term stability.

is utilized for electrochemical character-

RESULTS AND DISCUSSION

To be a suitable separator material to incorporate LMAs and commercialize SSBs, a
(sulfide) SE must fulfill various criteria, including high ionic conductivity. In the case of
lithium thiophosphate-based SSBs, the challenges posed by the evolution and
growth of multiphase SEls result in increased ionic resistance and require further
investigation.
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Figure 1. Scanning electron microscope images of the starting materials and the synthesized
bulk-SEI

(A-C) Lithium metal powder (A), LPSC| powder (B), and the homogeneous mixture of both materials
(hand-ground, serving as precursor) (C).

(D and E) Image of the synthesized bulk-SEl particles after annealing at 250°C and subsequent hand

grinding in the mortar are shown in (D) and (E). No remains of spherical lithium metal powder have
been identified. The particle size appears to be significantly increased, while differences in shape to
the initial LPSCI and untreated mixture are found.

Material synthesis and chemical analysis of multiphase bulk-SEI

Detailed information on the prepared lithium metal powder is given in the supple-
mental information. This includes SEM images of single particles and the
particle size distribution (Figures ST and S2; Section A) and XRD results (Figure S4;
Section C). Moreover, Figure S9 (Section D) presents the XPS depth-profiling results
of lithium metal particles, which reveal the passivation layer comprising lithium hy-
droxide, Li,O, lithium carbonate, and carbon species.

In Figure 1, SEM images of the starting materials are compared: freshly prepared
lithium metal powder (A), LPSCI powder (B), and their hand-ground mixture before
annealing (C). XRD analysis of the mixture (Figure S6; Section C, supplemental infor-
mation) did solely disclose minor signs of reaction (as evidenced by clear LPSCl and
lithium metal reflections), and electrochemical testing revealed high electronic con-
ductivity—even after few weeks of storage. Hence, it was employed as precursor in
the subsequent heat treatment process at 250°C. Please note that this is an extra
(synthesis) step, which may lead to unavoidable deviations from the characteristics
(i.e., morphology and properties) of the actual SEl in SSBs. Images of the resulting
bulk-SEl particles (Figures 1D and 1E, at different magnifications) provide first in-
sights into their morphology. It comprises micron-sized, agglomerated secondary
particles with various shapes and sizes. The absence of spherical particles (i.e.,
lithium metal powder) in the precursor (C) and the final product (D and E) provides
an initial indication of the successful mixing and subsequent reaction, respectively.
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Figure 2. Representative X-ray diffraction pattern of the synthesized bulk-SEl and the
corresponding Rietveld refinements

Single phases of Li,S (ICSD: 196932) and LiCl (ICSD: 52235) are identified. w, a, R, and GOF are
the mass fraction, lattice constant, weighted profile R-factor, and goodness of fit, respectively.

The particle size of the product appears even after consecutive grinding to be
increased compared to the initial particle size of the sulfide SE and the precursor
mixture. As mentioned above, the increased particle size could be related to the
annealing step. Additional SEM images with further details on the bulk-SEl's
morphology are shown in Figure S3; Section B, supplemental information.

The properties of the synthesized bulk-SEl are notably responsive to the carefully
measured stoichiometric ratio of reactants. Specifically, residuals of LPSCl may impact
the partial ionic conductivity, while lithium metal residuals may affect the electronic
conductivity. If residuals persist, we anticipate the latter to have a more significant
impact. To avoid this, we adjusted the amounts of lithium metal powder and LPSCI
to their corresponding molar ratio without risking an over-stoichiometric amount of
lithium metal. Thus, to confirm the successful synthesis, ensure the absence of any re-
maining reactants, and acquire further information about the crystalline nature of the
obtained bulk-SEl, phase analysis by means of powder XRD was performed (see Fig-
ure 2). While the interfering background in the 20 range of 17°-23° is caused by the
polyimide cover, the XRD pattern reveals distinct reflections corresponding to single
phases of LizS and LiCl. Identifying both compounds indicates the (partially) successful
synthesis according to the chemical reaction (Equation 1).

However, no traces of the expected LizP or any related phosphorous compounds,
including intermediates, are detected via XRD. The most prominent reflections of
phase-pure LisP occur at 23.4°, 24.0°, 26.8°, 42.3°, and 43.4° (ICSD: 26880). Howev-
er, the detection of LisP is hindered by the polyimide cover, particularly up to 24°,
and the LisP reflection at 26.8° superimposes with the most prominent peak of
Li,S. Additionally, no clear reflections are observed at 42.3° and 43.4°. Figure 57
(Section C, supplemental information) provides the magnified XRD pattern in the
range of 40° to 62°.

The potential presence of multiple lithiated phospherus compounds (e.g., Li,P inter-
mediates) significantly reduces the probability of their detection in the bulk-SEl due
to the low fractions of each phosphorus compound. Moreover, another possible
reason is the increased reactivity of LizP to moisture, with the polyimide covers
used here only minimizing exposure to air. To the best of our knowledge, the cbser-
vation of LizP in SEl studies has only been reported but remains challenging under
ultra-high vacuum {UHV) conditions (e.g., by XPS).*>*® Lastly, LisP may be in an
amorphous (non-crystalline) state in the bulk-SEl, which is also often assumed in

studies of phosphorus as an electrode material in batteries.”’ %7

The Rietveld refinement of the XRD pattern provides lattice constant values of a =
5.753 A for the LizS phase and a = 5.171 A for the LiCl phase, which are in good
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agreement with previously reported values.”“*' Furthermore, the refinement pro-
cess reveals the mass fractions of the synthesized bulk-SE! for each identified com-
pound. Li,S represents the predominant fraction at 89 wt %, while LiCl accounts for
only 11 wt % of the overall composition. It should be noted that the starting LPSCI
material used in the synthesis already contained 3 wt % of LiCl as an impurity (iden-
tified by XRD refinement; see Figure S5; Section C, supplemental information). How-
ever, a direct comparison of these mass fractions obtained through XRD measure-
ments to the expected values (of chemical reaction [Equation 1]} is not feasible
due to the potential presence of unidentified or non-crystalline phases.

Notably, reflections of the initial constituents (lithium metal and LPSCI) are neither
detected nor identified, especially in comparison with reference diffractograms of
both materials and the precursor (see Figures $4-56; Section C, supplemental infor-
mation). Therefore, Figure S8 (Section C, supplemental information) provides a
comparison of XRD patterns (raw data) between LPSCI, precursor mixture, and syn-
thesized bulk-SEl. As mentioned above, we intentionally avoided using over-stoi-
chiometric amounts of lithium metal during preparation. Hence, we did not aim to
compensate for lithium loss originating from passivation films present on lithium
metal powders. In addition, we believe that lithium metal powder would further
be subjected to passivation during grinding and synthesis due to its high reactivity
and increased surface area (even under inert conditions in gloveboxes). Therefore,
some lithium metal is inevitably consumed due to passivation reactions (e.g.,
LizO, lithium hydroxide, and lithium carbonate formation), making it more likely
for residual LPSCI to be present in the bulk-SEl. Additional lithium compounds,
such as lithium hydroxide and Li,O, are also not identified. With respect to residual
LPSCI, there is a slight increase in intensity at ~36.5°. However, despite this cbser-
vation, the primary (most prominent) reflections of LPSCI at 25.67, 30.0%, and 31.5°
are not detected for the bulk-SEI. We believe that these features are not conclusive
for the presence of lithium metal or LPSCI residuals. Thus, we assume that residual
amounts of either lithium metal or LPSCI are sufficiently small, distributed within
the multiphase SEl, and passivated or isolated so that they do not affect the proper-
ties of the bulk-SEl, as will be discussed in the next section.

In orderto gain additional chemical information, resolve the unidentified, missing, or
amorphous phases, and provide a thorough understanding of the chemical compo-
sition of the bulk-SEIl, a chemical analysis using XPS was carried out next. Further-
more, we conduct additional analysis to verify the absence of lithium metal traces
within the bulk-SEl and to quantify any residual amounts of LPSCI that may not
have been fully consumed. This is crucial to ensure that the properties of the bulk-
SEl remain uncompromised.

Figure 3 shows the Li 1s, S 2p, and P 2p XP spectra of the synthesized bulk-SEI. No
lithium metal signals at binding energies (BEs) below 53 eV and plasmon-loss fea-
tures at ~60 eV are detected in the Li 1s spectrum. We also performed depth
profiling, which did not provide additional information on the bulk-SE! structure or
identify residual amounts of lithium metal (Figure 510; Section E, supplemental infor-
mation). This is in contrast to the XP spectra of lithium metal powder (compare Fig-
ure S9; Section D, supplemental information). Hence, these results verify the prior
findings and consequently validate the complete consumption of lithium metal.
Please note that minor impurities of lithium hydroxide and carbonates (both at
55.4 eV) as well as Li,O (54.5 eV) cannot be prevented—even at dynamic vacuum
conditions during synthesis. This can be attributed to the highly reactive nature of
lithium metal and its increased surface area in powder form. However, as crystalline
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Figure 3. X-ray photoelectron Li 1s, P 2p, and § 2p spectra of the synthesized bulk-SEI

The analysis of these spectra revealed the successful synthesis of bulk-SEI. Inthe S 2p and P 2p
spectra, the evolution of Li>S and LizP (and related polyphosphides) is clearly evidenced,
respectively. In the Li 1s spectra, it is evident that lithium metal is absent and has been entirely
consumed. However, only minor residual amounts of LPSCI (P-O/PS,;* doublets in the S 2p and P
2p spectra) may remain present, as confirmed by quantitative analysis (Figure S11).

impurities could not be identified by XRD measurements, we consider the impurity
fractions to be negligible. XPS quantification (Figure S11; Section E, supplemental
information) showed that the major impurities are lithium hydroxides resulting
from reactions with trace amounts of moisture and oxygen and that the peak at
55.4 eV (in Li 1s) is mainly dominated by the Li;S with smaller contributions of
Li>O. Both aspects are identified by comparing the quantification of the Li 1s with
the O 1s and S 2p spectra, respectively. Unfortunately, signals of LiCl and (oxygen-
ated) phosphorous species superimpose with those of lithium hydroxides.

The complete reduction of LPSCl to various decomposition products is evident in the
S 2p and P 2p spectra. In the S 2p spectrum, the distinct signal at 160.3 eV can be
assigned to LizS. This finding matches the thermodynamic predictions. Thus, LizS
is formed during the reduction of LPSCI by lithium metal (as also confirmed by
XRD). The prevalence of Li;S is consistent with the chemical reaction (Equation 1),
comprising the main volume fraction of the SEI (theoretically 71 vol % LizS).

In contrast to our XRD results, the P 2p spectrum shows indeed reduced phosphorus
species in different lithiated (non-stoichiometric) states. While the signal of LisP at a
BE of 125.4 eV can be clearly identified, two other well-separated doublets (127.1
and 129.3 eV, respectively) are detected, indicating lithium polyphosphides with
slightly decreased lithium content (such as LiPs, LiP;, or Li,P with x < 3). As these
compounds are not detected in the XRD pattern, they are possibly in an amorphous
state. Quantification results in Figure 511 (Section E, supplemental information)
show that the total amount of phosphorous in the bulk-SEl is as expected. However,
the identification of multiple species explains the lower-than-expected atomic frac-
tion of LisP and the difficulties encountered in XRD analysis.

Depending on the XPS measurement conditions, it is common in SEI studies to
detect low intensities of LizP as well as contributions (at higher intensities) of various
phosphorous species (Li,P).'”*> Wenzel et al.** reported the high reactivity of Li;P
with trace amounts of oxygen and moisture inside the XPS chamber (i.e., UHV con-
ditions), resulting in the consumption of freshly reduced LisP. This demonstrates that
observation of LisP in SEI studies is still difficult, even under UHV conditions, and
especially for XRD and other post mortem techniques.”” To verify these challenges
in the analysis of LizP, we synthesized samples of LisP (see supplemental experi-
mental procedures, supplemental information). Our XPS study (Figure 514; Section
F, supplemental information) shows large contributions from Li,P and only minor
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signals from LisP for the bulk-phase LisP reference sample, emphasizing the insta-
bility of LisP. Further, it has been reported that the availability and amount of lithium
present during the SE degradation reaction are understood to affect the fraction of
LisP.*® Hence, the identification of three reduced phosphorous species may be
attributed to regions with different lithium metal accessibilities in our synthesis reac-
tion. Nonetheless, we believe that during the cycling of SSBs, there may also be var-
iations in lithium availability influencing the growth of the SEI.

Similar to the S 2p spectrum (at 161.6 eV}, the P 2p spectrum also shows signals of
residual PS,® " species at 132.6 eV, also overlapping with those of oxygenated phos-
phorous species (P-O). The latter species are also identified in measurements of
bulk-phase LisP (Figure 514; Section F, supplemental information), which are used
as reference to identify the BE of P-O (between 132 and 134 eV). PS,* signals
potentially indicate that LPSCl is not entirely consumed and minor residuals may
remain present in the obtained bulk-SEl material. Quantification results in Figure S11
(Section E, supplemental information), however, show that P-O contributes more
significantly to the shared peak with PS,®", highlighting the relatively low amount
of residual LPSCI. This becomes evident by comparing the quantification of the S
2p spectra, which demonstrates the low contribution of PS.3"inP 2p as the atomic
percentage for PS4® in S 2p should be four times higher compared with P 2p. Since
we could also not identify any remaining LPSCI by XRD measurements, we consider
its residual gquantity to be insignificant. Therefore, we assume that the properties of
the bulk-SEl remain unaffected, and any potential residual amount of precursor is
likely to be small and distributed within the bulk-SEI.

In the Cl 2p spectrum, the signal caused by LPSCI and LiCl exhibit similar BEs and
cannot be distinguished. Therefore, it is not possible to analyze the reduction of
LPSCl in the CI 2p spectrum. However, the evolution of LiCl in the bulk-SEI by
decomposition of LPSCl is clearly observed by XRD analysis. Furthermore, the O
1s spectrum, although not presented here, substantiates the development of lithium
hydroxides and carbonates, Li;O, and oxygenated phosphorous species (P—0). We
emphasize that impurities such as LiO do not compromise the validity of our syn-
thetic approach as Li,O can form due to trace amounts of oxygen and moaisture dur-
ing storage, synthesis, or measurement.”” The O 1s, C 1s, and Cl 2p spectra are pre-
sentedin Figure $12 (Section E, supplemental information). XP spectra (for reference
purposes) of pristine LPSCI are provided in Figure S15 (Section F, supplemental
information).

Observing the evolution of Li;S, LizP (and lithium polyphosphides), and LiCl by XPS
and XRD, the successful synthesis of bulk-SEl is demonstrated. Combined XRD, XPS,
and quantitative analysis provide assurance that the insignificant amounts of residual
precursor material should not interfere with the accurate description and modeling
of multiphase SEI properties in the synthesized bulk-SEl material. We note that,
alongside the heat treatment, mechanochemical reactions taking place in SSBs (un-
der stack pressure) may potentially lead to changes in the SEl composition. Since our
results show the presence of several phases, the local distribution of elements is
analyzed using EDX mapping.

The expanded SEM image of a single large bulk-SEl particle, along with EDX map-
ping for sulfur, phosphorous, and chlorine, is shown in Figure 4. It reveals a predom-
inant sulfur signal, which may indicate the distribution of Li,S. Considering the
non-uniformity in the predominant sulfur signal and by reviewing the combined
mapping, domains with distinct phases are found. This becomes obvious in regions
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Figure 4. SEM image and corresponding EDX element mappings of one bulk-SEI particle

SEM image (top) and EDX element mappings (bottom) were recorded at 8 kV for the elements
sulfur, phosphorous, and chloride. Areas with elevated concentrations of sulfur, phosphorous, and
chlorine are found, represented by the corresponding K, lines, which likely indicate the
distribution of Li,S, LisP, and LiCl, respectively.

where the sulfur signal is weak, and elevated concentrations of phosphorus and chlo-
rine are detected. The latter signals may indicate the presence and distribution of
LizP (or other phosphorous species) and LiCl, respectively. Below, we will discuss
the potential domain structure and the effect of non-uniform distribution of individ-
ual phases in multiphase SEls.

Upon reviewing the elemental quantification for these three elements, we note mass
ratios of 66 wt % for sulfur, 15 wt % for phosphorous, and 19 wt % for chlorine. The
deviations, especially in the chlorine signal, can be attributed to the LiCl impurity
phase in the starting LPSCI| material, as identified by XRD refinement (refer to Fig-
ure S5). Reference measurements of pristine LPSCI| determined a mass ratio of
68 wt % for sulfur, 14 wt % for phosphorous, and 18 wt % for chlorine (Figure S16;
Section G, supplemental information). Hence, the obtained quantification of the
bulk-SEI shows only minor shifts in the elemental ratio after synthesis. While the
mass ratio of sulfur decreased, the elemental concentrations of phosphorus and
chlorine increased slightly as well. However, this variation falls within the accuracy
of EDX measurements. At this point, we want to emphasize that these EDX results
solely reveal the elemental fractions, regardless of their binding state and chemical
environment.

Assuming for simplicity that sulfur, phosphorous, and chlorine are mainly bound in
SEl species, the mass ratios match well with the theoretical values of 71 wt % Li,S,
16 wt % LisP, and 13 wt % LiCl for the SEI. For the sake of completeness, the
elemental distribution of oxygen (in total, 5 wt %) is shown in Figure S17
(Section G, supplemental information). Signals of oxygen are evenly distributed
across the particle surface at comparable low concentration. We assume that
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Figure 5. Determination of partial conductivities by dc polarization using selectively blocking cell
configurations

(A and B) The electron-blocking setup and respective I,,.-V correlation (A) and the ion-blocking
Wagner-Hebb setup and respective l...-V correlation (B) are used to evaluate g.,, and g,
respectively. This is done by linearly fitting the data (red dashed lines) and using Equation 2. Each
steady-state current Iy is obtained by analyzing the initial I-V curves (inlays) at different applied
voltages for 12 h (at each vcltage).

(surface) contaminations, e.g., lithium hydroxide as identified by XPS, are the reason
for the observed oxygen signals due to reactions with trace amounts of oxygen and
moisture. However, this is not necessarily indicating or evidencing the presence {or
position) of residual lithium metal precursors since naturally formed SEI can also
consist of species containing oxygen.

Conduction properties

The conduction characteristics ultimately determine the nature and growth of SEls.
Therefore, a comprehensive investigation and quantification of both the partial ionic
(vion) and electronic conductivity (oq) of SEls play pivotal roles in assessing SEI
growth and its long-term impact on battery performance.

We expect the SEl to be a mixed ion-electron conductor with low partial conductiv-
ities. Hence, conductivity measurements on pure bulk-SEI powder were performed
to investigate its partial ionic and electronic transport properties. Moreover, the
observed conductivity may also indicate the presence of residual precursor material,
as remains of lithium metal and LPSCI should increase oo and ai0,, respectively.
Since impedance measurements were found to be ineffective in deconvoluting the
partial conductivities, we used dc polarization. Specifically, dc Wagner-Hebb mea-
surements with one selectively blocking electrode are reported to effectively sepa-
rate (low) ionic and electronic conductivities at fixed redox potentials (i.e., controlled

lithium-ion activities).****

Unfortunately, for assessing oion, the corresponding Wagner-Hebb configuration
(with one electron-blocking and one reversible electrode) was unsuitable due to
the lack of stable conditions. Thus, two electron-blocking electrodes were utilized
(depicted in Figure 5A). gisy is calculated by taking the slope from linear regression
for the steady-state current I of successive dc measurements under electron-
blocking conditions (see Figure 5A) according to Equation 2:

dfres‘ |
dv A
with V being the applied voltage, | the pellet thickness, A the cell area, and i indi-
cating the respective charge carrier—for either ionic (ion) or electronic (el)
conduction.

ap =

(Equation 2)
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Figure 6. The partial ionic and electronic conductivities o; (i = ion and el, respectively) at 25°C of
LisPSsX (X = Cl, Br, and I; excluding substituted phases) and their typical SEl constituents

a; of the bulk-SEl and the initially used sulfide SE (Li,PSsCl) in this work are depicted in dark blue.
For some materials, a range of values is reported by different authors. The values of LisPSsX (X = Cl,
Br, and 1), 2% Li,S,”" " LisP,% “" LiCI,%°% LiBr,**“" and Lil**“" were taken from the reported data.
An asterisk, an apostrophe, a spade, and a cross indicate the values for thin film materials, data
estimated by extrapolation from higher temperatures, data including substituted phases, and data
recorded at 20°C, respectively.

We determined the room temperature (25°C) partial ionic conductivity to be gy, =
134 nS cm ! for the bulk-SEl of LPSCI. To put this value within a wider context, we
further compare reported conductivity values for various single-phase SEl constitu-
ents of lithium argyrodites LisPSsX (X = Cl, Br, I) (Figure 6, left). It is noteworthy that
neither the individual values for these SEl constituents (i.e., Li5S, LizP, and LiCl) nor
the value of the LPSCI used align with a;,, estimated in this study (represented in
dark blue, gion, = 134 nS/cm). This proves a substantial underestimation of the
SEl's partial ionic conductivity compared with several previous studies {related to
various sulfide SEs) by at least one order of magnitude when simply assuming the
ionic conductivity of bulk-type, microcrystalline Li»S.*® As will be shown below,
this underestimation results in inaccurate approximations of the SEl layer thickness
(and potentially other properties). Nevertheless, this discrepancy is particularly rele-
vant given that Li,S constitutes the dominant volume fraction within the SEI, ac-
counting for 71 vol %. Consequently, other SEl constituents (i.e., LisP) must enable
a higher overall ionic conductivity, or the Li;S formed in the (bulk-)SEI has a higher
conductivity than bulk-Li;S, e.g., due to amorphous phase fractions, nanocrystalline
regions, or interface contributions. A more thorough examination of this observa-
tion, however, falls outside the scope of this study and requires further investigation.
Please note once more that the heat treatment during synthesis may lead to devia-
tions from the actual SEI at the Li|LPSCl interface, potentially affecting both the for-
mation of phases and the overall conductivity. It is cur working hypothesis that we
come close to the true SEl with cur approach, as confirmed below by the quantitative
SEl growth considerations.

a. was determined by dc Wagner-Hebb measurements with one ion-blocking and
one reversible electrode (depicted in Figure 5B) and calculated (using Equation 2)
to be oo = 0.3 nS em™" at room temperature for the bulk-SEl of LPSCI. In Figure 6
(right), this value is compared with reported conductivity values for some single-
phase SEI constituents of lithium argyrodites Li,PSsX (X = Cl, Br, I). While it agrees
well with the value of the LPSC| used, it may not indicate an increased dendrite risk
with respect to its comparable ¢ Further, it clearly deviates from the reported elec-
tronic conductivity of bulk-Li,S (~0.1 pS cm ") by a factor of three orders of magni-
tude.®! This latter value is commonly used for the approximation of the conduction
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properties of SEls. The origin of this value for LiS remains unspecified by the authors.
Comparing the value for (crystalline) LisP, it appears again that each SEI constituent
may contribute to the overall o of the bulk-SEIl. Please note that the values for o,
and o of crystalline LisP serve as a preliminary approximation, although they may
differ from those in the amorphous state or in other Li,P compounds. Unfortunately,
to the best of ourknowledge, reliable values for g, especially for LiCl but alse for LiBr
and Lil, have notbeen reported in literature. Thus, we like to emphasize that the lack
of reliable information on a, of corresponding binary lithium compounds hinders
further analysis and calls for additional experimental studies.

These measurements and results represent the first experimental data being re-
ported for the g5, and g, of SEl-type materials. The values obtained in this study
can serve as valuable parameters for assessing further SE| properties by simulation
and modeling.

SEI growth kinetics and implications for SSBs

Consequently, we intend to assess the partial conductivities of ionic and electronic
charge carriers in the SEI with regard to their implication on SSB performance and
lifetime. When comparing the ionic conductivity of lithium argyrodites LigPSsX
(X = Cl, Br, I) (shown left in Figure 6), it becomes evident that the SEI conductivity
exhibits a significantly lower conductivity than the lithium argyrodites. Notably,
the difference becomes especially pronounced (several orders of magnitude)
when compared with lithium argyrodites with high ionic conductivity (as utilized in
this study, represented in dark blue).

In order to compute various properties and assess potential implications, we consider
published data for SEl resistances extracted from impedance measurements. Riegger
et al.”’ documented area-specific ionic resistances of up to 80 © cm® for multiphase
SEl layers of degraded LPSCI (in contact to passivated lithium foil). Using this value, as
well as ¢, from our study, and assuming self-limited growth, we estimate a SEI layer
thickness of up to d ~ 110 nm. This thickness estimation is plausible, considering that
the partial ionic conductivity within nanoscale multiphase layers may locally increase.
Consequently, this would mark a further increase in SEl layer thickness.

Wenzel et al.*®

estimated a SEIl layer thickness of only a few nm by the analysis of
impedance measurements. However, the authors based their assumptions on the
SEl's partial ionic conductivity on the properties of bulk-Li,S, which substantially un-
derestimates the SEI's partial ionic conductivity, as discussed above. Thus, the esti-
mates of SEIl layer thickness by Wenzel et al. are too low by at least one order of

magnitude.

However, for a comprehensive analysis of SEI growth, it is essential to take kinetic
considerations into account. The diffusion-controlled growth of the SEI can be
approximated and described by a Wagner-type diffusion model if the growing layer
is approximated as a dense and fully covering interphase. Adapting this model leads
to Equation 3, with a square-root of time behavior for the consumption of SE
material:”

F2:psg*x  da+Tion

[ 2
= m!\/’SEI'ﬂ'e\'ﬂLEi'\/E = kvt
SEI
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with d, F, psei, X, Msgl, Gion, 0ol 400, t, and k being the SEl layer thickness, the Faraday
constant, the mean density of the SEl, the stoichiometric factor (moles of the lithium
metal required for the stoichiometric decomposition reaction—in our case 8), the
mean molar mass of the SEI, the mean ionic and electronic conductivity of the SEI,
the chemical potential of pure lithium metal (u°; = 8.35 kJ mol™"), the reaction
time, and the parabolic rate constant, respectively. This equation was derived by
approximating the gradient of the chemical potential by uf,/d, as described else-
where.?® Additionally, it is important to highlight that Equation 3 is applicable under
conditions of one-dimensional transport, purely chemical potential gradient-driven
flux, and boundaries with constant chemical po'tentials./U

Further, Equation 3 can be transferred to Equation 4 by substituting d with sg = d/
Rser and assuming osg = gion 3> 0., with asg| being the mean SEl conductivity and
Rse) being the area-specific ionic resistance of the SEI:

1 2 Msg - 0e - 7
Rsa - \/ SEI " Tel Glon'ﬂEi'ﬁ

gser \| F2psg'X  Ge+Tion

(Equation 4)
1

ez
Tion VFZ'pSE\"X

Hence, a new parabolic rate constant K’ is derived, describing the temporal evolution
of resistance due to SEI growth. Consequently, the SEI growth can be anticipated to
extrapolate the SEl layer thickness and the corresponding SEI resistance over
extended periods (i.e., up to the typical battery lifetime of 10 years). Taking Equations
3 and 4 as well as the findings from our study on @i, and g of the bulk-SEl, the para-

MSEI‘Ue\',u-Ei'\fz k"\ﬁ

bolic rate constants were calculated to be k=0.43nm s ®®and K = 320 mQ cm?s ©?°
for LPSCI. After 1 day, the SEl layer thickness is approximated to be d = 126 nm with a
resistance of Reg = 95 © ecm?. These values increase from 334 nm and 250 Q cm? to
7.6 um and 5.7 k@ cm? over a period of 1 week and 10 years, respectively. This agrees
well with recent findings on SEI layer thickness by Aktekin et al.?* and Otto et al.?” of
~315 and ~305 nm for 1 week (from electrochemical titration and ToF-SIMS studies),
respectively. Therefore, the values obtained for ., and g, in this study validate pre-
vious findings on the SEI dimensions.

The very good agreement between our current results and the SEI growth kinetics
determined using a completely different electrochemical approach (i.e., coulometric
titration time analysis, CTTA, in anode-free cells) demonstrates the viability of our
bulk-SEl synthesis approach. Figure 518 (Section H, supplemental information) com-
pares the temporal evolution of SEI growth predicted from bulk-SEl properties using
the Wagner-type diffusion model (dsg, vs. t or %) with the SEI growth quantitatively
observed in CTTA exp(:)r\'men‘ts.78 In this comparison, Equation 3 and the parabolic
rate constant (k = 0.43 nm s~%°) abtained in our study were used. Conversely, CTTA
results can also be used to calculate kand g from the slope of the linear fitin dsg, vs.
1% and Equation 3, yielding values of 0.46 nm s % and 0.34 nS cm ', respectively.
These numbers closely match the values determined for the bulk-SEl in this study
(k=0.43nms %% and go = 0.3nS ecm ). This agreement with the naturally formed
SElin a real cell, along with the characterization results of the synthesized bulk-SEl,
provides strong evidence for: (1) a minimal to negligible impact of the elevated re-
action temperature used; (2) unaltered bulk-SE| properties by potentially present
precursor material traces (in respect to various properties)—or that the cell-level
SEl also contains the same unreacted or unknown minor phases; (3) an effective
simulation of multiphase SE| properties via bulk-SEl synthesis; and (4) an accurate
modeling of transport parameters derived from those properties to predict SEI
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Figure 7. Modeling of the SEI (ionic) resistance as a function of time and the parabolic rate
constant k' as a function of o;,, and o

(A) The SEl (ionic) resistance is calculated as a function of time for different combinations of g, and
g, including the results of this work. The corresponding k' values are denoted on each profile. As a
demonstration, we varied both partial conductivities by 2 orders of magnitude. A potential
threshold for an optimized SEl resistance at 10 @ cm? is marked (in gray), requiring k' to be less than
0.44 mQ cm? 57 for a lifetime of 10 years (indicated in green).

(B)The contour map of the parabolic rate constant k' is calculated for values up to 5 mQ cm? s~
The threshold value of 0.44 mQ cm? s ®7 indicates a SE! (ionic) resistance of ~10 Q@ cm? and lower

over a period of 10 years,

growth and kinetics in SSB cells. Additionally, the combination of both approaches
validates the application of the Wagner-type diffusion model for the detailed anal-
ysis and description of SEl growth.

Hence, the good agreement between two entirely different approaches is a signifi-
cant validation for the effectiveness of our synthetic SEl approach. Our experimental
results on the partial conductivities enable kinetic considerations and calculations in
estimating SEl growth using Wagner-type diffusion models. Consequently, we antic-
ipate that our data will establish crucial parameters and encourage further en-
deavors in future simulations and modulations of SEI growth. In particular, we
want to emphasize that our findings can serve as the basis for designing SEs that
combine both high ionic conductivity and stable yet minimized SEI formation. This
is discussed in the next section.

Randau et al.' emphasized that the cell impedance of operational SS5Bs should not
exceed a value of 40 @ cm? but rather should be even lower to meet the typical re-
sistances of LIBs. As a potential threshold for SEl resistance, we consider 10 Q cm?to
be a reasonable value to ensure the sufficient kinetic performance of SSBs. There-
fore, we calculated the resistance increase of the SEI for up to 10 years {(according
to Equation 4) for different partial conductivities (7;, and o)) and resulting k' values
(see Figure 7A).

Starting from the partial conductivities obtained in this study, it is demonstrated
that reducing o, and increasing ., leads to a decrease in the parabolic rate con-
stant and, consequently, a decrease in resistance (and thickness) over time.
Combining both reduces k' further (as seen in the green line). While a value of
32 mQ cm? s ©° for K is insufficient to significantly reduce the SEI resistance, a

-0.5

reduction to less than 5 mQ cm? s seems suitable for several weeks to months.

However, to meet the long-term criteria of 10 © cm? over 10 years, further reduction
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of ¥ to ~0.44 mQ cm? s7%% is crucial—or finding a mechanism to stop the diffusion-
controlled SEI formation at all. To complete the picture: with an upper limit of 0.44
mQ cm? s %5 for K, this corresponds to a growth rate of k < 0.25 pm 5 %% and a SEI
layer thickness of d < 4.4 nm after 10 years.

Hence, our experimental findings and computations underscore the need for SEI
optimization to decrease its impedance and growth rate to stabilize the Li|SE inter-
face (i.e., by reducing the mean g, or improving the mean ., of SEls). However,
suitable values for K can be achieved through various combinations of a;,, and
gel- Therefore, we plotted the relationship between k' and o, as well as o, consid-
ering values up to 5 mQ cm?s~%% in Figure 7B. The findings from Figure 7A served as
a threshold value (K < 0.44 mQ cm? s™%°, white profile).

In line with Equation 4, k" exhibits a reciprocal relationship with 7;5,, whereas it fol-

-1..05
ion “el

is a more effective strategy for optimizing the Li|SE interface. However, considering
feasibility, we assume that improving a,., of the SEl up to 107* S em ™" is unlikely,
given the typical values for gio, in common SEs (~1072 S em™"). As a result, it be-
comes crucial to optimize both i, and . of the SEI to facilitate the long-term
viability of SSBs for practical applications. We like to highlight the critical role of
LizP for the SEI growth and resistance, as it appears to be a true mixed conductor.
Its volume fraction is below the typical limit for 3D percolation, but it will increase
the mean ionic conductivity of the SEI and thus reduce Rsg. Unfortunately, it will

lows a square-root relationship with ae: Rsg) ~ @ . Therefore, enhancing ai,,

also increase the mean electronic conductivity of the SEl and thus increase the
growth rate of the SEI. It is worth noting that NasP is the critical SEI component in
the analog case of SEl formation in sodium thiophosphates like NasPS,. As demon-
strated by Wenzel et al.,”' Na3PS, degrades rapidly by reaction with sodium metal,
as the volume fraction of NazP in the SEl is even higher than in the case of LizPSsCl,
and as NazP has a higher electronic conductivity than LisP.

The question whether SEl layers in SSBs exhibit self-limiting growth remains contro-
versial, given that the growth rate (i.e., k) of the SEl is determined by g (with respect
to Equation 3: Reggy ~ 0215). The value of ¢, determined in this study cannot be dis-
regarded and raises doubts about the self-limited growth mode during SEl evolu-
tion. In a recent theoretical study on Li,PO,N,, Li et al.”* emphasized the critical
importance of low electronic conductivity in preventing SEl formation, achieving
interface stabilization.”® This would consequently lead to a thin SEl layer and minimal
interphase resistance. Please note that Li,PO,N, shows the lowest reported values
for ag in literature for a SE (107'4-107'2 5 em™").”*”’® Qur findings strongly suggest
that og of the multiphase SEl investigated in our study will be too high to effectively
impede ongoing SEl growth in lithium thiophosphate-based SSBs, as long as no
reasonable countermeasure is being taken. However, it is important to note that
the electronic insulating properties of multiphase SEls are not thoroughly explored
or comprehensively understood yet, making additional assessments speculative. We
also need to stress that our knowledge on the role of the SEl in thiophosphate elec-
trolytes is limited. Cells in academic labs will usually not be studied longer than a few
weeks. The resistance growth due to SEl formation may not be critical within the
period of time, and thus, is probably underrated.

Upon assessing the potential consequences for SSBs by the multiphase SEl's con-
duction properties evaluated here, further aspects require consideration. The sepa-
ration of individual phases within the multiphase bulk-SEl observed in EDX measure-
ments may suggest the presence of advantageous conduction pathways on the
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nanoscale, potentially leading to percolation phenomena along interfaces. Indepen-
dent on the actual microstructure (i.e., domains or layers), advantageous conduction
pathways within SEI layers may have detrimental effects on the long-term perfor-
mance of SSBs. On the one hand, beneficial ionic pathways (i.e., by LisP) may sup-
port the conduction of lithium ions, effectively bypassing regions with lower ionic
conductivity (i.e., LizS and LiCl). Resulting in inhomogeneous Li|SEI|SE interface con-
ditions, this would hinder a homogeneously distributed lithium-ion flux during bat-
tery cycling due to increased constriction phenomena,’® and disturb the formation
of uniform metal stripping and plating morphologies. On the other hand, the exis-
tence of favorable electronic pathways by individual phases will strongly influence
the SEl growth, leading to inhomogenecus and ongoing SEl formation, eventually
causing cell failure. Hence, our EDX studies underscore the essential need for
comprehensive investigations into the microstructure of composite (multiphase)
SEl layers in future research.

We like to emphasize the importance of implementing effective measures—during
the design of SEs—to stabilize and suppress interphase evolution for the above con-
sequences. The inherent characteristics of multiphase SEI layers require optimiza-
tion, especially with regard to i, and g, to effectively minimize implications for
SSBs. The ionic impedance and layer thickness of SEls currently prevent the devel-
opment of long-term operational S5Bs with lithium metal, once unmedified sulfide
SEs are used. Hence, controlling the interface and interphase properties can ulti-
mately lead to the realization of SSBs through the integration of LMAs, positioning
SSBs as viable competitors to LIBs. One possible approach involves examining and
enhancing fully reduced SEs that are thermodynamically stable at low operating po-
tentials, aiming to eliminate degradation.””-"® If (inorganic) modifications of sulfide
SEs are found to be inadequate, introducing artificial interlayers (e.g., polymer-
based cnes) with moderate to high ionic conductivity and electronic insulating char-
acteristics could potentially facilitate the stabilization of the Li|SE interface. We
would like to note that Guo et al.*”
of various engineering approaches at the Li|SE interface.

provide a more in-depth discussion of challenges

Conclusions

In this study, we present a novel and well transferable approach to simulate the
degradation of various sulfide SEs, aiming to gain a deeper understanding of the
properties of multiphase SEls. Through a bulk-type solid-state reaction between
the SE and micron-sized lithium particles, we obtain a compaosite of binary lithium
phases that we suggest as a reasonable model for the SEl in SSB cells with LMAs.
The formation of a bulk-SEI comprising Li,S, LisP, and LiCl from the model electro-
lyte Li,PSsCl and lithium metal powder has been proven. Subsequent conductivity
measurements resulted in both partial ionic and electronic conductivity directly
from the bulk-SEl material. The results reveal a significant underestimation in prior
reports, particularly in case of the ionic conductivity by at least one order of magni-
tude. On the one hand, the electronic conductivity of the SEI controls its temporal
evolution and its thickness as function of time. On the other hand, the icnic conduc-
tivity governs the resistance of the SEI, influencing both the performance and life-
time of SSBs. We hope that our experimental data (i.e., gion and a.) will establish
crucial benchmark parameters for upcoming simulations and further experimental
evaluations. Our findings and computational results underscore the need to opti-
mize the Li|SE interface and both partial conductivities, while motivating for further
exploration and innovation to achieve lithium thiophosphate-based SSBs with high
energy and power density.
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EXPERIMENTAL PROCEDURES

Resource availability

Lead contact

Further information and requests for resources and reagents should be directed to
and will be fulfilled by the lead contact, Jirgen Janek (juergen.janek@pc.jlug.de).

Materials availability
This study did not generate new, unique reagents.

Data and code availability
All data associated with the study are included as supplemental data with this article.

Synthesis and cell assembly were carried out in an argen-filled glovebox (LabMaster-
PRO, MBraun, Garching, Germany), with p(O2)/p and p(H.O)/p < 1 ppm. Electro-
chemical measurements were carried out in sealed cell casings at 25°C using a
VMP 300 potentiostat (BioLogic, Seyssinet-Pariset, France).

Preparation of materials

The lithium metal powder utilized in this study was synthesized by (droplet) emul-
sion, similar to the method described in elsewhere.”” To this end, tetradecane (anhy-
drous, 99+ %, Sigma-Aldrich, Germany) as inert medium was gradually heated to
270°C in a custom-built stainless-steel reactor using a hotplate. The temperature
was then maintained for 5 min to ensure thermal equilibration. Subsequently, 0.7-
1 g of small lithium chunks, obtained by cutting lithium metal rods (99.8%, abcer, Ger-
many), were added to the reactor. To achieve complete melting of lithium metal, the
reactor was heated for additional 10 min. To create a lithium metal droplet emulsion,
the tetradecane and lithium melt were stirred at 26,000 rpm for 5 min using an X10
stirrer equipped with a 10G tool (ystral, Germany). Once the stirring stopped, the
mixture was slowly cooled down to ambient temperature, causing the lithium drop-
lets to solidify into lithium metal particles. Subsequently, the inert liquid was
removed via filtration, and the lithium metal powder was rinsed three times with hex-
ane (anhydrous, 95%, Sigma-Aldrich, Germany). Lastly, the powder was dried at
room temperature under argon to eliminate any remaining traces of tetradecane
and hexane.

To synthesize bulk material (bulk-SEIl) corresponding to the composition of the SEI,
lithium argyrodite LizPSsCl (LPSCI} as SE (POSCO JK Solid Solution, Yangsan, South
Korea) was mixed with a stochiometric amount of freshly prepared lithium metal
powder based on the chemical reaction (Equation 1). Through grinding by hand in
an agate mortar, a homogeneous mixture was achieved after 10 min, accompanied
by a noticeable darkening of color. The mixture was then subjected to heating at
250°C for several hours under dynamic vacuum in an MB-VOH-600 oven (MBraun,
Garching, Germany). This additional heat treatment is used to complete the reaction
between reactants. The resulting powder exhibited a reddish-brown color and was
once more hand-ground to achieve a finer texture.

The morphology of the synthesized bulk-SEl was investigated by means of SEM us-
ing a field emission GeminiSEM 560 (Carl Zeiss Microscopy, Oberkochen, Germany).
For sample transfer, a transfer module system EM VCT500 (Leica, Wetzlar, Germany)
was used to prevent the exposure of samples to moisture and atmosphere. SEM im-
ages were taken using a secondary electron detector. Complementary EDX was per-
formed using a ULTIM MAX EDX detector with 170 mm? SSD sensor (Oxford Instru-
ments NanoAnalysis, High Wycombe, UK). The electron acceleration voltage during
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spectra acquisition was set to 8 kV, images are acquired with a resolution of 512
pixels (100 us pixel dwell time). Measurements of several different particles were
conducted. The software AZtec 4.3 (Oxford Instruments NanoAnalysis, High Wy-
combe, UK) was used for automatic identification and quantification of the elements
sulfur, phosphorous, chlorine, and oxygen.

Characterization

XRD and XPS were employed for structural and detailed chemical analysis, respec-
tively. The powder XRD pattern was obtained using an Empyrean 2 diffractometer
(Malvern Panalytical Ltd, Malvern, UK) configured in 6-0 geometry and equipped
with a sample spinner. A monochromatic Cu-K, X-ray beam with a wavelength of
154 pm was used. The measurements were conducted at an operating voltage of
40 kV and 40 mA, with a step size of 0.026° and a duration of 200 s per step. To pre-
vent contamination during measurement, a polyimide foil was used to seal the sam-
ple under argon atmosphere. Rietveld refinements were carried out utilizing TOPAS
Academic v6.0 software®™ in combination with coding program jEdit.®!

XPS measurements were conducted with a Versaprobe 4 (ULVAC-PHI, Inc., Chanhas-
sen, USA). A monochromatized Al K, X-ray source was employed (beam diameter of
200 um, X-ray power of 50 W), while the pressure in the XPS chamber was in the
range of 1077 to 10~® Pa and the sample surface was charge neutralized by slow elec-
trons and argon ions during measurements. XPS depth profiling was performed by
Ar* sputtering with a grid size of 2 x 2 mm? with an initial sputtering step of 0.5 kV for
1 min, followed by a step of 1 kV for 1 min, and five sputtering steps of 2 kV for 1 min
each. Using a transfer shuttle, cross contaminations with atmosphere were avoided.
Data analysis was carried out with the CasaXPS software (Casa Software, Devon, UK).

Cell assembly and electrochemical testing

For measurements of the partial ionic conductivity, an electron-blocking symmetric cell
configuration was used. 80 mg of bulk-SEl were compacted by hand in a polyether-
ether-ketone casing using stainless-steel pistons. 80 mg of sulfide SE (LPSCI) were homo-
geneously distributed on each side of the bulk-SEI. By applying a uniaxial pressure of 380
MPa for 3 min at room temperature, the layered materials were densified, resulting in a
pellet thickness of ~520 pm for the bulk-SEl. Finally, indium feil (100 pm thickness,
9 mm diameter, 99.999%, ChemPUR, Germany) and lithium foil (100 pum thickness,
6 mm diameter, 99.9%, China Energy Lithium, China) were placed on both sides of the
stack to serve as lithium reservoir. Lithium diffuses into the indium metal and forms an
In/(InLi), phase field with a stable potential of 0.62 V vs. Lit/Li.%°

For the measurement of the partial electronic conductivity using Wagner-Hebb dc
polariza‘cion,‘l‘g"l4
of bulk-SEI were directly compressed at 380 MPa for 3 min at room temperature.

While one side of the pellet was equipped with a reversible In/(InLi), electrode,

a one-sided ion-blocking cell configuration was utilized. 80 mg

the employed stainless-steel piston served as an ion-blocking electrode on the other
side. The ion-blocking electrode (steel) and the reversible electrode (In/(InLi),)
served as working electrode and counter electrode, respectively.

Consecutively, while applying a pressure of 40 MPa to the cell stack, the different
partial charge carrier conductivities were evaluated through dc polarization at
different applied potentials. The potential range was 20-300 mV and 1.0-1.5 V for
the electron- and ion-blocking cell, respectively. The current response was continu-
ously monitored for 12 h at each potential step to determine the respective conduc-
tivity from the steady-state current I.... After a waiting period of at least 6 h, we
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consider the system to be in a steady state if the current response has remained sta-
ble within 3% over 1 h (or longer).
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3.2. Interphase Formation in Solid-State Batteries: Influence of
Contact Conditions on Impedance-Derived SEI Growth Ki-
netics (2" Publication)

In this submitted publication, the capability of impedance measurements for assessing and
predicting interphase growth was investigated. By employing 3D transport simulations —
based on transport parameters determined in the first publication — it was analyzed how rigid
solid|solid contacts influence the accurate interpretation of cell-level impedance responses.

Based on the Wagner diffusion model, diffusion-controlled interphase growth was simulated
to analyze the influence of different electrode|SE contact conditions. Consequently, the relia-
bility of extracted interphase rate constants from the cell's impedance response was critically
examined. The findings revealed that factors such as current constriction, complex transport
properties in SEs, or partially passivated interfaces alter the cell-level impedance signal and
affect the accurate extraction of rate constants, if the actual contact morphology is unknown.

This work highlights potential pitfalls in data interpretation for time-resolved experiments and
emphasizes the need to carefully consider experimental conditions for a reliable prediction of
diffusion-controlled interphase growth using the Wagner diffusion model in solid-state sys-
tems. Furthermore, these results also underscore the practical value of the experimental ap-
proach established in the first publication.
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C. D. Alt adapted the Wagner diffusion model with the corresponding model analysis, pro-
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sis as well as visualization. L. S. performed the experiments. J. K. Eckhardt implemented the
simulation code, supported the analysis of data and the design of experiments. Both first au-
thors jointly analyzed the corresponding data, while C. D. Alt, S. Kremer, and J. K. Eckhardt
drafted the manuscript, which was revised by all co-authors.
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Abstract

The continuous formation of solid electrolyte interphases (SEI) limits the long-term performance of batteries by increas-
ing cell overvoltages and by consuming redox-active species. The temporal evolution of the SEI resistance in sulfide-
based solid-state batteries with lithium metal anode has been shown to be well described by diffusion-controlled inter-
phase growth. Yet, recent studies reveal that the extracted SEI rate constants are highly sensitive to experimental condi-
tions like stack pressure. In this study, we evaluate the reliability of SEI growth rates derived from cell-level impedance
measurements of solid-state battery systems. Through comprehensive 3D transport simulations, we show that poor contact
conditions, as often encountered in solid-state cells, can lead to erroneous SEI rate constant estimates and deviations from
the expected time dependence, e.g., square-root-of-time. Notably, poor contact conditions may remain undetected in ex-
perimental data, potentially leading to misinterpretation of interphase growth kinetics. Supported by experiments with
symmetrical Li|LisPSsCI|Li cells, our findings highlight the importance of a careful evaluation of experimental conditions,
such as stack pressure and surface quality, to ensure a reliable analysis of fundamental interphase growth kinetics in solid-

state battery systems.

1. Introduction

In the technological race against climate change, solid-
state batteries (SSBs) promise to be a potential advance-
ment of conventional lithium-ion batteries (LIBs).'?
However, the thermodynamic compatibility of SSB com-
ponents remains a major challenge for ensuring their safe
and reliable long-term operation.>* Precisely, inorganic
solid electrolytes (SEs) in contact with a low-potential
lithium metal negative electrode, ie., Ey[Li*/Li] =
—3.04 V vs. SHE and high-potential positive electrode
active material (CAM) are prone to degradation.®” Such
reactions deplete active material, form resistive multi-
phase degradation layers, and continue to pose obstacles
in developing practical SSBs.%?

Depending on the partial ionic and electronic conductiv-
ities (oio,) and (og) of degradation layers, they are cate-
gorized as either mixed conducting interphases (MCls,
where gion = 0a1) or solid electrolyte interphases (SEls,
where oj,, > ). Both, MCls as well as SEIs, usually
possess a much lower gj,, compared to their correspond-
ing SEs.'® Therefore, their continuous growth signifi-
cantly increases battery impedance and reduces cycle
life, with only very few exceptions like in the case of
“LiPON"."""13 Assuming a solid-state reaction limited by
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coupled ion and electron transport, MClIs are expected to
grow continuously eventually causing short circuiting. In
contrast, dense SEIls may exhibit self-limiting growth
once a passivating layer fully covers the reactive inter-
face. However, in practice, no SEI is perfectly homoge-
neous and electronically insulating.'*!” Therefore,
purely diffusion-controlled interphase growth is not ex-
pected to cease entirely, but rather to decelerate over

time 18-20

The time-dependent evolution of the SEI has been stud-
ied extensively for liquid electrolyte-based batteries, with
many authors reporting a square-root-of-time depend-
ence for the resistance growth — consistent with a diffu-
sion-controlled interface reaction.'?® In the field of
solid-state Dbatteries, the literature is comparatively
scarce, but several authors have reported analogous be-
havior: For instance, evidence for diffusion-controlled
interphase growth has been reported for sulfide and hal-
ide SEs in contact with lithium metal and CAM.?-3!
Wenzel et al.'®!” identified this characteristic for the SEI
resistance of lithium argyrodites (LigPSsX, X = Cl, Br, I)
and Li7PsSy; in contact with lithium metal. A similar
trend was observed by Zuo et a/.?® for the interphase for-
mation at the Li;¢GeP2Siz/cathode interface. While these
studies mainly rely on electrochemical impedance
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spectroscopy (EIS), similar results were obtained using
other techniques. For instance, Aktekin ef al.?” confirmed
the square-root-of-time dependence for SEI growth be-
tween LigPSsCl and lithium metal using coulometric ti-
tration time analysis (CTTA).

In a recent work by Riegger ef al.*2, a more complicated

picture of SEI growth kinetics at the Li| LisPSsCl inter-
face is presented. Through impedance measurements on
symmetric Li|LisPSsCl|Li cells, they observed consider-
able variance in SEI rate constants, strongly influenced
by factors such as applied pressure and initial surface
passivation of lithium foils.>* Kovalenko et al.** reported
similar observations for CTTA experiments, demonstrat-
ing a significant influence of the applied stack pressure.
These findings highlight the importance of careful con-
sideration of experimental conditions and show that me-
chanical and morphological interface conditions may
skew apparent growth kinetics.

Motivated by these findings, we critically assess the reli-
ability of SEI growth rates derived from impedance data
of solid-state systems. Using a 3D microstructure-re-
solved impedance-network model (Figure 1), we sys-
tematically evaluate how realistic contact conditions — as
typically faced in solid-state batteries — effect the appar-
ent interphase kinetics inferred from cell-level imped-
ance measurements. In our model, we assume Jocal dif-
fusion-controlled interphase growth with a square-root-
of-time dependence, consistent with the Wagner diffu-
sion model. However, the insights gained are broadly ap-
plicable to other growth kinetics.

We find that poor contact conditions, which often go un-
detected experimentally, alter impedance signals like
changes in the /ocal interphase kinetics itself. For in-
stance, interfacial pores may lead to an apparent increase
in the rate constant of SEI growth, while staying unde-
tected in the impedance data. Native passivation layers —
that are typically found on surfaces of reactive alkali met-
als like lithium metal — may lead to an apparent satura-
tion of interphase growth. We demonstrate this strong de-
pendence on contact conditions through pressure-de-
pendent impedance measurements on Li|LigPSsCI|Li
cells. Together, our results underscore the complexity of
impedance analysis and the necessity of accounting for
realistic contact conditions to obtain reliable parameters
for interphase formation in solid-state batteries.

2. Theoretical Background

This chapter outlines the fundamental principles and as-
sumptions underlying our modeling approach. We as-
sume diffusion-controlled interphase growth and accord-
ingly a local resistance increase with square-root-of-
time. In Section 2.1, we first briefly summarize the

Wagner diffusion model that predicts this characteristic
time-dependence for diffusion-controlled interface reac-
tions at planar interfaces. Rather than presenting a full
theoretical derivation — which can be found in mono-
graphs e.g. by Schmalzried**3® — we aim to convey a
qualitative understanding of the key assumptions in-
volved. This forms the basis for understanding the sim-
plifications made in the network modeling approach
(Section 2.2), that is used to account for realistic contact
conditions typically found in solid-state systems.

2.1. Diffusion-Controlled Interphase Growth in
Solid-State — The Wagner Diffusion Model

The basic model of diffusion-controlled interphase
growth was introduced by Wagner in 1931373 Origi-
nally developed to explain the parabolic rate law ob-
served for the tarnishing of metals at elevated tempera-
tures, the model describes interfacial processes driven by
fundamental solid-state processes at solid|gas inter-
faces.® Reactants diffuse in opposite directions, localiz-
ing redox reactions to a narrow interfacial reaction zone.
Once a thin but continuous product layer forms, further
growth becomes diffusion-limited. As reactants’
transport across the layer continues, material consump-
tion persists, but at a diminishing rate. This leads to the
characteristic time dependence, where growth slows
down as the layer thickness increases.

In the model, the growth of reaction layers at planar
solid|gas interfaces is derived under one-dimensional
flux conditions. A dense, adherent, and homogeneous,
product phase is assumed that fully covers the interface.
The reaction layer is considered sufficiently thick to ne-
glect space and surface charge effects. Growth is driven
solely by chemical potential gradients across the reaction
layer, while the chemical potentials in both adjacent
phases remain constant (i.e., local thermodynamic equi-
librium). Electroneutrality enforces flux coupling among
charged species. Thus, interphase formation is limited by
the transport of the least mobile species within the reac-
tion layer.

Under these assumptions, the growth rate of the reaction
layer can be determined based on its transport properties.
Adapting the model for solid|solid interfaces requires ac-
counting for the free reaction enthalpy of the correspond-
ing decomposition reaction. With the chemical potential
gradient of the active metal (e.g., lithium or sodium)
across the interphase being the reaction’s driving force,
the Wagner diffusion model enables the evaluation of in-
terphase formation over time (eq. 1). The resulting reac-
tion layer thickness (d) as a function of the reaction time
(t) is given by:
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where F, pint, Xpes> Mint» Gion» Fel» Mme. and k represent
the Faraday constant, the mean mass density of the SEI
layer, the stoichiometric factor (i.e., number of moles of
active metal required for the stoichiometric decomposi-
tion reaction), the mean molar mass of the interphase
layer, the ionic and electronic conductivity of the inter-
phase layer, the chemical potential difference of the ac-
tive metal across the interphase, and the resulting rate
constant, respectively.

If the dominant partial conductivity of the interphase is
known, the interphase resistance can be determined from
the linear relationship between d vs. t®5, and vice versa.
For ion-conducting interphases in SSBs, the ionic inter-
phase resistance Rgg; can be expressed using @i, =

d/(A- Rsgp):

Rers = 1 . 2 Mint * Ocl * Oion oy
SELT A Oion A F? Pint' ¥ 0o+ Gion Me (eq 2)
vt
=k -\t

Here, A represents the contact arca between both phases
and the rate constant k' determines the interphase re-
sistance growth. Revisiting (eq. 1) and (eq. 2) reveals that
k and k' are connected by A and giyp:

k=K-A" Gy (eq.3)

If one partial conductivity dominates, k and k' can be
simplified by considering only the lower, rate-limiting
partial conductivity in the square-root-term. In the case
of an SEl in SSBs, where gi4,, > 0, electronic transport
primarily governs SEI’s thickness increase. The ionic
conductivity, in contrast, determines the SE1’s resistance
increase at a given thickness d.

Notably, this study is focused on the Li|LicPSsCl inter-
face as a model system. In Section S1 of the Supporting
Information, we derive the reaction’s driving force (i.e.,
Apy;) for interphase formation using thermodynamic
data. If all transport properties are known, (eq. 1) and (eq.
2) can be applied to predict interphase growth (i.e., d)
and the associated resistance contribution (i.e., Rgg;) to
evaluate its impact on overall cell resistance and long-
term performance of SSBs.?’*® This approach, including
the derivation of the reaction’s driving force, is readily
adaptable to other model systems and cell chemistries be-
yond lithium metal and LisPSsCl.
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2.2, Accounting for Poor Contact Conditions —
3D Transport Simulations

In the Wagner diffusion model, a morphologically stable,
planar (2D) interface is assumed. This results in homoge-
neous (i.e., dense and coherent) interphase growth and
quasi-1D charge transport across the interface. While this
assumption is reasonable for reactions at solid|gas or
solid[liquid interfaces, it is less applicable to solid-state
systems with rigid solidjsolid contacts. Actual interfaces
in SSBs — or simplified symmetric model cells — often
deviate substantially from these idealized conditions, as
summarized in Figure 1: The ideal case of a flat, contin-
uous contact (1) is never encountered in practice. Instead,
pores (2), partially penetrated native passivation layers
(3), and interface roughness (4) complicate the contact
geometries. Additional factors such as lithium dendrite or
whisker formation (5), the complex microstructure of
SEs (6), and the morphology, grain structure, and heter-
ogeneous surface chemistry of cathode active materials
(7) add to the interfacial complexity.

As aresult, interfacial transport properties extracted from
macroscopic cell-level impedance measurements cannot
be directly assigned to the underlying microscopic pro-
cesses. Instead, they represent effective properties of the
interface influenced by the complex interface geometry.
This becomes particularly relevant given that the actual
interface morphology — including contact area, local
composition, and mechanical integrity — is typically un-
known and may evolve dynamically during a measure-
ment.

To systematically investigate how the complexity of
solid|solid interfaces influences the impedance and po-
tentially hinders the extraction of meaningful and repro-
ducible interphase rate constants, we use a set of ideal-
ized, yet representative, 3D microstructural models.
These include: (1) an intimate planar contact, serving as
the ideal reference case, (2) a contact with macroscopic
interfacial pores, and (3) punctured passivation layers
(revisit Figure 1). Each computational model comprises
a square cross-sectional area (L, = L, = 100 um) and
consists of a 100 pm thick SE layer in contact with a
20 pm thick lithium metal electrode. The electrode area
(Aelectrode) corresponds to the full sample surface, as-
suming ideal mechanical stability and contact. For sim-
plicity, the SE is treated as dense and free of microstruc-
tural features. The interfacial morphology is varied and
systematically explored throughout this study, with de-
tails specified in each section.

For the transport simulations, we use an electric network
model where each model system with its specific interfa-
cial morphology is discretized and represented as a 3D
voxel-based microstructure. lon-transport between
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Figure 1. Computational Model Systems for Investigating the Impact of Contact Conditions on Impedance-Derived SEL

Growth Kinetics. The influence of different interfacial contact and microstructural conditions is investigated using 3D microstructure-

resolved transport simulations. Simplified geometrical model systems are translated into electrical impedance networks. The local SEI

resistance at the interface is modeled to evolve with a square-root-of-time dependence (RSE[J|0C~tO'5). The reliability of derived inter-

phase rate constants extracted from cell-level impedance data is evaluated.

voxels is modeled by local equivalent circuit elements,
each defined by the phase or interface it belongs to (see
Figure 1). In the modeling approach, we do not explicitly
simulate chemical degradation. Instead, interphase ef-
fects are treated implicitly by introducing time-dependent
interphase resistors and capacitors (Rsgjjoc, Csgrloc) at
the electrode|SE interface into the electric network, as de-
scribed by (eq. 2). The change in local parameters mim-
ics the increase in interphase thickness over time, while
the local transport properties (Osgg, €sgr) remain constant.
The interphase itself is modeled as a homogeneous layer.

While these simple models cannot fully capture the com-
plexity of real solid-state systems, we believe that they
can still offer valuable insight into how local interfacial
imperfections on the micro- to mesoscale will manifest
in the impedance evolution of the overall system, i.e. on
the cell level—and consequently affect the interpretation
of extracted rate parameters. We see this approach not as
a fully predictive tool, but as a way to build intuition and
provide guidance for interpreting impedance measure-
ments and extracted rate constants under non-ideal inter-
facial conditions.

A more detailed model description is provided in the
Computational Details section. Further information
about the electrical network model and impedance spec-
trum calculations is available in our previous publica-
tion.™!

3. Results and Discussion

In this chapter, we investigate how contact conditions im-
pact the capability of tracking local, microscopic inter-
phase growth from macroscopic cell-level impedance
measurements. In our simulations, we assume (1D) dif-
fusion-controlled interphase growth at each contact point
at the electrode|SE interface, according to (eq. 2). The re-
sulting time-series of the cell-level impedance is used to
extract the underlying microscopic interphase rate con-
stants (k"). Throughout this analysis, we denote the (ap-
parent) rate constants obtained from macroscopic imped-
ance data as (k). Any discrepancy between actual mi-
croscopic tates (k') and the extracted apparent values
(kéxp) arises solely from the influence of the interfacial

morphology in the computational model system.

In Section 3.1., we begin by examining an ideal planar
interface with intimate contact to establish a baseline for
analyzing interphase growth kinetics based on impedance
data. Section 3.2. extends this analysis to more complex
interfacial configurations, including the presence of
pores and (native) surface passivation layers. In Section
3.3., we translate the insights gained from simulations to
the experimental context, highlighting challenges in reli-
ably interpreting impedance evolution in terms of micro-
scopic interphase formation. This discussion is supported
by the analysis of experimental impedance data from
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Figure 2. Analysis of Homogeneous Interphase Growth at a Planar Interface. (a) It is assumed that the electrode and the SE are

homogeneous, and that the increase in interphase thickness and local interphase resistance (Rggjoc) at the interface follow a square-

root-of-time dependence. (b) The bulk impedance (yellow) remains constant over time, while the interphase impedance {gray) increases
at different rates depending on the assumed microscopic growth rate &’ in the simulations. (¢) The microscopic rate k' determines the

increase in macroscopic resistance (Ryoy — Rpy1i) over time, or the linear slope when plotted against the square-root-of-time. The re-
sistance difference is anticipated to be indicative for interphase growth. (d) Transport through the system is time-independent. It is
quasi-1D as indicated by the uniform potential drop along the transport direction and the constant in-plane potential (see inset) below

the interface (dashed line).

symmetric Li|LisPSsCI|Li cells obtained under different
pressure conditions,

3.1. Impedance-Derived Rate Constants for Ho-
mogeneous and Planar Interfaces

To outline the analysis methodology, we begin with an
idealized scenario consistent with the Wagner diffusion
model: a planar, quasi-2D interface without any interfa-
cial defects, as illustrated schematically in Figure 2a. In
the simulation series, we consider three different micro-
scopic interphase rate constants k', ranging from 1k',,

to 3k’ with k' =3.2-10"1Qcm? s™%% adopted
from Alt er al.** We model the impedance at different
times, starting from t, — when interphase growth is initi-
ated by establishing contact between materials, but no in-
terphase has been formed yet — and progressing to t5, the
final stage of the simulation.

In experimental practice, impedance data is normalized
to the geometric electrode area (Aejectrode), assuming a
planar interface of perfect, intimate contact between elec-
trode and sample. Obtaining reliable measurements of the
actual contact area A in experiments is challenging and,

60

in most cases, not feasible. Therefore, we adapt this ex-
perimental practice and normalize all simulated imped-
ance values to Agjectrode- despite the potential mismatch
with the actual contact area A4 in the computational model
systems.

Figure 2b shows the time-dependent impedance evolu-
tion in Nyquist representation. At the starting point ¢,
the impedance spectrum displays only a bulk semicircle
(yellow), indicating the absence of an interphase. To bet-
ter visualize subsequent impedance changes, the bulk re-
sistance (Ry,x) 1s subtracted from the real part of the im-
pedance (Z"), effectively shifting the spectra along the
Z'-axis. With increasing time, a second semicircle
emerges and increases in size. It reflects the interphase
growth, which is governed by k" as simulation input pa-
rameter. Higher values of k' result in a more rapid in-
crease in interphase thickness and corresponding inter-
phase resistance, as illustrated by the comparison be-
tween the 1k’,; and the 2k',; simulation series. Notably,
the bulk semicircle remains constant over time, confirm-
ing that the observed impedance changes originate solely
from the evolving interphase,
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To obtain mechanistic insights into interphase evolution,
either the total resistance (Rig:) or the SEI resistance
(Rgg;) is typically plotted as a function of time.!®2 Iso-
lating Rggy requires a detailed understanding of the un-
derlying impedance features, which is challenging for
complex experimental data.’>? For symmetric cells with
planar electrodes, it is reasonable to assume that all im-
pedance contributions other than the bulk impedance
originate from the electrode|SE interface. Consequently,
changes in the resistance difference (R, — Ry, ) are an-
ticipated to be indicative for SEI growth (i.e., labeled
“SEI” in Figure 2b). In the case of the Li|LisPSsCl inter-
face, this assumption is further justified due to the negli-
gible charge transfer resistance (i.e., high exchange cur-
rent density).*>*

Figure 2¢ shows the macroscopic resistance difference
(Riot — Ry as a function of time (vs. ¢ and £%%) for dif-
ferent k'. Notably, directly calculating the SEI resistance
Rsg (%), according to (eq. 2) (open circles) using A =
Aglectrode> Shows perfect agreement with the resistance
difference (R, — Rp,k) derived from the impedance
analysis approach (black solid line, k' = k',.o¢). However,
this only holds true for this idealized interface, but not
necessarily for more complex interface morphologies,
which will be discussed in Section 3.2.

The slope of the different resistance curves changes with
the simulated microscopic interphase rate constants k:
Higher values lead to a steeper resistance increase. To
extract k., from a measurement, the data is typically lin-
earized by plotting the respective resistance — here,
(Rit — Rouie) — over £%5, as done in the right graph of
Figure 2¢. The slope obtained from linear interpolation
of the resistance curves corresponds to the apparent rate
constant kg, (see (eq. 3) for calculating key,). For this
idealized interface, k¢, values match perfectly with the

respective simulation input values k.

Homogeneous SEI (resistance) growth is also reflected in
the DC potential distribution. Figure 2d shows the evo-
lution of the DC potential within the system for different
k' at various time points (t;). A cross-section along the
transport direction reveals a negligibly small potential
drop in the metal electrode (upper dark blue region), at-
tributed to its high a,;. Across the SE, the potential drop
remains uniform gradually transitioning to the defined
potential difference in the simulations. The forming in-
terphase layer causes an increasing fraction of the poten-
tial drop to be localized at the electrode|SE interface,
which is reflected in the shifting equipotential lines
within the SE. The higher the interphase resistance, the
more pronounced this potential drop becomes, as seen at
t, for different k'.

Transport across the system is quasi-1D, as indicated by
the uniform in-plane potential distribution perpendicular
to the transport direction just below the electrode (dashed
line, see insets in Figure 2d). However, this idealized be-
havior and the resulting agreement between apparent and
microscopic rate constants (kg,, and k', respectively)
cannot be expected for interface conditions typically
found in solid-state systems.

3.2. Impedance-Derived Rate Constants for In-
terfaces with Poor Contact Conditions

3.2.1. The Influence of Pores, Contact Area, and Cur-
rent Constriction

One of the main challenges in solid-state is achieving in-
timate contact between two solid materials, such as the
electrode and the SE. In most practical cases, residual
pores at the interface lead to contact areas A smaller than
the electrode area Agjeerroge- 1his introduces a more com-
plex transport behavior.*+#¢

To explore the impact of interfacial pores (or more gen-
erally, insulating interfacial phases), we consider a model
system featuring a single cubic contact spot (Figure 3).
This contact spot is surrounded by an insulating phase
along the edges of the simulation domain. In the simula-
tion series, we systematically vary the relative contact
area (4,) from 100% (perfect contact) down to 10%
(minimal contact) of Agjecirode- All transport properties
remain constant across different simulations, with k' =
1k',.;. Notably, interphase growth is restricted to the re-
gions where the electrode is in direct contact with the SE.
As in experimental studies, where detailed information
about the actual contact area A is limited, the impedances
and extracted resistances are normalized t0 Agjectrode-

Figure 3b shows that when adding interfacial pores, an
additional impedance contribution appears in the spec-
trum, besides the bulk and “SEI” signal. It originates
from current constriction (“cstr”) at the electrode|SE in-
terface.”” " The constriction signal does not always ap-
pear as a distinct contribution in the impedance spectrum,
Instead, it may also overlap with the bulk or SEI signal,
depending on the characteristic frequency of the pro-
cesses.” In the case of current constriction due to pores,
the characteristic frequency is a function of the pore
depth and SE conductivity.** Only shallow, wide pores
are presumed to have capacities large enough to make the
constriction signal separable from the bulk signal.

The comparison of the different simulation series shows
that the constriction resistance (R.g) and the SEI re-
sistance (Rgg) extracted from cell-level impedance
measurements are sensitive to A, variations. R g in-
creases in size as A, decreases, while the increase of Rgg;
over time is enhanced with decreasing A,. This is also
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Figure 3. Influence of Interfacial Pores on the SEI Growth Analysis. The microscopic interphase rate constant k’ was kept constant
in the simulations. (a) The relative contact area A, between the homogeneous metal electrode and the SE is systematically varied by
changing the size of a cubic contact spot surrounded by a pore phase. (b) The resulting geometric constriction effect can appear as a
distinct signal in the impedance spectrum. The magnitude of the two interface resistances (Restr, Rst1) depends on A,.. (¢) The apparent
growth rate keyp, (i.e., slope of the resistance curves) differs from the microscopic rate k' due to incorrect normalization of the resistance

with respect to Agjectrode rather than A, (see black curve as a reference). (d) Current paths through the system are multidimensional, as

indicated by the inhomogencous potential drop along the transport direction and within a layer near the interface (dashed line).

evident when considering the t-dependence of (R, —
Rpui), as shown in Figure 3¢. Compared to the ideal ref-
erence curve for A, = 100% (discussed in Section 3.1.),
two key differences emerge: (i) the individual resistance
curves exhibit an offset along the Z"'-axis, and (i7) key, is
significantly larger for smaller A, although the underly-
ing k' remains unchanged across simulations.

The vertical offset of the resistance curves along y-axis is
due to R g It resembles the reduction in effective SE
conduction volume close to the interface. This is evident
in the DC potential distribution, both at ¢,, before any
SEI formation, and at t3, when an SEI layer has formed
(Figure 3d). Along the transport direction, the equipo-
tential lines near the interface exhibit distinct curvature,
while the in-plane potential distribution below the inter-
face (dashed line) becomes inhomogeneous. Interfacial
pores induce complex transport behavior, giving rise to
curved 3D current pathways and a corresponding in-
creased potential drop close to the interface.

o i ,
However, the main discrepancy between apparent ke,
and microscopic k' arises from a systematic error in data
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normalization. As discussed in detail in Section 3.1., ex-
perimental impedance data are commonly normalized to

Aelectrode> implicitly assuming an intimate contact with
the SE (i.e., A = Agjectrode)- However, this is rarely guar-
anteed for solid|solid interfaces (i.e., A < Agjectrode)- AC-
cording to (eq. 2), Rgg; is inversely proportional to 4 ra-
ther than Agjecroge- The incorrect normalization of the
area-specific resistance (R, — Rpyy) leads to the differ-
ent slopes of the resistance curves shown in Figure 3c.

As aresult, k¢y, reflects an apparent value rather than the
intrinsic k'. Its strong dependence on 4 makes it difficult
to distinguish whether changes in the slope of resistance
curves arise from variations in 4 or from genuine changes
in the underlying interphase growth kinetics. For in-
stance, if A, is only 10% of Agjectrodes Kexp Will overesti-
mate k' by an order of magnitude, as evident from (eq.
2). As we discuss in more detail in the following sections,
this is a major challenge since the actual contact area A
in solid-state systems is rarely known, difficult to quan-
tify, and may even evolve during operation.
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3.2.2. Uncertainty in the Contact Area — The Influence of
the Contact Distribution

The uncertainty in 4 is a fundamental challenge in solid-
state systems and intensively discussed in contact physics
literature.>*>2 While external pressure can influence 4 to
some extent, its exact value often remains unknown and
is often only a small fraction of Agectrode.”> ONE ap-
proach to estimate A is to correlate it with R g, . As
shown in the previous section, R ¢ may appear as an ad-
ditional contribution in the impedance data, i.e., as an ad-
ditional offset in a plot of (R — Rpui) ¥8. t. Theoretical
models from electrical contact literature provide esti-
mates for A based on R, for simple model geome-
tries.> However, R, is highly dependent on the spatial
contact distribution, which in practice makes resistance
measurement unsuitable to determine A4.173453

This has direct implications for the interpretation of im-

pedance data and the extraction of kg,

Even if the initial
impedance spectra of two symmetric cells seem similar,
the underlying interfacial area may differ substantially.
Although these differences in A are not directly observa-
ble, they result in significantly different values of kgyp,.
For instance, A, might vary between 20% and 100% of
Agectrode Without noticeable evidence in the electric data,

other than an apparent increase of ke 47

These findings are general and not limited to alkali metal
electrodes or symmetric cells. When studying interphase
formation at the cathode|SE interfaces in SSBs, the CAM
undergoes significant volume changes depending on the
state of charge (SOC).”” As a result, both the local pres-
sure and the contact area A between CAM particles and
the SE change dynamically with the SOC. This compli-
cates the comparison of interphase rate constants ob-
tained for different particle sizes or at different SOC —
even under idealized, potentiostatic conditions. This un-
certainty may motivate additional pressure-dependent
measurements and (post mortem) investigations in inter-
phase studies, such as cross-section or tomographic anal-
ysis to obtain estimates for A.

For the interested reader, we show and discuss the influ-
ence of the contact distribution on our specific model
case in Section S2 of the Supporting Information. Here,
the contact distribution influences the cell impedance
(i.e., Regey), but does not affect the extracted kg,

3.2.3. The Influence of (Native) Surface Passivation

Ensuring detailed knowledge about the contact area A be-
tween the electrode and sample is one prerequisite for re-
liable analysis of interphase growth kinetics. However,
even if A is known, the presence of (ionically) insulating
passivation layers can produce a similar effect. Unfortu-
nately, reactive alkali metals like lithium or sodium

rapidly form native passivation layers upon exposure to
trace atmospheric gases such as nitrogen, oxygen, water
vapor, and carbon dioxide.”® Even gas residues in the
parts-per-million (ppm) range, commonly present in
glovebox atmospheres, are sufficient to form passivation
layers tens of nanometers thick.® Depending on their
thickness and mechanical properties, these passivation
layers may be partially penetrated by surface asperities of
the SE during cell assembly. The extent of this penetra-
tion is affected by factors, such as surface roughness and
applied stack pressure, and significantly influence charge

transfer at the electrode interface.3-?

To systematically investigate to which extent thin, par-
tially covering passivation layers may influence the ex-
traction of meaningful and reproducible interphase
growth kinetics, we adapt the model system from Sec-
tion 3.2.1. with A, = 50% (see Figure 4a). This time the
single contact spot is surrounded by a passivation phase
with a non-zero 0j,,. Throughout the simulation series,
we systematically vary the ionic resistance of the pas-
sivation layer (R,,) between Ryor/100 to 400R ¢, where
Rrer = 9 Q-cm?. We assume that the ionically conduct-
ing passivation layer has a negligible 0, compared to the
interphase. Thus, SEI is formed only at the contact spot,
but not at the passivation|SE interface.

The resulting impedance spectra for a highly conductive
intetlayer (R, = Ryer/100 ) and a highly resistive inter-
layer (R, = 400R¢), are shown in Figure 4b. Both im-
pedance series reveal a bulk signal alongside an interfa-
cial contribution, which varies significantly depending
on R, and t. For the simulation with R, = R;¢/100, the
assigned bulk signal does not solely include bulk contri-
butions at ty, but is slightly larger (see inset: Z' is larger
than 0, after subtraction of Ry;1.). This is due to transport
across the interlayer, which does not always appear as a
separate signal in the impedance spectrum. In the case of
R, = 400R .y, the initial interface signal is significantly
larger, and the size matches that of R g, for A, = 50%,
discussed for the pore case in Section 3.2.1.. This shows
that initially only a negligible amount of current flows
through the passivation layer which effectively acts like

a pore. %60

With increasing ¢, an additional semicircle appears in the
Nyquist diagram. The assignment of this contribution
solely to the interphase, like done before, is not possible
anymore, since it also includes impedance contributions
from the passivation layer. For R, = R,../100, the in-
terface signal in the impedance spectra remains minimal
over time. As shown in the enlarged inset, the signal ex-
hibits only a slight initial increase before stabilizing. Im-
pedance growth at ¢; has more or less completely satu-
rated. A different trend is observed for R, = 400R,¢. In
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lution of the macroscopic interface resistance differs from the square-root-of-time dependent growth that was assumed as the input for
the simulation. (d) The discrepancy between the microscopic and macroscopic levels is due to a temporal change in current paths at the
interface (sce black arrows). Switching between transport pathways (across the SEI or passivation layer) results in a resistance plateau
over time. The time to reach the plateau depends on the electrical properties of the interlayer and the surface coverage (see Figure S2).

this case, the impedance increase does not saturate in the
simulated timeframe (i.e., 24 h).

Figure 4¢ shows the resistance growth over time for dif-
ferent R,. Except for the case with Ry, = Rp¢¢/100,
(Rt — Rypui) initially follow a square-root-of-time de-
pendence that gradually levels off into a plateau. This is
particularly evident in the linearized representation (vs.
t05), where the initial linear increase transitions into sat-
uration. Notably, the transition time t.,,s depends on the
magnitude of R, and the interface coverage of the pas-
sivation layer: The higher Ry, the later the transition oc-
curs. In the simulated timeframe, the resistance in the
highly conductive case (R, = Rpe¢/100) immediately
enters the plateau region, while no transition is observed
in the highly resistive case (R, = 400R ().

Similar results are observed considering the extend of in-
terface coverage: With increasing interface coverage by

64

passivation, ti.,ns increases to reach saturation. A more
detailed discussion on this, including simulation results,
is given in Section S3.1. of the Supporting Information.

The discrepancy between resistance trends results from
the competitive transport pathways at the interface and a
resulting switch between preferred transport pathways
over time, i.e., transport across the interlayer or across the
forming SEI at the electrode|SE contact. This is reflected
in the DC potential and current distribution, as shown in

Figure 4d. In the highly conductive case (R, = %‘;—f) at

to, the potential and current are distributed almost uni-
formly across the interface, closely resembling the ideal
scenario of a planar interface without passivation (see
Figure 2d). With the increase in SEI thickness, a shift in
transport pathways occurs. At some point, all current
flows through the passivation layer rather than the SEI
layer (see black current lines in Figure 2d). Therefore,
the extracted resistance difference (R, —
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Ry) reaches a platean. The corresponding resistance re-
flects R, (normalized by the passivation layer arca) plus

the corresponding R .-

In the highly resistive case (R, = 400Rf), no major
changes in the current pathways are observed in the sim-
ulated timeframe. All the current flows through the form-
ing SET layer (see black current lines in Figure 2d). As a
result, the appearance of diffusion-controlled resistance
growth 1s sustained at the cell level, but with a two times
larger apparent rate constant K., (due to A. = 50%).
The preferred transport pathway at any given ¢ depends
on the resistance ratio between Rgg (¢) and R, as well as
the induced Riy,. For large values of R, or small areal
coverage with passivation, the resistance plateau shifts to
larger t (i.e., outside the simulation timeframe).

The dependence of resistance evolution on passivation
layer properties highlights the critical role of measure-
ment duration. In experiments, it is unfeasible to capture
the “complete” resistance curve over an infinite
timespan. Instead, only discrete snapshots can be rec-
orded, constrained by experimental timescales and delays
between cell assembly and the onset of measurements.
As a result, the measured data may either directly display
a fully developed plateau—reflecting the effective pas-
sivation layer properties—or fail to capture the transition
region within the available timeframe. In the latter case,
a larger apparent rate constant k,,, will be obtained
Reported literature values for passivation layer thick-
nesses and their transport properties on alkali-metals
show large uncertainty and are likely not easily compa-
rable between different research groups, gloveboxes or
even samples. Assuming a negligible g, the estimated
tirans for passivated lithium foils can vary widely from a
few minutes up to several years, depending on the spe-
cific passivation layer properties (see detailed discussion
in Section S3.2. of the Supporting Information).

3.2.4. Other Factors Influencing the Apparent Inter-
phase Growth Kinetics

In practice, a variety of additional factors may influence
the macroscopic impedance signal and, consequently, the
apparent interphase growth kinetics. Beyond interfacial
pores and (native) surface passivation, these include: (i)
surface roughness due to imperfect lithium morphology
or whisker formation under DC load;**":%2 (i) the micro-
structure of the solid electrolyte, particularly grain
boundaries and internal porosity;*** (iii) complex elec-
trode architectures, such as those in composite cath-
odes;* and (iv) the microstructure of metal electrodes
and interphases (i.e., composing various product phases
and cavities).%%° These factors will introduce additional
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uncertainty, which we do not explore here. Nonetheless,
they represent important directions for future work.

3.3. Consequences for the Analysis of Experi-
mental Impedance Data — SEI Formation at the
Li|LisPSsCl interface

To complement the theoretical insights from our simula-
tion study, we now turn to experimental impedance data,
which is inherently more complex. In this section we aim
to demonstrate how poor contact manifests in real exper-
imental data and, if not adequately accounted for, mis-
leads the interpretation of apparent interphase kinetics.

To this end, symmetric Li|LigPSsCl|Li cells were assem-
bled and characterized via EIS under different pressure
conditions. Fresh lithium discs were cut from a rod to re-
duce the amount of native surface passivation to a practi-
cal minimum. A spring-loaded setup (schematically
shown in Figure 5a) was used to apply constant uniaxial
pressures (p) ranging from 1 to 20 MPa during cell as-
sembly and EIS characterization. In addition, a reference
cell was fabricated by isostatic pressing at 75 MPa, fol-
lowed by impedance characterization at ambient pressure
(1 atm). A comparison allows us to decouple the effects
of initial contact formation from the impact of ongoing
mechanical load during measurement. In all cases, im-
pedance spectra were recorded continuously over a pe-
riod of ~12 days in a climate chamber at 25 °C. For the
uniaxially pressed cells, measurements were taken ap-
proximately one minute after applying stack pressure,
while for the isostatically pressed cell, the initial spec-
trum was recorded ~30 minutes after the isostatic press-
ing procedure. All impedance spectra were normalized to
Aeglectrode and multiplied with a factor of 0.5 to account
for the two interfaces in each cell.

Figure 5 summarizes the experimental results. The initial
impedance spectra (Figure 5a) show a clear pressure de-
pendence: The total impedance decreases with increasing
stack pressure. The offset along the Z’-axis represents the
effective bulk resistance Ry, of the solid electrolyte
pellet, including grain boundary effects. Given the high
Oion Of LigPSsCl (~2 mS-cm™), the corresponding con-
ductivity relaxation is outside the measured frequency
range.

Interestingly, the Z'-axis offset decreases with increasing
p, which is unlikely to stem from further densification as
all pellets were pre-compacted at 375 MPa. Instead, we
attribute this behavior to an increase of the interfacial
contact area A at higher p, reducing current constriction
and hence the associated Rg,. As previously discussed,
the impedance signature of current constriction depends
on factors such as pore depth and 0;,,,. In systems with a
broad distribution of pore depths, no distinct constriction
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Figure 5. Influence of (Stack-) Pressure on the Impedance Evolution of Symmetric Li|LPSCI|Li Cells and Apparent Interphase
Growth Kinetics. (a) Schematic illustration of the uniaxial stack pressure setup used for EIS measurements. Comparison of the initial
impedance spectra (i.e., at t) at different applied stack pressures or isostatic (formation) pressure. (b) Temporal impedance evolution
for the measurement at 1 MPa (left) and for the isostatically pressed sample (75 MPa*, right). The black datapoint in each spectrum of
a measurement series (either 40 kHz or 1.4 Hz) corresponds to the same frequency. The impedance value at the lowest frequency is
used as a proxy for the total resistance Ry, of the respective cell. (¢) The change of Ry, over time is strongly pressure dependent. The
length of the bars along the y-axis indicates ARy, of the respective cell in the timeframe between the start of the measurement (¢4) and
its end (t;). (d) The change in total resistance Ryor — Rioto over t and £ shows distinct differences in curvature with p. (¢) Pressure-
dependent rate constants extracted from cell-level impedance measurements. The length of the bars along the y-axis indicates the
variation in k¢y, depending on the time range considered for linear interpolation (see Figure S3).

semicircles are expected; instead, the effect is smeared
over a wide frequency range, possibly including frequen-
cies beyond the measurement range.*’

The assignment of the remaining impedance features is
even more challenging. They may arise from interface
layers and corresponding phenomena including SEI, na-
tive passivation, or dynamic current constriction. As dis-
cussed in Section 3.2.3., for the presence of several (par-
allel connected) phases at the interface, impedance sig-
nals cannot be easily assigned to individual phases. In-
stead, the measured impedance represents an effective in-
terfacial response: Specific impedance features may orig-
inate from localized conductivity relaxations of distinct
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phases or more complex transitions, that lead to com-
pletely different current pathways.*’

The comparison of the impedance evolution for the cell
at 1 MPa (left, Figure 5b) and the isostatically pressed
sample (right, Figure Sb) clearly underscores the critical
influence of (stack) pressure in affecting the impedance
response. In the isostatic case, where the interfacial con-
tact area A is expected to approach the electrode area
(A = Agjectrode)» the broad impedance contributions iden-
tified before seem to play only a minor role: The imped-
ance data show only a low-frequency Warburg-short-like
signal. Similar behavior is frequently observed for other
SEs, such as Li;LaiZrOrn or NasaZrSizaPecOr in
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contact with their parent metal electrode.” "> However,
its origin remains unclear.

To analyze the impact of SEI formation, we adopt the ap-
proach used in the simulation studies and monitor R,
over t. Since we cannot clearly distinguish between bulk
and constriction related impedance contributions, we re-
frain from subtracting Ry, As a proxy for Ry, we ex-
tract Z' from the lowest frequency point of each spectrum
(0.3 Hz), as indicated in Figure 5b for various time
points (g, 3 to 12 days). While this approach simplifies
the analysis, it relies on the assumption that the SEI is the
only component in the cells that changes with ¢t. Due to
the “mixed” origin of the distinct impedance signals, we
identify this analysis approach as the most suitable.

Figure 5c shows the extracted Ry, over t (left panel) and
p (right panel). By applying (stack) pressure, we obtain a
similar trend in the Ry, vs. t like in the simulation stud-
ies, where we changed A,.: The offset along the Ry,-axis
decreases with increasing p consistent with a A, increase
due to plastic deformation of lithium. The length of the
vertical lines (AR ;) in the plot of Ry vs. p, indicates the
SEI related change of R, between the start of the meas-
urement (t,) and the end (¢;). The black, dashed line
(drawn for a guide to the eye) highlights the non-linear

pressure dependence of Ry, which is typical of contact
resistance.” In our simulation study, we observed a sim-
ilar dependence for the apparent SEI resistance (Ryo —
Rpuik) by linearly changing A,.

To analyze the resistance evolution in more detail, we
consider the resistance change (Ryoy — Ryor ) as a func-
tion of time (vs. t or t%%). Figure 5d shows the evolution
of (Reot — Riotp) over 12 days. The comparison of the re-
sistance curves shows distinct differences: () the trend
deviates from a square-root-of-time relationship; (i7) the
cells investigated under low p (e.g., 1 MPa, yellow) ex-
hibit a significantly steeper resistance increase than the
cells at high-pressure (e.g., 75 MPa isostatic, dark pur-
ple), and (i), all cells investigated under stack pressure
show distinct regions of saturation or even a decrease in

(Rtot - Rtot.o)'

The cause of these features, that are particularly pro-
nounced under low stack and formation pressure, is un-
clear. One hypothesis is mechanical or morphological
failure of the SEI (e.g., collapse of fragile contact points)
potentially linked to slight temperature fluctuations of the
climate chamber. This is supported by the observation,
that each drop in (Reot — Ryoto) is followed by a renewed,
but more gradual increase. This is potentially due to the
formation of fresh lithium contacts. Here, lithium creep
may play an important role. 433
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To quantify our observations, we perform linear regres-
sion within regions in the Ry vs. t%°-plot which seem
to show a linear trend (see Figure S3). The extracted kg,
shown in Figure Se resemble the trends already observed
for Rygy vs. p, L.e., kg, decreases in a non-linear way
with increasing p. This trend is consistent with our simu-
lation results (see Figure 3). Increasing the (stack) pres-
sure will lead to a larger 4, which, in turn, reduces the
resistance increase according to (eq. 2). Error bars reflect
the variation due to different linear regression windows.
A broad range for kg, is observed at low p, while the
spread decreases at high p, which is consistent with a
change in contact area A during a measurement.

[t is important to stress that the choice of fitting windows
and the analysis itself is arbitrary and not grounded on a
rigorous mechanistic model. Rather, this approach is
used to qualitatively illustrate general trends and to high-
light the impact of pressure conditions on the apparent
interphase evolution and corresponding rate parameters.
The analysis shows that macroscopic impedance trends
may be mainly determined by geometric or contact-re-
lated effects, rather than intrinsic interphase kinetics, if
contact conditions are not properly considered.

Conclusions

Our findings demonstrate that reliable analysis of inter-
phase formation, based on impedance data, critically de-
pends on detailed knowledge of interfacial morphology.
Macroscopic impedance trends may be mainly deter-
mined by geometric or contact-related effects rather than
mtrinsic interphase kinetics. Competing transport path-
ways (e.g., through both SEI and a native passivation
layer on reactive alkali metal electrodes) can lead to an
apparent saturation in cell resistance that does not reflect
a saturation of the /ocal interphase growth. Another ma-
jor source of uncertainty arises from the often-implicit
assumption of intimate interfacial contact, typically in-
troduced by normalizing resistances to the geometric
electrode area. Poor contact conditions manifest in dif-
ferent ways in the impedance data (e.g., by distinct sig-
nals, or an overall scaling) and may often remain com-
pletely undetected.

The choice of measurement conditions must be guided by
the intended purpose of the investigation. If the goal is to
study the fundamental kinetics of interphase growth, con-
ditions should be selected to ensure intimate and stable
interface contact to minimize morphological artifacts. In
contrast, if the objective is to understand how the effec-
tive SEI resistance under application-relevant pressure
conditions impacts the overall cell resistance, then lower
or varying pressures may be appropriate. Anyhow, in this
case, extracted resistance growth behavior should not be
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assigned to fundamental properties and kinetics of inter-
phase formation.

To ensure meaningful interpretation and cross-study
comparability, detailed reporting of sample preparation
(including pressure conditions) and measurement proto-
cols are essential. Moreover, applying additional tech-
niques like CTTA may help to cross-check impedance-
derived parameters. Ultimately, advancing the mechanis-
tic understanding of solid|solid interphase evolution will
require integrating impedance analysis with complemen-
tary techniques capable of resolving both chemical and
morphological interphase evolution in operando.

Computational Details

Generation of Three-Dimensional Microstructures

The microstructural model systems with all their geomet-
rical parameters used in the computations are presented
at the beginning of each simulation series in the Results
and Discussion section. The icons in Figure 2-4 show
the considered experimental system in comparison to the
corresponding computational model system. All micro-
structures were built using Numpy.™

Transport Description and Choice of Materials Pa-
rameters

All transport computations are based on a microstructure-
resolved 3D network model that describes
transport. The modeling approach is illustrated in Figure
1 for an ideal interface contact. To this end, the model
system is discretized, and transport is described between
the individual voxels. The local transport properties de-
pend on the phase assignment of each voxel. Bulk and
grain boundary transport in different materials (i.e., SE,
interlayer, electrode) are represented by RC-elements,
while pores are modeled as capacitors. Transport across
an interphase is considered as an additional RC-element
between two voxels of different materials. The local
transport parameters of these processes are considered
constant (i.e., time-independent) within a simulation se-
ries. Low-frequency diffusion processes are not consid-
ered in the simulations, and the electronic conductivity of
the solid electrolyte and the interphase is assumed to be
negligible.

ionic

For the time-dependence of the local SEI parameters
(RsEgLloc: CsELloc)> We assume a diffusion-controlled inter-
phase growth following (eq. 2). This implies that the in-
terphase growth mode at each interface element remains
quasi-1D and is not affected by its constituent phases.
Since the interphase is significantly thinner than the
voxel resolution of our simulation, it is not explicitly re-
solved as a structural domain. This means that charge
transport through the interphase is only considered in the
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direction perpendicular to the electrode interface, with no
lateral transport within the interphase plane. This is sim-
ilar to the assumption of the Wagner diffusion model pre-
sented in Section 2.2., and an acceptable simplification
given the thin nature of the interphase and the signifi-
cantly lower ionic conductivity compared to the bulk
solid electrolyte.

The local circuit parameters (R; 1o, Ci1oc) in the electric
network are determined using the standard formulas for
resistors and plate capacitors. The material-specific
transport parameters for the metal and SE are based on
literature data.”"* Unless stated otherwise, the following
parameters are used: (¢) The permittivity of the pores is
set to vacuum permittivity, i.e., €pore = &o- (i) The pa-
rameters for LigPSsCl are set to oz = 2.0 mS em™!, and
&sg = 20-g,. The partial conductivity of the forming SEI
at the Li|LisPSsCl interface is set to o, = 134 nS-
cm™! and g, = 0.3 nS - cm™?, based on recent literature

values.®

Experimental Details

Preparation of materials and cell assembly were carried
out in an argon-filled glovebox (LabMasterPRO,
MBraun, Garching, Germany), with p(O2)/p and
p(H20)/p <1 ppm.

Preparation of Materials

Commercial LigPSsCl powder (POSCO Chemical Co,
Korea) with a particle size of 5 um was used as separator.
Lithium metal electrodes were prepared by cutting lith-
ium metal (99.8% purity, MaTecK Material-Technologie
& Kristalle GmbH, Jilich, Germany) from a rod. The
passivation layer was mechanically removed, and the
lithium was subsequently pressed manually between two
pouch foils to achieve a thickness of ~100 pm. Circular
electrodes (d = 9 mm) were punched out from these foils.
A steel foil (AISI 304 steel, d = 10 mm) with a thickness
of 20 pm was used as a current collector.

Cell Assembly

Cells were assembled using press-cell casings with a 10
mm polyetheretherketone (PEEK) mantle and tested un-
der stack pressures ranging from 1 to 20 MPa. To prepare
the SE separator, 90 mg of LisPSsCl powder were uniax-
ially pressed between stainless-steel stamps at 380 MPa
for three minutes. Afterwards, a hand-pressed lithium
metal foil and a stainless-steel foil were placed on each
side of the compacted pellet. The cell was then mounted
in a pressure frame equipped with a metal spring and
force sensor. Stack pressures of 1, 5, 10, and 20 MPa
were applied.



3. Results and Discussion

Reference pouch cells were prepared using a similar
setup. First, LisPSsCl pellets (90 mg) were pre-com-
pacted at 400 MPa to enhance density. Then, assembled
cells consisting of lithium metal and stainless-steel foils
on both sides were isostatically pressed at 75 MPa to en-
sure intimate interfacial contact. Finally, the assembled
cell was sealed in a pouch with nickel current collectors.

Electrochemical Measurements

Electrochemical characterization was performed in a cli-
mate chamber (25 °C, Binder GmbH, Germany) using
VMP3 or VMP300 potentiostats (BiolLogic, France).
Press cells were measured while applying the respective
pressure. Electrochemical measurements of pouch cells
were performed at atmospheric pressure. All cells were
measured within one hour after assembly.

Potentiostatic electrochemical impedance spectroscopy
(PEIS) was performed in a frequency range between
3 MHz and 100 mHz with a voltage amplitude of 10 mV.
After each PEIS measurement, the open cell voltage
(OCV) was measured for 2 minutes. The procedure was
then repeated for several days until the experiment was
completed. For impedance analysis, only data in the fre-
quency range between 3 MHz and 100 mHz was consid-
ered, due to artifacts in the higher and lower-frequency
range.
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3.3. The Electronic Partial Electronic Conductivity of Lithium
Halides and their Role in SEI Formation in Solid-State Bat-
teries — Hebb-Wagner-type Measurements (3" Publication)

In this publication, the importance of controlling and minimizing the partial electronic con-
ductivity to mitigate self-discharge and degradation processes in SSBs is evaluated. The es-
tablished dc Hebb-Wagner method is used to examine o, of lithium halides LiX (X = ClI, Br,
and 1), being SEI constituents of LisPSsX, from a defect-chemical perspective.

Asymmetric Li|LiX|Au configurations were examined at temperatures ranging from 45 to
57.5 °C. EIS was used to assess partial ionic conductivity, while dc Hebb-Wagner experi-
ments provided insights into partial electronic conductivity (o,;). By evaluating LiX across a
range of lithium activities, their o.; was determined for the first time, highlighting that o, of
SEs varies and cannot be assumed constant for a given temperature. Through the formal der-
ivation of equations (i.e., eg. 28 in Chapter 2.3.iii.) and defect-chemical considerations, the
analysis of dc Hebb-Wagner experiments successfully decoupled electronic charge carriers.
Additionally, experimental guidelines were outlined for accurately determining o, in SEs that
are susceptible to reduction at low potentials.

This publication provides a comprehensive study that integrates fundamental derivations with
precise testing protocols from a defect-chemical perspective. It underscores the critical im-
portance of evaluating the electronic properties of lithium-ion conductors and their influence
on the performance and stability of SEs and SEIs. By addressing the existing knowledge gap
regarding the partial electronic transport properties of lithium halides, the study significantly
advances the understanding of interphase kinetics in relation to their individual constituents.

The experiments presented in this publication were designed and executed by the first author
under the supervision of M. T. EIm and J. Janek. M. Stein performed photoluminescence ex-
periments. The first author performed all other experiments and corresponding data analysis
with the support of J. Kessler-Kihn. M. Stein and J. K. Eckhardt supported the analysis of
photoluminescence spectra and EIS data, respectively, and assisted with scientific discussion.
The manuscript was written by the first author and edited by all co-authors.

Reprinted with permission from Christoph D. Alt, Jill Kessler-Kihn, Janis K. Eckhardt,
Markus Stein, Sangam Chatterjee, Matthias T. EIm, and Jurgen Janek. The partial electronic
conductivity of lithium halides and their role in SEI formation in solid-state batteries — Hebb-
Wagner-type measurements, Solid State lonics.,, 429, 2025, 116991. DOI:
10.1016/j.s5i.2025.116991. Copyright © 2025 The Authors. Published by Elsevier Inc.
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In the context of solid-state batteries (SSBs), minimizing the partial electronic conductivity (s.) of solid elee-
trolytes is essential to minimize self-discharge and degradation processes, ensuring the viability of SSBs. Thus, a
precise determination of ¢ is of high interest as it varies significantly across the operational range of practical
SSBs. Here, ion-blocking Hebb-Wagner polarization measurements are a well-established technique for assessing
the partial conductivity of minority charge carriers in solid ion conductors (i.e., o5). However, measuring ¢4 of
lithium-ion conducting solid electrolytes often yields inaccurate results due to electrochemical reduction re-
actions at low (reference) potentials. This study provides a comprehensive framework encompassing funda-
mental derivations, accurate testing protocols, and comprehensive data analysis for determining o of lithium-
ion conducting solid electrolytes. The partial ionic and electronic conductivities of lithium halides (LiX, with X =
Cl, Br, or I) — components of typical interphases in SSBs — were systematically evaluated over a range of the
lithium activity. Pristine Hebb-Wagner cells (ie., reservoir-free SSBs) exhibit “self-polarization”, which we
discuss as part of the formal treatment, and cause the material to be probed in the extrinsic region. Our
experimental findings offer systematic insight into the electronic properties of lithium halides, extrapolated to
room temperature, revealing conductivities in the order of 107 § em™ or lower within the tested activity range.
These findings deepen the understanding of the role of LiX in solid electrolyte interphase formation affecting the
performance and stability of SSBs.

1. Introduection cases [8,9].

Recently, Shao et al. [9] highlighted that electronic minority defects

Contrary to popular belief, lithium-ion solid electrolytes (SEs) —
similar to oxide-ion conductors — must be regarded as mixed ionic-
electronic conductors (MIECs), as their properties are governed by
their defect chemistry (i.e., activity-dependent concentrations of point
defects) [1]. Oxide-ion conductors have been progressively enhanced
through defect chemical modification to boost the partial ionic con-
ductivity (6ion), control the electronic conductivity (og), and ensure
compatibility with cathode materials [2,2]. However, lithium-ion con-
ducting SEs have primarily been optimized to compete with liquid
electrolytes and to enable advanced solid-state batteries (SSBs), focusing
on improving ojon through structural lattice disorder [4-7]. In contrast,
o of lithium-ion SEs, however, has been largely ignored, except in a few

(which are responsible for 6,) in SEs for SSBs can be decisive at the cell
level, while quantifying o, remains challenging for many relevant
electrolytes. Even small electronic conductivities can significantly
contribute to self-discharge effects, initiate lithium metal nucleation
within the SE microstructure, and accelerate parasitic (i.e., undesired
and adverse) side reactions, such as SE degradation and solid-electrolyte
interphase (SEI) formation [10-18]. Thus, the remarkable calendar life
(exceeding ten years) of lithium phosphorus oxynitride (LiPON) batte-
ries is probably due to their very low 6 (1071% to 107'% § em ™), which
effectively suppresses electronic leakage and interphase formation
[19-21]. Only a few lithium-ion SEs, such as garnet-type materials and
LiPON, have been reliably characterized for their electronic properties
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[22-28].

We like to emphasize — which is often overlooked within SSB
research — that o, of a lithium-ion SE is not constant at a given tem-
perature [29-31]. Rather, o is directly linked to the actual thermody-
namic state of the SE. Specifically, o is controlled by the concentration
of electronic defects (i.e., electrons and electron holes), which depends
on the local lithium activity (ie., the lithium chemical potential).
Furthermore, the lithium activity is inherently linked to the cell voltage
(Uce), which is, in turn, determined by the ratio of lithium activity of
both electrodes:

e = g (cathode) — p (amode) | = g,

_ 7E_lnmi(cathode, positive electrode) a

F ai;(anode, negative electrode)

where R, T, F, j;, and ay; are the ideal gas constant, temperature,
Faraday constant, the chemical potential of lithium, and the lithium
activity of cathode or anode, respectively. This points out that the
applied or measured Ucgy is intrinsically related to Apy; by a factor of —
1/F.

Conclusively, the mean o, of a SE employed as a separator changes
with the state-of-charge of the SSB cell (Eq. 1). For example, for a Li|
LiNigMn,Coy ,,O2 cell (with a;;(anode, negative electrode) = 1), the
activity of lithium within the SE at the cathode side changes by 28 orders
of magnitude between the charged (Ueen ~ 4.2 V) and discharged (Ue ~
2.6 V) state, and the concentration of the electronic defects undergoes a
change of about 14 orders of magnitude (see discussion of the defect
concentrations below) [29]. Therefore, o, for SEs in SSBs cannot be
considered as constant like its ionic counterpart and changes signifi-
cantly with a; and the battery’s state-of-charge. To minimize the impact
of such large variations in charge carrier concentrations (c.) on the
electronic transport properties, effective material design should ensure
low electronic mobility (i) to maintain a sufficiently low e, with 6, =
F- CelUel-

In MIECs, the direct determination of the partial conductivity (and
chemical diffusivity) of minority charge carries presents a significant
challenge [32]. The Hebb-Wagner method, developed in the 1950s
independently by Hebb [33] and Wagner [34-36], marked a pivotal
breakthrough in the study of solid-state ionics. It became a widely
adopted method for the quantitative analysis of o of solid ion con-
ductors, particularly in ion-conducting oxides [37-40]. However, chal-
lenges in measuring o, of various halide or sulfide lithium-ion SEs arise
from side reactions and (electro-)chemical instabilities [41-44]. Such
degradation reactions alter the material under investigation at the
electrodes and induce parasitic ionic currents, impacting conductivity
measurements and frequently leading to overestimations of ¢,;. To the
best of our knowledge, no testing protocol has been reported in litera-
ture so far to effectively address parasitic side reactions and accurately
measure o, of susceptible SEs.

Therefore, the appropriate selection of measurement parameters and
electrode materials is crucial, and these have been carefully chosen in
our study. Furthermore, we opted to investigate the binary lithium ha-
lides LiX (with X = Cl, Br, or I) for several reasons: (1) LiX are binary
ionic salts, making them an ideal model system; (2) LiX are fully reduced
compounds and are, therefore, not further reduced in contact with
lithium metal, simplifying the selection of electrode materials [45-477;
(3) LiX are known degradation products of reactions involving the
extensively studied class of lithium halide and argyrodite SEs (ie.,
LigPSsX) [44,48-50]; and (4) our recent results for the transport prop-
erties of interphases in SSBs and their constituents highlighted that 6,
and the electronic properties of LiX remain largely unexplored [51].
Moreover, Lil is one of the lithium-ion conductors earliest explored in
the field of solid-state ionics [52-54], with a few studies reporting o, of
Lil-Al,03 composites [55,56]. Recently, lithium halide compounds have
evolved into widely used additives, SE precursors or coating materials to

Solid State Tonics 429 (2025) 116991

enhance the performance of SSB components [57-69]. Interestingly, as
previously noted, their o has yet to be investigated.

Therefore, our work emphasizes the critical need to investigate and
control the electronic properties of SEs and interphases in SSBs.
Accordingly, this paper provides a comprehensive discussion of the
experimental method for measuring both ionic and (minority) partial
electronic conductivities. We present an effective testing protocol and a
detailed analysis of our results to determine o, of lithium MIECs with
moderate to low 6., specifically LiCl, LiBr, and Lil. To address this, we
discussed and conducted dc Hebb-Wagner measurements under ion-
blocking conditions for various temperatures. On the way, we always
observed an apparent “self-polarization” of the pristine Hebb-Wagner
cells, which is also typical for reservoir-free SSBs and is explained as
part of the formal treatment. Qur results allow for the identification of
electronic charge carriers (i.e., electron or hole conductivity), illus-
trating the dependence of o on ay; (i.e., on U.). The applicability of
this experimental approach to actual SEs and potential (experimental)
constraints are thoroughly discussed. Conclusively, the limited knowl-
edge of the electronic properties of lithium-ion conductors is evident,
and we hope this study will inspire more focused research in investi-
gating and controlling o in SSBs.

1.1. Defect chemistry of lithium halides

For a reliable interpretation of the results obtained from the Hebb-
Wagner measurements, it is necessary to consider the defect chemistry
of LiX and the dependencies of the ionic and electronic defect concen-
trations on a;;. The change in defect concentrations as a function of the
activity of a specific component of the SE, such as oxygen, lithium, or
sodium, is typically depicted in so-called Brouwer diagrams.

Schottky defects are the most probable intrinsic ionic defects in
lithium halides (LiX, with X = Cl, Br, or I) [70,71]. Using Kroger-Vink
notation [72], the formation of Schottky defects as well as the corre-
sponding equilibrium constant (Ks) (e.g., for LiCl) are given by:

nil=Vy, + V2, @
with Ks = a(Vy;)a(Vy) = [Vy] [V

whereas the ideal case for the activity a(i) = y,%‘} is assumed with an
activity coefficient y; = 1, ¢ is the reference concentration and the
square brackets denoting the corresponding defect concentrations. In
addition, it is reasonable to assume that the mobility of V¢, is very low in
the temperature range examined in this study (i.e., an anion contribution
to oien can be neglected). Consequently, oin of pure LiX is primarily
governed by V;.

Furthermore, the presence of electronic defects needs to be consid-
ered. The formation and recombination of electrons (e") and electron
holes (h*) — with the corresponding equilibrium constant (Kg) - is
described in the ideal case by:
nil=sh® + ¢

with K — [¢][h"] 3

The lithium exchange at the electrodes follows the equilibrium
reaction:

Liji=Li%(s) +h' +Vy (3]

with Li%s) being lithium metal, and the corresponding equilibrium
constant (Ki;) given by:

K= M'ﬂu =K ~ [Vy|[0']-ay (5)
[Lig]

whereas the expression is simplified by assuming that [Lijj] remains

quasi-constant.
When exchanging lithium (i.e. changing the lithium activity in the
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SE), the crystal must remain electrically neutral and charge neutrality is
maintained:

]+ [Vi] = [V&] + b7) ()

At the so-called stoichiometric point (SP) with an exact composition
of LiX, the concentrations of ionic defects as well as of electronic defects
equal each other, respectively. Thus, [Vy;] = [VY] and [¢] = [b"]. Due to
the large bandgap of LiX [73], it can be assumed that Kg>>K. Thus, the
number of ionic point defects can be assumed to be independent of ay;
and much greater than the number of (intrinsic) electronic defect within
the stoichiometric range close to the SP:

[Vi] = [V ]>h'. [e] 7)

However, the concentrations of electronic defects strongly depend on
ay, if a; is changed to either side of the stoichiometric composition.
Using Egs. 3, 5, and 7, these dependencies in the near-stoichiometric
region can be expressed as:

h*] = —.K]*‘. io«a,‘il and [e] = [VJT"']KEJaLioca;' [€))]
| Vi) @i KLi

At lower (or higher) ay; far from the SP, the concentration of h” (&)
approaches the concentration of ionic defects and even exceeds [V};]
([VEJ)- Thus, a more appropriate approximation for the electro-
neutrality equation (Eq. 6) is ignoring the corresponding minority de-
fects (ie., Vg and €, or V}; and h*, respectively):

[Vy] = [b°] for low a;

9
[Vg] = [¢] for high a;; @)

Combining Egs. 2, 3, 5, and 9 provides the dependencies of electronic
defect concentrations for low (or high) a;; - in the so-called extrinsic
(non-stoichiometric) region:

—
h* = \/a—“ x a;;” for low ay
Li (10)

Ks-Ka W
€] = ?ﬂh « a;;” for high ay;
Li

The dependencies of the defect concentrations ¢gefeers (i.€., Of the
charge carriers) near the SP and within the extrinsic region are sum-
marized in Fig. 1, with a denoting the characteristic exponent (a = +1
or +1/2). Fig. 1A shows the computed Brouwer diagram for the pure (i
e., intrinsic) material. Fig. 1B includes the effect of an oxygen impurity

A extrinsic | stoichiometric | extrinsic
| range I
- I I o

[h*] ~ [V',] le'] ~

a.Z

|Og (Cdefects/ Cm_a)

! stoichiometric !

point
| 1 1

=3
lOg (Cdefects/cm )
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level. The corresponding derivation of the Brouwer diagram is provided
in Section A of the Supporting Information (SI).

1.2. DC Hebb-Wagner polarization

The following section briefly elaborates the basic principle and
experimental requirements for Hebb-Wagner measurements on lithium-
ion SEs, before we discuss the formal treatment of the polarization
process. In Hebb-Wagner measurements, the conductivity of minority
charge carriers (ie., o of ion conductors) of a material can be quantified
by applying a dc voltage in asymmetric cells. Therefore, a selectively-
blocking (i.e., ion-blocking) electrode (BE) and a reversible (i.e., non-
blocking) electrode with a fixed potential (RE) are required to distin-
guish between ionic and electronic contributions (see Fig. 2). The latter
facilitates the reversible exchange of ionic and electronic charge car-
riers, while maintaining a constant activity and chemical potential.
Depending on the direction of polarization, a steady state is achieved
[74], where the net flux of lithium-ions is zero. Consequently, the steady
state current density i is carried exclusively by electronic charge
carriers and can be analyzed to determine o, of the material.

For an accurate quantification of o, it is crucial to ensure not only
control over external parameters (e.g., temperature), but also compati-
bility of materials to prevent side reactions with the electrodes [75-77].
Therefore, the potential of both electrodes, particularly the RE, must be
within the stability range of the material to prevent parasitic currents
due to degradation [77]. Furthermore, the applied voltage must remain
below the material’s decomposition voltage. In the context of lithium-
ion SEs, which are often susceptible to reduction at low potentials,
many studies have been improperly conducted by using two BEs or
lithium metal as the RE [78-82]. Since the materials investigated in our
study are fully reduced [45-47], lithium metal can be employed as RE,
while a gold electrode serves as BE.

The following section briefly outlines the concise formal description
of the Hebb-Wagner method for steady state polarization under ion-
blocking conditions of lithium-ion SEs [33-36]. Notably, the depen-
dence of o on ai; is also elaborated in this section. Systematic deriva-
tions for oxide-ion conductors, extensively discussed in literature
[39,40,74], can be readily extended from oxide and lithium to other
solid ion conductors, such as sodium or potassium SEs.

Considering the equilibrium condition for the redox reaction
(Li’=Lit + ¢), the local gradient of the chemical potential of lithium
(Vpy;) is given by:

Vi = Vi + 2 Vit = Vi + Vi (11)

stoichiometric I extrinsic
1
| [e']=

B extrinsic |

=V

range

stoichiometric

point
| 1

log a;;

log a;;

Fig. 1. Dependence of electron, electron hole, lithium and chlorine vacancy concentrations on ay; shown for pure (undoped) LiX (A) and in the presence of an oxygen
impurity [0’Cl (B), with the corresponding doping region depicted in gray. The derivation of (B) is provided in Section A of the SI. The characteristic exponent « is
given for both the stoichiometric and extrinsic region. At the stoichiometric point, the concentration for electron holes equals the one for electrons. Note that both

plots are computed and the units shown are arbitrary.
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Fig. 2. Hebb-Wagner cell configuration for measuring o, of lithium-ion solid conductors, using one reversible lithium metal electrode (RE) and one ion-blocking
gold electrode (BE) — shown in the initial (as assembled) state (A) and under an applied external potential (ie., Usource) (B). In both cases, the electronic current
(fe155) is conducted, while the ionic current is suppressed by the BE. x is the spatial coordinate within the material of thickness L In steady state, V¢ within the
polarized SE is zero, as any potential difference across the material is compensated by the redistribution of mobile charge carriers. For the sake of simplicity, the trend
of fi, within LiX is linearized. The real profile of ., depends on the specific defect structure and will not be linear.

where ji;;- and ji. are the electrochemical potential of lithium ions and
electrons, respectively, and z;;; =1 is the charge number of lithium ions.
By carefully controlling the direction of polarization (ie., applying a
positive U > 0 at the BE relative to the RE) and, thus, the electro-
chemical potential of the lithium ions (Vi ;+), lithium ions migrate to-
wards the RE (j;-). This creates a gradient of the lithium distribution
within the material (i.e., depletion near the BE). In the initial and
transient period, the flux of lithium ions within the SE is given by:
Gion

L = — — Vi
Ju (2, F)? Hii

(12)

To counterbalance the gradient in lithium distribution, a diffusion
flux is established and — over time — the resulting net flux of lithium ions
reaches a fully compensated steady state (denoted “ss™) and becomes
zero. Accordingly, when j ;- ., = 0, Vji,;- becomes zero, which simplifies
Eq. 11 to:

_ s Qs
Vo = Vi 0 = = 10 13)

with x being the spatial coordinate within the material for one-
dimensional transport. In our study, a waiting period of 12 h was
applied for each polarization step to allow for steady state conditions to
be established [74]. We like to add that Vjia s = Vi, follows from the
assumption, that the concentration of lithium ions does not change as
the ionic fluxes compensate each other and, thus, Vyu;;+ , = 0. This also
implies that the polarized SE is effectively field-free (V¢ 22 0) at steady
state, since any potential difference across the material is already
compensated by the redistribution of mobile charge carriers and suffi-
cient high oy,,. Thus, any electron transport occurring in the polarized
state is exclusively driven by their concentration gradient.

Notably, the effective voltage Uy between the two electrodes con-
sists of two components: the intrinsic cell voltage in the absence of an
externally applied voltage, denoted as US,, (Fig. 2A), and the voltage
contribution applied by the external source Uspure (Fig. 2B). The
intrinsic cell voltage Ugeu, hereafter also referred to as “self-polariza-
tion”, arises from the use of two different electrode materials: a fully
reversible RE (i.e., lithium metal), and an ion-blocking, electronically
reversible BE (ie., gold). As a result, distinct jiy are established for each
electrode, which define Uge” (Eq. 14). At the RE, the reversible contact
ensures that ji, (RE) is well-defined by y; of lithium metal (under steady
state conditions with Vjiy;» = 0). Conversely, the Au|LiX interface is
solely electronically equilibrated, with the Fermi level in LiX fixed by the
Fermi level of the BE material (i.e., its work function). Therefore, both
Jie1(BE) as well as yi; (BE) are governed by the electronic properties of the

BE material (under the same condition of V;;- = 0). Typically, e (BE)
is positive relative to #(RE) and differs significantly, resulting in a
distinet U2, > 0. For a given BE, U, will be reproducible relative to the
lithium metal RE.

An external voltage source Usguree can be applied to modulate Uy
within a specific voltage range, therefore adjusting i (BE) and the
electric potential at the BE (¢(BE)), as well as further lowering y;;(BE)
and a.i(BE) (see Eq. 1).

_ Eﬁl(BE) - ;"EL(RE)

Ucell = (BE) — $(RE) = 7

Ugen + Usource = + Usource

_ Jigy(BE) — i (RE)
F
(14)

with the electron electrochemical potential ji, as well as lithium
activity a; at the BE altered by the externally applied voltage Usource-

In the steady state (jj;- ,, = 0), the electric current density through
the sample is solely carried by the electronic species (i = ioigs)-
Consequently, the molar flux je ¢ of electronic charge carriers (in mol

em 25 1) between the two electrodes can be expressed by:

. 1 . Hel (X)
Jess (%) = —m'ﬁeﬂx}' o
(15)
i 1 w1 [ BE]
Jelss | Hui | = _m' ) Tel (ﬁLi)'d.“Ll
and the current density i s results as
1 iy (BE]
folss = Zel 'F'jehss = ﬁ/ el (nuLJ)'dﬂLi (16)
1;(RE)

Here, o, represents the combined contributions of hole (p) and
electron (n) transport, while [ denotes the sample thickness and z, the
charge number of electrons (z,, = — 1). Consequently, o is a function
of p;; under steady state conditions, and thus, an averaged electronic
conductivity describes the electronic transport through the polarized
electrolyte.

Integrating Eq. 13 across the sample (Fig. 1) and using Eq. 14, it
follows:

i (BE)
[ diy; = iy (BE) — py; (RE) = Apyy
J 35 (RE)

a7)

e1(BE]
f dfia = ia(BE) — ia(RE) = Afia
o fi [RE)
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Apy = Afia = —F-Usa (18)

At this point, any occurring overvoltage at the BE is neglected
[38,76]. It is evident, that 4;;(BE) is adjusted when a voltage is applied,
as j,;(RE) remains fixed in Hebb-Wagner configurations.

Differentiation of Eq. 16 with respect to y,;(BE) and applying Eq. 18,
yields the expression for o at the BE:

dicl_ss dicl‘ss
o [}‘!Lj (BE)] = dﬂLi(BE) - dUtell (19)

As a result, the steady state current density i is a function of Uy
and, consequently, . (BE) can be determined from the slope diess/dUcen
in a direct manner.

Assuming that the electronic defect mobilities are constant and in-
dependent from the electron concentration (ie., with respect to ;) the
electron and electron hole conductivities (¢, and ;) follow a power law
given by the variation of the electron and electron hole concentrations
with respect to ay;: 6, = 6J-a%; and 5, = rrg-aﬁ“. Here, o? denotes the
respective partial conductivities for @; = 1 and « is a characteristic
exponent associated with the redox reaction at the RE, as derived in the
Defect Chemistry Section (Eqs. 8 and 10) [83].

The conductivities can be related to the lithium chemical potential
by rearranging the general equilibrium relation between p; and ay;:
sy = p¥ + RTInay;, where 49, is the chemical (standard) potential of
lithium metal:
a(ﬂu - F‘Ei) ]

RT

6, = 00 -exp (20)

a(pm; *ﬂﬂ)}
RT

— a2 _
and 6, =0, exp[

Combining Egs. 16, 18 and 20 and considering that 6., = 6, + 6, the
final Hebb-Wagner relation (Eq. 21) is derived by integration:

e (e ) ] () )

Eq. 21 describes the relationship between current density ius and
U..u1, enabling the separation of electron and electron hole contribution,
when measuring the steady state current density i. . Here, the plateau
in the iye-Ue curve represents the n—p transition between the two
regimes, where the current shifts from being primarily carried by elec-
trons to hole-dominated transport — going from negative to positive Ug.
It was thoroughly elaborated that o depends on a;; and, consequently,
#i1;, both of which are modulated by the cell voltage Ueep .

In accordance with Eq. 21, iy =0 at Uy =0 and igg < 0 for
Ucen > 0, as depicted in Fig. 2, where iy 5 flows in negative x-direction.
When the electrochemical cell is connected to an external voltage source
and a positive voltage is applied, the voltage drops across the cell (i.e., ¢
increases from the lithium metal anode to the gold cathode). Thus, the
net internal voltage drops in the negative direction, which in turn drives
anegative current within the cell. In our experimental setup, the BE and
RE were configured as the working and counter electrodes, respectively.
Under this configuration, a positive voltage applied by the potentiostat
yields a positive measured current. This convention is properly
accounted for in our data analysis.

Due to the “self-polarization” of our cells (caused by the two different
electrodes), Uy must be corrected by UY,,, to isolate the change in py;
by the external voltage Usource, leading to:

0 (7“F[Utd1*Ugen)> 71}

i _RT ex
elss = o7 \ On | P RT

+a) {l - exp(AOliF(UﬂEH -~ Uea) ) } )

RT

(21)

(22)

In our study, Eq. 22 is utilized to analyze iy, as a function of the
external voltage (i.e., Uspurce = Ueen — U2,;) to determine electron and
electron hole conductivities, with U?,, serving as a fitting parameter. We

78

3. Results and Discussion

Solid State Ionics 429 (2025) 116991

like to note that the voltage measured initially at the Hebb-Wagner cells,
when no external voltage is yet applied, has to the best of our knowledge
not been discussed in literature yet. Therefore, it will be part of a follow-
up study.

2. Results and discussion
2.1. Partial ionic conductivity — impedance spectroscopy

The lithium-ion conductivity of the halides was determined from
electrochemical impedance spectroscopy (EIS) after equilibration at
each temperature and prior to initiating polarization steps. An ion-
blocking configuration Li|LiX|Au (X = Cl, Br, or I) was used. The
impedance spectra recorded of each lithium halide are provided in Fig.
51 (Section B, SI). The spectra show one semicircle in the high frequency
region, which is attributed to the ionic transport through the sample.
Analysis of the spectra allows the determination of the ionic resistance R
of the respective material. Using the geometric parameters (sample
thickness [ and electrode area A), ojon can be calculated:

11
o = " 23
o RA (23)
The temperature-dependence of 6, (T) is:
[ E,
(1) = rewn( - %) (24)

The activation energy E, and the exponential pre-factor o, were
determined by linear regression from the slope and intercept of In(gi,,-T)
plotted vs. 1/T. The corresponding Arrhenius plot for temperatures T
ranging from 45 to 57.5 °C is shown in Fig. 3.

Our data allow for the estimation of room-temperature values of gy
for LiCl, LiBr, and Lil, which are approximately oj,, = (0.2 £ 0.1), (2.4 £
1.2), and (24 + 6) nS cm™! (25 °C), respectively. These values are
consistent with literature, aligning with the reported order of magnitude
for each lithium halide at room temperature (i.e., 107! t0 1072 § em ™
for LiCl, 10 ® S cm ! for LiBr, and 10 8§ cm ™ for Lil) [54,84-87]. The
determined E, values range from 0.5 to 0.66 eV.

Haven [70] investigated the intrinsic ionic transport-relevant prop-
erties (specifically, lithium vacancy concentration and mobility) of
single-crystalline lithium halides doped with different concentrations of

44k ’\t\,\.\.\'
. E,=0.50 eV
Y a8t
£
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~
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Fig. 3. Arrhenius representation of s,y for LiCl, LiBr, and Lil, multiplied by the
absolute temperature T as a function of 1000/T in the temperature range of 45
to 57.5 °C. It was derived from impedance spectra recorded prior to Hebb-
Wagner measurements in an ion-blocking configuration Li|LiX|Au, where X
represents Cl, Br, or I.
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magnesium halides more than 70 years ago. For the pure single crystals,
he found significantly higher E5 values (i.e., 1.47, 1.29, and 1.05 eV for
LiCl, LiBr, and Lil). The reason is that ion transport in pure solid ion
conductors relies on point defect disorder and not on structural disorder
of a whole sublattice. Ey comprises then a contribution from the
migration enthalpy (AHmig) of lithium vacancies and the Schottky defect
formation enthalpy (AHy), following the relation: Ex = AHpyg + AHg/2.
By systematically changing the concentration of magnesium halide,
Haven was able to determine the migration enthalpy of the lithium
vacancies. As magnesium acts as a (vacancy) donor in lithium halides,
the vacancy concentration is fixed by the doping concentration and Ej
only comprises AHpg. The AHp,g values (i.e., 0.41, 0.39, and 0.38 eV for
LiCl, LiBr, and Lil) obtained for the single crystals are comparable to Ex
values obtained in this study, indicating that the vacancy concentration
in our samples is also fixed by impurities. The slight increase of Ex of our
samples is attributed to their polycrystalline nature (i.e., the presence of
grain boundaries). The measured E, values in our study agree well with
findings by Poulsen et al. [54], Mercier et al. [85], Schlaikjer et al. [88]
(for polycrystalline Lil), and Jackson et al. [86] (for single-crystalline
LiI), as well as Sharon et al. [84] (for polycrystalline LiCl). Solely, our
value for polycrystalline LiBr (0.63 eV) is slightly higher than that re-
ported by Mercier et al. [85] (0.48 eV). The assumption of a high lithium
vacancy concentration fixed by impurities is also supported when
comparing Haven's data to our results, as oj,, of our (commercial)
materials is significantly higher, differing by several orders of magni-
tude. Furthermore, additional evidence for the presence of impurities
within LiX is provided by photoluminescence (PL) measurements (Fig.
§2, Section C, SI) revealing transitions between energy levels of defect
states within the band gap of the material. X-ray photoelectron spec-
troscopy (XPS) revealed LizO impurities within LiCl (Fig. S3, Section D,
SI). It should be noted, however, that oxygen impurities act as acceptor
dopants by generating additional chlorine vacancies, rather than
enhancing oion through the formation of lithium vacancies.

To explore oi,, in more detail, we further revisited Haven's data for
LiCl, LiBr, and Lil in order to estimate the lithium vacancy mobility wion
of our polycrystalline materials. The temperature-dependence of ujon(T)
is given by:

_ E _ AHmig
= Texp( %o ) (25)

Ujon ( T)

As the exponential pre-factor up only depends on properties of the
crystal lattice, such as lattice constant and attempt frequency, it can be
estimated from the data reported by Haven. The vacancy mobility
Uion (T) of our polycrystalline samples can then be calculated using Eq. 25
and AH,,, given by the E, values from Fig. 3. Due to the higher AH,;; of
our polycrystalline samples, the calculated u,, values for the tested
temperature range are evidently lower (by a few orders of magnitude)
than the estimated values from Haven’s data for single-crystalline ma-
terial. Nevertheless, our results enable a comparison of u,, with re-
ported values for Lil. Our estimate of 1 - 108 em? V™! 57! (at 28 °C) is
lower than the 3- 10 7 cm?V 1s ! at 28 °C reported by Schlaikjer et al.
[88] for polycrystalline material with AHgy;, = 0.43 eV. This indicates
that u;., is likely decreased by the presence of grain boundaries in our
polycrystalline pelletized materials with volumetric mass densities of
approximately 86 %, 88 %, and 89 % for LiCl, LiBr, and Lil, respectively.

The extrinsic lithium vacancy (number) density nex, probably arising
from impurities, can be estimated using the measured o, and estimated
Ujon through the following relation:

Uiun(T) = 3L 'e'uir)n(T)'nex (26)

Here, e is the elementary charge and 2;;+ = 1 is the charge number of
lithium ions. In our study, ne is approximately 10" to 10%° em 2 for
each lithium halide. This value is several orders of magnitude higher
than the intrinsic carrier concentration reported by Haven for undoped
LiCl single crystals [70], consistent with the assumption that oy, is
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dominated by extrinsic defects caused by impurities. The calculated
exponential pre-factors (oo, Up, and ne;) and AHy, = E, of the LiCl, LiBr,
and Lil pellets characterized are summarized in Table S1 (Section E, SI).

2.2. Partial electronic conductivity — Hebb-Wagner measurements

Hebb-Wagner measurements were performed for each lithium halide
(i.e., LiCl, LiBr, and Lil) using an ion-blocking configuration Li|LiX|Au in
order to determine og. After equilibration at each temperature and
initial EIS steps, a positive voltage (U..) relative to the RE was applied
to the BE, as described in the Experimental Section. U,y was gradually
increased to adjust ai; and, thus, x; of the BE. It is worth noting that the
voltage U, comprises the applied voltage from the external source
Usource (i€.; Ucell = U%y; + Usource), as described in Eq. 14. To allow for
steady state conditions [74], a waiting period of 12 h was applied for
each polarization step. Due to the polarization, lithium ions migrate
towards the RE, balanced by a diffusion flux driven by the resulting
lithium concentration gradient., Accordingly, the recorded steady state
current density is solely carried by electronic charge carriers (iss = ie1 55)-
As described in the Experimental Section, U.y was precisely controlled
between the OCV and the theoretical decomposition voltage (Ugecomp) of
the respective lithium halide to prevent parasitic currents from degra-
dation reactions.

The determined steady state current densities (ig 55 vs. Ueenn) of LiCl,
LiBr, and Lil are presented in Fig. 4 for temperatures ranging from 45
and 57.5 °C. The recorded polarization profiles are provided in Fig. S4
(Section F, SI).

First, ig g of LiCl (Fig. 4A) exhibits three distinct regimes with
increasing applied voltage: (i) a slight linear increase at low voltages, (ii)
a quasi-plateau near ~3.2 V, and (iii) a pronounced exponential rise at
higher voltages. The latter marks that hole conduction becomes domi-
nant over electron conduction (ag»rrg}. Under these conditions, Eq. 22

can be simplified to:

; RTo, @ F (Ucen — Ugey)
lolss = Ta_l |:1 —exp ( + T 27)

Due to the observed “self-polarization” in pristine cells, we assume
that the applied potential indeed probes the extrinsic region of the
material. Consequently, we set the characteristic exponent a to % which
allows us to accurately fit the experimental data. It should be noted that
a satisfying description of the experimental data cannot be achieved
using a = 1 for the intrinsic region, clearly indicating that the extrinsic
regime of the material is probed. Using this approach, iy for LiCl was
fitted across all temperatures with Eq. 27 allowing the determination of
the temperature-dependent o).

As the applied potential probes the extrinsic region of the material,
the observed slight increase of iy s at low voltages and the quasi-plateau
does not correspond to the intrinsic n—p transition described by Eq. 21.
Instead the slight increase of i, 4 can be explained by considering the
presence of donor impurities. As revealed by XPS (Fig. $3, Section D, SI),
Li»O is present as a minor impurity phase in the tested LiCl with oxygen
acting as donor defect in LiCl. Accordingly, as shown in Fig. 1B, an
oxygen impurity level pins [h"] that compensates the defect concentra-
tion of oxygen [O'Cl] within a certain voltage range (depicted in gray)
between the intrinsic and extrinsic region. Then, the corresponding
Brouwer diagram in Fig. 1B (transformed to voltage U on the x-axis in
Fig. S5A, Section G, SI) reveals an additional plateau with a constant [h*]
at high voltages (ie., low a;;). Assuming constant mobilities the steady
state current iy i as a function of U can be calculated by integrating
the electronic defect concentrations using Eq. 16. The calculated curves,
shown in Fig. S5B, exhibit a distinct change in the slope of log(ie s)
marking the transition from the intrinsic to the extrinsic conduction
regime. The corresponding hole current density iy, s is depicted in Fig.
S5C. A magnified view in Fig. S5D highlights a linear increase in i s
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Fig. 4. iqss as a function of Ugy for LiCl (A), LiBr (B), and Lil (C), derived from Hebb-Wagner measurements in an ion-blocking configuration Li|LiX|Au, where X
represents Cl, Br, or I. The temperature T was gradually increased from 45 to 57.5 °C. The recorded polarization profiles are provided in Fig. $4 (Section F, SI).

over the voltage range where a defect level pins [h*]. This linear region is
followed by an exponential increase in current as the system enters the
extrinsic regime, closely reflecting the experimental behavior observed
in Fig. 4A. Accordingly, Eq. 27 provides an appropriate fit at higher
voltages, as illustrated by the dotted blue line in Fig. 4D.

For LiBr (Fig. 4B), iz s only shows a primarily exponential increase
with voltage, again consistent with dominant hole conduction (ng»ag).
Again, we apply Eq. 27 with @ = !, assuming the extrinsic region is
probed. In contrast to LiCl, no distinct plateau is observed for LiBr at low
voltages.

Fig. 5 shows exemplary fits of i i for LiCl (left) and LiBr (right) at 50
and 52.5 °C, using Eq. 27 and a = . The complete set of fits for LiCl and
LiBr at each temperature is provided in Figs. $6 and S7 (Section H, SI).

The fitting results for ¢J Ul are
summarized in Fig. 6 as a function of inverse temperature. To ensure
accurate data fitting, linear trends of the parameters were used as an
additional fitting constraint. The data allow for the estimation of rrg =(4
+2)- 107> S cm™! for LiCl as well as ag =(6+3)- 107§ em ™ for LiBr

at room temperature (25 °C). In addition, from these findings the total
electronic conductivity 6« = oy, for pure LiX at room-temperature can be

as well as the fitting parameter

estimated, spanning from 2 - 10 *Sem ' to 8- 10711 S em ? for LiCl
(25 °C) as well as from 1 - 100" 8Sem 0210798 em™! for LiBr (25
°C) within the voltage ranges investigated.

On a first view, the 6, values at room temperature may appear quite
low. However, given the large electronic band gap of halides - typically
exceeding 4 eV [73] - the electronic conductivity measured in this study
is significantly higher than anticipated. In a pure halide (i.e., free of
impurities), 6, primarily results from electrons thermally excited from
the valence band to the conduction band. Assuming parabolic bands, the
intrinsic electron density (n;) in the conduction band, which contributes
to o, can be estimated:

E, ksT\2/ . . 5 E,
(= _ o _
N "ﬂfTEXp( 2kBT> (2;1':’12) (me‘DDSmh.DOS) P\~ T

(S

(28)

where m; ¢ and my, .. represent the density of states effective masses
of electrons and holes, respectively, kg is the Boltzmann constant, £ is
the reduced Planck constant, and E; is the band gap. Using values
derived by density functional theory (DFT) for the effective masses (i.e.,
m; pos = 1.15m, and m; ;o = 4.12 m.) [73] of LiCl along with a band
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Fig. 5. Exemplary fits of iy 5 as a function of Usyree for LiCl (left) and LiBr (right) at 50 and 52.5 °C in an jon-blocking configuration Li|LiX|Au (see Iig. 4). Fitting
was performed using Eq. 27 with a = %. The voltage U, was gradually increased by Usgurce, while the temperature T was varied between 45 and 57.5 °C. The
complete set of fits for each temperature for LiCl and LiBr is provided in Figs. $6 and S7 (Section H, SI). Fitting parameters and results are given in Fig. 6.
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Fig. 6. Ug (A) and U&u (B) as a function of 1000/T for LiCl and LiBr derived from fitting is s (in Fig. 4A and B). Refer to Figs. $6 and S7 (Section H, SI) for individuals

fits of LiCl and LiBr. The corresponding E, are derived from the respective slope.

gap of E; = 9.4 eV, the estimated intrinsic carrier concentration at 25 °C
is extremely low, approximately n; ~ 3-10-50 em >,

This result shows that virtually no intrinsic charge carriers can
populate the conduction or valence bands under these conditions (i.e.,
the intrinsic oo should be negligible). Again, . appears to arise from
impurities, which introduce localized states within the band gap. This is
confirmed by the PL measurements, shown in Fig. S2 (Section C, SI),
potentially being LizO for LiCl (see Fig. S3, Section D, SI). These band
gap states act as donors and/or acceptors, where electronic charge
carriers are localized. Based on this assumption, Ex for electron-hole
conduction, estimated from the temperature-dependence of the con-
ductivity pre-factors in Fig. 6A, are likely associated with the migration
enthalpies of electron holes, which hop between impurity sites. Conse-
quently, the impurity concentration in lithium halides not only in-
fluences sy, but also significantly affects o.. Unfortunately, reliable
reference values for E, of electronic charge carriers in LiCl and LiBr are
scarce in literature, which hinders direct comparison of our results with
previously published data.

For Lil (Fig. 4C), i linearly increases with increasing voltage. In
contrast to the findings of Poulsen et al. [56] (who used a graphite-based
blocking electrode), no exponential behavior in the steady state current
is observed. This may result from incomplete lithium-ion blocking
behavior of the graphite in their setup. Nevertheless, the linear trend in
our data indicates that hole conduction surpasses electron conduction
(Gg»ag), likely in the extrinsic region of Lil, due to the “self-polariza-
tion” of cells. Since the cell’s OCV was very close to the decomposition
potential of Lil, the investigated potential range was limited to just a few

millivolts and quasi-linear trends. As a result, Ugell for Lil could not be

determined, suggesting that U? )1 is close to Ueen. Consequently, Usqurce =

el

Ueen — U%,, = 0 and, thus, the exponential function €* can be approxi-

mated as (1 + x) so that Eq. 22 simplifies to:

Y
Ueen — Uzen ~a® Ueen — U:)ell
[ o 1

Accordingly, o) (equivalent to . in this case for o)>0) due to the

Jos = (nﬂ + a?,) (29)

“self-polarization™) in the fully ion-blocking state can be determined for
each temperature through linear regression of ius (Fig. 4C). The
resulting values are presented in Fig. 7 as a function of inverse tem-
perature ranging from 45 to 57.5 °C.

From the plot, Ex for hole migration in Lil is approximately 0.44 eV,
while the estimated room-temperature hole conductivity (Tg is 22 nS
cm ! (25°C). Poulsen et al. [56] reported Ey = 0.58 eV and o) = 22.5nS
em ™! for undoped polycrystalline Lil at 54 °C and 2.5 V. This agrees with
our estimation, which yields gg —90nScm ' at 54 °C.

It should be noted that in literature, Hebb-Wagner measurements for

1 1 1
305 310 3.15
1000/T / K~

3.00

Fig. 7. Arrhenius representation of "3’ multiplied by the absolute temperature

T for Lil as a function of 1000/T in the temperature range of 45 to 57.5 °C. It
was obtained using Eq. 29 and linear regression of the trends in Fig. 4C.

highly ion-conducting SEs are typically avoided by using two ion-
blocking electrodes and often only a small voltage range can be tested
before reaching Ugecomp, as was the case for Lil in our study. Thus, using
Eq. 29 is a common approach when determining o, from polarization
measurements [79-82]. However, since a RE is not used, this method
does not establish a reference for ai; (and y;;), providing only an upper
estimate for o, [89]. As a result, the obtained values often deviate from
the actual o of practical SEs [9].

2.3. LiX being degradation products of LigPSsX in SSBs

As highlighted in the introduction, the transport properties of LiX are
largely unexplored [51]. While several studies have examined o,, of Lil,
research on other lithium halides is scarce, and their o, has been largely
neglected. However, in the broader effort to commercialize SSBs and
control interphase formation, LiX (with X = Cl, Br, or I) plays a crucial
role in understanding the kinetics and properties of SEls, that evolve in
typical sulfide SEs, such as LigPSsX (with X = Cl, Br, or I), or halide SEs.

In Fig. 8, 6ign and 6, of LiCl, LiBr, and Lil - determined in this work —
are compared to values reported in literature, as well as to those of
LigPSsX and other relevant SEI constituents [51]. Qur findings present
the first set of 6i,, and 6 for LiCl, LiBr, and Lil at ambient temperature
(25 °C), extrapolated from higher temperatures within the tested po-
tential range. While the 6y, values align with previous reports, the
values for both oy, and o fall between those of other SEI constituents (i.
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Fig. 8. The determined partial conductivities s; (with i = ion or el) at 25 °C for LiCl, LiBr, and Lil from this study (shown in red) are compared to literature values.
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e., LisS and LigP) and are lower than those of LigPSsX.

These results provide a comparative analysis of the fundamental
transport properties of lithium halides, deepening the understanding of
their role in SEIs and, consequently, in SSBs. Building on our previous
work [51], which investigated SEI growth kinetics driven by ., we
conclude that 6 observed for LiX in this study are too high to effectively
limit interphase growth. However, other SEI constituents (i.e., LizP)
appear to predominantly drive continuous growth by increasing the
mean o). Simultaneously, further material engineering is necessary to
maintain low impedance contributions, as LiX together with LizS, ap-
pears to reduce the mean o, of interphases and, thus, affect cell
performance.

Nonetheless, our findings must be interpreted within a broader
context to accurately assess the determined values and their implica-
tions for understanding SEIs in SSBs. Firstly, even high-purity materials
(>99.9 %), as such tested in this study, inevitably contain a significant
amount of impurities, which clearly modify the electrical properties by
creating additional electronic charge carriers and/or lithium vacancies.
Consequently, our results may not fully represent the electrical prop-
erties of LiX in multiphase SEIs, as the presence of impurities within
individual SEI constituents remains uncertain. Moreover, in practical
SSB environments, U and ap; are expected to exhibit significantly
greater variations, compared to the controlled conditions in our study,
particularly in systems employing lithium metal anodes and high-
capacity cathodes. LiX may demonstrate faster transport kinetics
within SSBs depending on the cell’s voltage (and potential *‘self-polari-
zation” driven by blocking electrode materials used in “anode-free” cell
concepts). Consequently, such “self-polarization” effects may induce
dominant acceptor conduction and higher o, in reservoir-free SSBs,
similar to observation in our study. Finally, although every effort has
been made to prevent material degradation, parasitic currents resulting
from degradation reactions could potentially have a minor influence on
our results.

Due to the low self-discharge rates of typical SSBs, such as calendar
lifetimes exceeding ten years for LiPON-based SSBs, o, of inorganic SEs
reported in the literature may be overestimated [9]. Typical values in
the range of 10%t0107 S cm ! (Fig. 8) have been reported from dc
polarization experiments, which would suggest rapid capacity loss over
time — an effect that has not been observed in experimental studies. Such
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oo would lead to a 20 % capacity loss within a period ranging from a few
hours to several days for a 4 V-cell with a capacity of 5 mAh cm™2, a
separator thickness of 100 pm, and an area of 1 cm? [9]. This discrep-
ancy highlights significant challenges in accurately quantifying o, for
many relevant SEs. It is essential to identify appropriate RE materials
that prevent the degradation of sensitive SEs and eliminate parasitic
currents to effectively improve measurement accuracy. Additionally,
measurement setups may require high-resolution potentiostats and
optimized experimental conditions to precisely detect the extremely low
currents involved in Hebb-Wagner measurements.

From a practical perspective, effective material design to limit
electronic mobility by controlling impurity levels is crucial for inorganic
SEs to maintain a sufficiently low 6. This objective may help counteract
significant variations in electronic charge carrier concentrations, as
described in Eq. 26, within the dynamic environment of SSBs. Therefore,
Ahmad et al. [98] recently summarized the recent attempts to control 6
by elemental doping or substitution in different sulfide SEs.

3. Conclusions

Our study presents a comprehensive framework in the defect-
chemical context that includes formal treatment for the Hebb-Wagner
method, a discussion on “self-polarization™ of pristine Hebb-Wagner
cells (ie., cells resembling reservoir-free SSBs to some extent), detailed
testing protocols, and thorough data analysis for determining o in solid
lithium-ion conductors. Lithium halides (LiX, with X = Cl, Br, or I) were
examined, revealing the contribution of electron holes to electronic
transport under the applied testing conditions. Their partial ionic and
electronic conductivities were systematically evaluated — within a
relevant voltage range similar to actual cell operation — yielding g
values of approximately 2 - 10 t08-10 25 em ! forLicl, 1 - 107!
t02-107°S em™ for LiBr, and 22 - 1072 S em™! for Lil (at 25 °C). With
regard to interphases formed in typical sulfide and halide SEs, these
values complete a comprehensive dataset on the fundamental transport
properties of common SEI components. This comparative analysis of
partial conductivities enhances our understanding of the role of lithium
halides within SEIs and, in turn, their influence on SEI formation and cell
performance. The applicability of the Hebb-Wagner technique for
accurately measuring o, in susceptible lithium-ion SEs is evaluated, and
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relevant guidelines are provided. Overall, our findings emphasize the
necessity of investigating the electronic properties of SSB materials and
their interphases to better understand their impact on the long-term
viability of SSBs. We hope that this work on o, of lithium halides,
along with its analysis in the context of interphases, will inspire further
research aimed at optimizing solid-state interfaces, ultimately contrib-
uting to the development of more stable and efficient SSBs.

4. Experimental

Cell assembly were carried out in an argon-filled glovebox (Lab-
MasterPRO, MBraun, Garching, Germany), with p(O2)/p and p(Hz0)/p
< 1 ppm. For Lil, exposure to light was minimized during handling due
to its light-sensitive nature.

4.1. Preparation of materials and cell assembly

Commercial “ultra dry”/anhydrous LiX powders (> 99.9 % purity, X
= Cl, Br, I) were received from Fisher Scientific (Schwerte, Germany).
Prior to use, the powders were dried overnight at 300 °C under dynamic
vacuum in a glass oven (B-585, Biichi Labortechnik, Essen, Germany)
and subsequently transferred to the glovebox for further handling. Each
powder was then thoroughly hand-ground for 10 min using a mortar and
pestle. 100, 120, and 150 mg of LiCl, LiBr, and Lil, respectively, were
pelletized (10 mm diameter) using a uniaxial force of 40 kN. The pellet
thickness was 714, 501, and 476 pm, respectively. A thin ion-blocking
gold electrode (120 nm thick, 9 mm diameter) was deposited onto one
side of each pellet under dynamic vacuum using a custom thermal
evaporation system connected to a glovebox. The deposition rate was set
to approximately 0.2 nm s~1, monitored by an oscillating quartz sensor.
Subsequently, lithium foil (100 pm thick, 9 mm diameter, 99.9 %, China
Energy Lithium, China) was attached to the opposite side of each pellet,
serving as the RE. The assembled cell stack was vacuum-sealed in a
pouch cell with nickel current collectors. To ensure optimal contact
between the pellet and electrodes, the vacuum-sealed cell was densified
under isostatic pressure (60 MPa) for 10 min. Lastly, the cells were
stored at 60 °C for one week prior to measurement.

4.2. Electrochemical characterization

Electrochemical measurements were performed using a Biologic
VMP 300 potentiostat (BioLogic, Seyssinet-Pariset, France) inside a
climate chamber (LabEvent, Weiss Technik, Reiskirchen, Germany).
According to the manufacturer, the chamber maintains temperature
control with an accuracy of 0.1 °C. No external pressure was applied to
the pouch cells during measurements. To ensure proper equilibration,
the cells were monitored at OCV for 12 h after each temperature change.
Before conducting the dc Hebb-Wagner measurements, an initial elec-
trochemical impedance spectroscopy (EIS) step was performed at rest
(OCV). The subsequent dec Hebb-Wagner measurements comprised six
individual dec polarization steps per temperature, each lasting 12 h.
Following each dc polarization step, an EIS measurement was conducted
with a dc offset matching the respective dc polarization value. This
procedure was repeated for a total of six temperatures, gradually
increasing the temperature from 45 °C to 57.5 °C in 2.5 °C increments.

EIS was carried out with an amplitude of 10 mV across a frequency
range from 5 MHz to 1 Hz. For dc Hebb-Wagner experiments, a voltage
Uen was applied as follows: Ugeyree Was increased by increments of 0.1V
between Uy = 3.0 and 3.5 V for LiCl, increments of 0.05 V between 3.1
and 3.35 V for LiBr, and increments of 0.02 V between 2.74 and 2.84 V
for Lil. These parameters were carefully selected based on preliminary
studies to avoid measurements below the OCV or above the decompo-
sition voltage of each material. The decomposition voltage Ugecomp Was
calculated using thermodynamic data [99] (neglecting entropy contri-
butions) as Ugecomp = — AGY(LiX)/F, where AGO, X, and F are the Gibbs
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energy, the respective halogen (Cl, Br, or I), and the Faraday constant,
respectively.
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3. Results and Discussion

3.4. In-Li Counter Electrodes in Solid-State Batteries — A Com-
parative Approach on Kinetics, Microstructure, and Chemo-
mechanics (4" Publication)

In this publication, different In-Li electrode structures were explored to evaluate their use as
CEs, aiming to simplify cell design (i.e., eliminate reference electrodes) and examine their
reproducibility. A thorough analysis of their performance and functionality is conducted to
enhance the precision of solid-state cathode benchmarking, as a recent report has indicated
that performance variations between SSB cells may arise from inconsistencies in the prepara-
tion of In—Li electrodes.'?*

Several established and practical In—Li eutectic preparation methods were evaluated. By test-
ing five distinct In-Li preparation techniques and two electrode composites, unidirectional
galvanostatic experiments assessed the homogeneity and quality of each electrode preparation
approach. The kinetic limitations of two promising In—Li structures were further investigated
at various rates, complemented with cross-sectional analysis of their respective microstructure
by SEM and electron backscatter diffraction (EBSD). Finally, the rate-dependent electrode
performance, along with their electrochemical and chemomechanical reversibility, was tested
in a full-cell configuration with LiNio.s2Mno.11C00.0702 cathodes. The electrochemical results
highlighted the individual performance and bottlenecks of both In—-Li CEs at high rates, while
microstructural analysis emphasized the significance of conscious preparation protocols.

These findings reveal the kinetic limitations of In—Li electrodes for benchmarking of high-
capacity cathodes, restricting their use to lab-scale testing at moderate rates. The study demon-
strates that inconsistent preparation not only affects the electrode microstructure but also its
kinetic performance, emphasizing critical preparation challenges. As such, the challenges as-
sociated with applying In—Li CEs and the consequences of variations in preparation protocols
are detailed, which lead to reduced comparability of results across different laboratories.

The experiments presented in this publication were designed and executed by the first author
under the supervision of K. Peppler and J. Janek. The sample preparation was performed by
S. Keuntje, I. L. Schneider, and J. Westphal under supervision of the first author. The first
author performed all measurements and the corresponding data analysis. P. Minnmann and J.
K. Eckhardt supported the analysis of data and assisted with scientific discussion. The manu-
script was written by the first author and edited by all co-authors.

Reprinted with permission from Christoph D. Alt, Séren Keuntje, Inga L. Schneider, Johannes
Westphal, Janis K. Eckhardt, Philip Minnmann, Klaus Peppler, and Jiirgen Janek. In-Li Coun-
ter Electrodes in Solid-State Batteries — A Comparative Approach on Kinetics, Microstruc-
ture, and Chemomechanics, Adv. Energy Mater.,, 2024, 2404055. DOI:
10.1002/aenm.202404055. Copyright © 2024 The Authors. Published by Wiley-VCH GmbH.

87



RESEARCH ARTICLE

3. Results and Discussion

APXANCED
MATERIALS

www.advenergymat.de

In—Li Counter Electrodes in Solid-State Batteries — A
Comparative Approach on Kinetics, Microstructure, and

Chemomechanics

Christoph D. Alt, Soren Keuntje, Inga L. Schneider, Johannes Westphal, Philip Minnmann,
Janis K. Eckhardt, Klaus Peppler, and Jiirgen Janek*

A key challenge for solid-state batteries is the fabrication of high-capacity
cathodes with high area loading and good rate performance. To reliably
quantify the performance of high-capacity cathodes, electrochemically stable,
and high-rate counter electrodes are essential. Otherwise, a three-electrode
setup is required. In-Li alloy electrodes are used for years in a kind of standard
approach, since these seem to offer stable operation. In this comparative
study, seven preparation methods for In-Li electrodes are examined,
determining their suitability for cathode testing. The microstructure of a
planar (i.e., foil) and a particle-based (i.e., composite) anode configuration is
analyzed in more detail. Their rate-dependent electrode performance as well
as electrochemical and chemomechanical reversibility in full-cell configuration
are analyzed. The combined results demonstrate the limitations of In-Li
electrodes for high-capacity testing, especially at high rates, while confirming
their suitability for simple lab-scale testing. Preparation significantly
influences the electrode microstructure and kinetics, consequently impacting
the performance benchmarks of cathodes. These findings underscore both
the challenges involved in applying In-Li counter electrodes and the resulting

1. Introduction

With the ongoing shift from combustion-
based mobility to sustainable electric
transportation, high-energy solid-state
batteries (SSB) have garnered significant
interest in recent years.'?] Inorganic
solid electrolytes (SE) offer the possi-
bility to employ lithium metal anodes
(LMA) and high-capacity cathode com-
posites, allowing SSBs theoretically
to exceed the performance of con-
ventional lithium ion batteries (LIB),
which are slowly approaching physico-
chemical limitations.*] Hence, SSBs
are anticipated to offer high power
and energy densities, while ensur-
ing safe and reliable operation.[*1l

In order to fully utilize high-capacity
cathode active materials (CAM), which

limited comparability of results from different laboratories.
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can provide area loadings of up to
10 mAh e¢m™?, an optimized cathode
microstructure with high-rate capability
is required.'"?] Additional issues such
as chemomechanical volume changes and related CAM parti-
cle cracking need to be addressed.!'*'*] For optimization efforts,
cathode performance must be quantified reliably, and any effects
introduced by deficient counter electrodes (CE) in two-electrode
cell setups should be avoided.!">17] The best way to achieve this
is the use of reference electrodes (RE) in three-electrode (3E)
setups. This has not been widely reported yet — mostly due to
the difficulties in incorporating REs in SSB cells. Miniaturiza-
tion and geometric challenges (i.e., RE positioning) as well as
proper material selection to avoid both SE degradation and ref-
erence potential fluctuations, hinder its widespread adoption in
SSBe."™®1%1 However, first successful integrations of REs have
recently been reported. Various approaches like lithiated metal
meshes or wires (i.e., out of indium, gold, or silver)[?*?!l have
been utilized, even achieving p-REs. Morphological and chemi-
cal stability issues (i.e., SEI formation) inhibit the use of lithium
metal itself with thiophosphate-based SEs.[?2%]

To avoid the difficulties posed by 3E configurations and re-
duce preparation requirements, it is essential to introduce elec-
trochemically stable CEs with high rate capability and low over-
potential (i.e., defined and stable half-cell potential, favorable ki-
netics, and reversibility).["®! The binary In—Li alloy system offers

© 2024 The Author(s). Advanced Energy Materials published by Wiley-VCH GmbH
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a range of advantageous attributes, is well-known for its poten-
tial plateaus, and has been early introduced in the study of SSB
test cells.?*28] Especially, the two-phase eutectic In/(InLi), pro-
vides a stable potential of E;(vs Li*/Li) = 0.62 V over a wide sto-
ichiometry range (~1-47 at.% of lithium).'"**"] Degradation of
thiophosphate-based SEs is anticipated to be minor at this po-
tential. However, recent findings suggest the emergence of In, S,
compounds at the interface with the In/(InLi), eutectic.***!) No-
tably, Qu et al.’?l and Hinsel et al.** have examined the lithium
transport properties of various In—Li phases, highlighting fast
lithium migration attributed to low activation barriers. Accord-
ingly, the fast diffusion kinetics (D;; = 1078-1077 em? s7! of the
intermetallic InLi phase) are promising to ensure good electro-
chemical performance and stable SSB cycling.***%/ In compar-
ison to lithium metal, the volume expansion of indium up to
the intermetallic InLi phase of 105 % is lower.*’! Intimate inter-
facial contact due to the ductile character of indium metal?*3
enables a low interfacial impedancel®! as well as good local
current distribution to provide uniform lithium deposition and
dissolution.|**3338] To the best of our knowledge, fatal morpho-
logical changes of In-Li anodes have only been reported once
(after 900 cycles at 3.8 mA cm 2 and 150 MPa).[3%

The large-scale application of indium-based electrodes is im-
peded by raw material costs, interest of other technology sec-
tors, and scarce availability.*”) Nevertheless, the In-Li anode is
commonly selected by researchers as a stable CE for lab-scale
purpose.* 1 A significant capacity decay is observed due to the
lithiation and alloying if pure indium metal is used as an elec-
trode (shown in Figure S1 and Section SA, Supporting Informa-
tion). Thus, lab-scale In-Li anodes are mostly manufactured ei-
ther by stacking (and pressing) indium and lithium metal foils
or by mixing metal powders of both alloying components. More
complex geometries or pre-lithiation approaches are used less
frequently.***) Santhosha et al.?! demonstrated the benefits
of a centrally-located composition within the two-phase eutectic
In/(InLi),. While Wang et al.**) suggest 14.3 at.% lithium as opti-
mum for fast kinetics, Yanev et al."! investigated the boundaries
of this phase field up to lithium contents of 50 at.%, and compare
three different types of electrode preparation. Hinsel et al.[**l re-
ported kinetic limitations for the (higher lithitated) intermetallic
In,Li,; phase.

Summarizing various reports in the literature, In-Li anodes
suffer from being mechanically stiffer — compared to pure in-
dium — due to the mechanical properties of the InLi phase
(Young’s modulus of 46.1 GPa and hardness of 1.82 GPa).’"
Moreover, insufficient electrode kinetics during cycling appear
to be associated with the specific preparation of the anode
eutectic.'®l To the best of our knowledge, Tkezawa et al.*!l and
Nam et al."®l were the first to report sluggish electrode perfor-
mance and kinetics using foil type In-Li electrodes. In their
study, Nam et al. suspect lithium-deficient layers at the interface
between the Inli intermetallic and the SE, thus, identify lithium
transport in InLi intermetallic as a bottleneck. Wang et al.**l and
Aspinall et al.** provided evidence of the evolution of indium-
rich layers in In-Li anodes after discharge processes through mi-
crostructural analysis, utilizing electron microscopy and X-ray
computed tomography, respectively. Further, Sedlmeier et al.[**]
demonstrated the negative effects of In/(InLi), phase inhomo-
geneities by testing thick indium foils (facing toward the SE).

Adv. Energy Mater. 2025, 15, 2404055 2404055 (2 of 14)

www.advenergymat.de

In/Li

pressed

in SSBs
IN/INLiyoyger In/INLi omposie
lo Limetal o In/(Inti), - Inmetal  LPSCI|

Figure 1. Illustration of the preparation methods tested. For the exten-
sively studied types, namely In/Lig,cieq and InfLicomoosites illustrations of
their structure and application in SSBs are included. Please note that the
dimensions of foils and particles are not necessarily to scale.

However, their approach of contacting first lithium metal with
the SE, before the formation of the eutectic will cause severe
SE degradation. Nam et al.'®! improved electrode kinetics and
rate capabilities by introducing In—Li anode composites includ-
ing SE particles. This approach aimed to establish ionic perco-
lation paths and reduce the reliance on diffusion within the in-
termetallic phase. This has recently been confirmed by Yanev et
al.l*! through a concise and systematic set of performance stud-
ies, clearly recommending the composite approach, once no RE
is being used.

While these studies are valuable and individually improve the
understanding of single In-Li alloy electrodes, a comparative
study is missing. The rate-dependent performance and the un-
derlying microstructure of various In-Li eutectics during repeti-
tive cycling has not been thoroughly investigated or understood
yet. This clearly compromises the reliable benchmarking of cath-
ode composites under relevant test conditions and, consequently,
the interlaboratory comparability of results.|*¢]

In this work, we therefore examined several reported and feasi-
ble In—Li eutectic preparation methods regarding their suitabil-
ity for lab-scale utilization as CEs in the investigation of solid-
state cathodes. We compared five different In-Li eutectic prepa-
rations and two electrode composites, as shown in Figure 1. To
better understand the inconsistent performances between differ-
ent electrode types, we complement our detailed electrochemi-
cal analysis with results on microstructure and chemomechanics,
aiming to establish appropriate selection criteria. Unidirectional
galvanostatic experiments reveal the intermixing during prepara-
tion and the kinetic limitations (i.e., lithium accessibility) of each
type of anode. To fully describe the electrode performance of the
most effective preparations methods, namely planar In/Li .4
and particle-based InfLi o, 001, We prepared cross sections to an-
alyze their microstructure using scanning electron microscopy
(SEM) and electron backscatter diffraction (EBSD). The analy-
sis of volume changes in planar and particle-based electrodes,
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along with the study of their electrode kinetics (i.e., reversibility
and overpotentials) in full-cell configuration, were used to evalu-
ate their integration as stable CEs. It reveals the individual per-
formance, benefits, and bottlenecks of both electrode types con-
cerning high-capacity cathode benchmarking. Conclusively, this
work highlights the challenges and consequences of variations in
preparation procedures across different laboratories.

2. Results

In/(InLi), electrodes were prepared using different methods and
can be divided into three groups: 1) planar (i.e., foils), 2) pow-
der, and 3) composite type. Figure 1 illustrates each prepara-
tion method. The lithium content was set at 35 at%, which is
centrally located in the two-phase region In/(InLi),. This en-
sures comparability across all preparation methods. The pla-
nar electrodes used are denoted as “In/Li,geq”, “In/Lij e
and “InfLig,4.."- Powder electrode types are referred to as
“InfLiypyge” and “InfInli, .~ for blended or fused (ie., al-
loyed) powders, respectively. In—Li alloy composite anodes were
prepared from both powder type electrodes and Li PS.Cl (LP-
SCl), with the resulting materials labeled “In/Li_qupae." and
“In/InLi oo Tespectively.

At this point, we like to acknowledge that the terms “negative”
and “positive” electrode should be used to address both electrodes
correctly. To align with commonly used terminology, we use the
terms “anode” and “cathode”.

»
’

»
»

2.1. Equilibration of In—Li Alloy Electrodes After Preparation

The electrode potential was monitored for 12 h by recording
the open-circuit voltage (OCV) of In/(InLi), | LPSCI | Li cells
(Figure 2). During the alloying process, lithium metal is con-
sumed, forming the intermetallic compound InLi, which es-
tablishes the characteristic potential of the two-phase eutectic
In/(InLi), at 0.62 V (vs Li*/Li). The electrodes are initially not
in equilibrium, as indicated by the changing potential. Once a
stable potential is reached, equilibrium is achieved. However,
even a small amount of residual lithium metal within the WEs
would prevent complete equilibration, causing the electrode po-
tential to continue changing over time. Therefore, the successful
completion of the alloying process (i.e., complete consumption
of lithium metal) is confirmed by achieving a stable potential.
In/Li eq (light red) and In/Inli ., (violet) exhibit a potential
of 622 mV, while In/Li,, ..., (dark red), In/Li,,q,, (light violet),
In/Lipposice (light blue), and InfInli .. (blue) show poten-
tials of ~#623 mV. Each potential stabilizes within less than 1 h.
In the case of In/Li,,, .4 (vellow), relying on long-range lithium
diffusion into the indium foil (100 um thick), a stable potential
of 618 mV is achieved only after 8 — 10 h. Hence, the utiliza-
tion of In/Li,,, .4 is inevitably associated with a transient period
of several hours prior to electrochemical application.

2.2. Performance in Cell Configurations with Two In—Li
Electrodes

The primary cause of dendrite formation and cell failure in

SSBs with LMAs is current constriction due to void forma-
tion at the stripped lithium electrode.?*#"#1 Accordingly, the
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Figure 2. Results of OCV measurements for each In-Li anode (WE | LPSCI
| Li). The potential (vs Li*/Li) is recorded for 12 h after electrode prepara-
tion, measured at 25 °C, and and 30 MPa. A single cell was tested for each
In—Li anode.

as-prepared In-Li electrodes are first evaluated in delithia-
tion experiments. Based on their accessible lithium capacity
(G getgy = 84 mAh cm™?), their degree of “bulk” alloying (i.e.,
intermixing) and suitability for SSB cell testing is approximated.

Figure 3 illustrates the potential profiles (vs In/(InLi),) for uni-
directional galvanostatic stripping at 0.5 mA cm™ in WE | LP-
SCl | In/Liy,q.q configuration, referenced to the In/Li_ .4 CE.
With the exception of In/Li, ... each In-1i anode displays ini-
tially flat profiles with low potential increases during ongoing
lithium stripping, before a steep potential rise indicates lithium
depletion.[*) Further discussion on the origin of polarization
through analysis of impedance and microstructure is provided
below. Clearly, an increasing overpotential caused by polarization
affects the overall cell performance and indicates a limitation for
the use in high-capacity cell testing.

The accessible capacity (i.e., the amount of extractable lithium)
at which polarization initiates varies among the preparation
methods. The observed variation is 1) attributed to the degree
of intermixing during preparation, which determines the initial
spatial distribution of lithium within the electrode, and 2) lithium
replenishment properties (governed by diffusion). Consequently,
this capacity serves as a key indicator for the suitability of each In—
Li electrode type for their use as CE in SSB test cells. We define re-
liable capacities for each electrode type based on the point where
significant polarization (>100 mV) initiates and refer to it as q,,,.
This value is defined as a threshold, as we consider overpoten-
tials exceeding 100 mV as too high, particularly in full-cells (i.e.,
during the charging process), as discussed below. Further, we de-
fine the lithium accessibility, denoted as £, = ge,, /Gy, - 100 9%, to
compare the effective accessible capacities during lithium strip-
ping of a pristine electrode.

© 2024 The Author(s). Advanced Energy Materials published by Wiley-VCH GmbH
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Figure 3. Results of delithiation experiments of each In—Li anode (WE |
LPSCI | In/Ligckeq)- Potential profiles (vs In/(InLi),) for unidirectional gal-
vanostatic stripping at 0.5 mA cm~2, 25 °C, and 30 MPa were recorded un-
til the cut-off potential of 1V was reached. The threshold of 100 mV is indi-
cated in gray. Stable potentials and low overpotentials up to capacities of
5.9 mAh cm~2 indicate the high lithium accessibility within In/Lig,cieq 2nd
In/Licomposite (represented in light blue and yellow, respectively). A com-
parison of the accessible capacities g, is provided in Figure S3 (Section
SB, Supporting Information), including averages and standard deviations
for In/Ligtacked @nd In/Licomposite for @ total number of three cells.

For In/Li, .q and In/Li ., accessible capacities of approxi-
mately q,,, = 1.2 and 1.6 mAh cm™2 were observed before severe
polarization began, corresponding to £, =~ 20%. This suggests
that mechanical mixing through folding and compressing of foils
is difficult to control, resulting in inadequate homogenization
and uncontrolled microstructure of the eutectic. Consequently,
the properties of these electrode foils are significantly influenced
by the specific area (i.e., local composition) designated for use. As
reported in the experimental section, the prepared alloy foils be-
came stiff, which is an indication of the intermetallic InLi phase.
The stiff nature of these alloyed foils impairs the contact at the
interface with the SE.**l In contrast, the soft indium layer used
for the preparation of In/Li,, .4 provides a better contact at the
interface. Accordingly, In/Li,,, .4 exhibited a higher capacity of
Gy = 52 mAh cm™ (&, = 60%), establishing itself as the most
effective anode type among the three planar anode types.

o 0f 2.3 and 4.2 mAh cm™ were accessed from In/Li, 4.,
and In/InLi g, corresponding to ¢, = 27% and 49%, re-
spectively. This suggests insufficient lithium meobility caused by
the solid-state transport of lithium within both metallic com-
posites, particle-particle boundaries, and pores. By adding LP-
SCl to the mixture, ionic percolation paths are introduced, the
intermetallic transport pathlength decreased, and kinetic limita-
tiong reduced.'®?°1 Hence, this enhances the accessible lithium
capacity (from deeper regions of the electrode) to g,,, = 3.8
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and 5.9 mAh cm™ for In/InLiyppee AN /L0, COTTE-
sponding to &, = 44% and 69%, respectively. Hence, increasing
the effective lithium mobility demonstrates the advantage of the
composite-type electrode. In/Li_, o, composed of lithium and
indium powder combined with LPSCI, is the most useful concept
among the particle-based electrodes.

Figure S3 (Section SB, Supporting Information) presents a
comparison of the accessible capacities (g,,,), including aver-
ages and standard deviations for In/Li,, g and In /L, o With
data derived from three cells each. The statistical analysis yields
Gexp values of (5.00 + 0.21) and 5.62 + 0.29) mAh cm?, respec-
tively. This highlights satisfactory reproducibility for both of these
promising electrodes for further in-depth investigation. Please
note that only a single cell was tested for the other, less promis-
ing electrode types.

Effective capacities of up to &,,, = 69%, approaching the the-
oretical lithiation capacity of the In/Liy, .. CE, were achieved.
This demonstrates comparable or even higher lithium accessi-
bility to the data reported by Aspinall et al.**l As a preliminary
conclusion, it is apparently not trivial to prepare In-Li anodes
with high lithium accessibility. Careful preparation of In-Li eu-
tectic anodes is crucial for mitigating property variations among
electrodes prepared in different laboratories, ultimately ensur-
ing consistent performance and facilitating comparable results.
Therefore, this emphasizes the necessity for interlaboratory stud-
ies, more comprehensive reports of experimental details in liter-
ature, and transparent analysis.[*6]

To evaluate the electrode kinetics for studying high cathode ca-
pacities in greater detail, both In/Li, .4 and In/Li . Were
tested at rates ranging from 0.25 to 5 mA cm™? in symmetric
cells with In/Li, .4 CEs (see Figure S4, Section SC, Support-
ing Information). Similar to earlier findings, flat profiles with
minimal potential increase during continuous lithium stripping
are observed for both anode types at current densities up to
1.5 mA cm™. These rates are considered sufficient for investi-
gating current lab-scale cathode composites for SSBs with capac-
ities up to 1.5 mAh cm™ at 1C. On the one hand, the trend of
increasing overpotential indicates unsuitable performance start-
ing around 1.5 mAh cm™2, which becomes apparent at higher
rates, e.g. 5 mA cm™2. This exposes challenges related to slug-
gish kinetics and inadequate lithium transport from pre-lithiated
regions of the stripped WE at high-rate testing. Notably, the po-
tential advantages of the composite type anode (i.e., as a larger
contact area and distributed lithium nucleation spots) were not
clearly observed in these tests.

Plating experiments of In/Li_,, ... Were further conducted
to comprehensively analyze its lithiation performance, which
is presented in Figure S5 (Section SD, Supporting Informa-
tion), Both In-Li anode types (with In/Li, .4 serving as CE
in Figure 3 and Figure S3, Supporting Information) show high
effective capacities of lithium and insignificant dendrite sus-
ceptibility. Lithiation capacities close to the theoretical capacity
(g, = 7 mAh cm™?) were achieved. Hence, we assume that
the substantial thermodynamic barrier arising from the high al-
loying potential of In/(InLi), (0.62 V vs Li*/Li) hinders lithium
metal plating and, thus, filament growth and cell shorting. These
findings suggest favorable lithiation kinetics compared to our
delithiation results. Further, this emphasizes the focus on im-
proving the lithium stripping capabilities of In—Li electrodes to
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Figure 4. Schematic overview of In/Liy;,ceq (top) and In/Licomposite (bOt-
tom) electrodes on the cell level. The assembled anode (left) and antic-
ipated equilibrium state (middle) of In/Lig,.\.q are presented, while the
microstructure (left) and conduction paths of both charge carriers (mid-
dle) in InfLicomposice are illustrated. The right side displays the stripped
state during lithium depletion conditions for both electrodes. Illustration
of foils and particles are not necessarily to scale.

facilitate long-term testing (Figure 3). The enhanced lithium
transport properties within the In/(InLi), phase field can also be
observed when compared to pure indium foil. This is shown in
Figure S2 (Section SA, Supporting Information). Consequently,
the pre-lithiation of indium, corresponding to the InLi phase for-
mation, proves to be advantageous for enhancing kinetics.

2.3. Microstructural Analysis of Selected In-Li Eutectic Anode
Types

We selected InfLij,qeq and In/Li 0. for further detailed in-
vestigation, as these demonstrated the most promising stripping
performance and highest reproducibility. This selection is in line
with the study of Yanev et al.**] Consequently, these two elec-
trodes were tested in a greater number of cells, as the other elec-
trode concepts were less suitable for practical applications. The
remaining concepts, as prepared for this study, showed insuffi-
cient intermixing, inferior stripping performance, or inadequate
reproducibility and required optimization. Hence, these anodes
may not be adequate CEs to ensure comparable results due to
preparation inconsistencies, impeding the independent evalua-
tion of cathode performance in SSBs. To evaluate the mechanism
behind the capacity limitations, Figure 4 first gives a schematic
overview of In/Li,, .4 for planar (top) and In/Li for com-
posite type anodes (bottom).

For In/Liy, .4, lithium atoms diffuse from the smaller lithium
foil into the indium foil to form the intermetallic InLi phase
(left), i.e., a diffusion-formed “bulk” eutectic. Applied pressure
avoids loss of contact during interdiffusion. The two-phase re-
gion In/(InLi), evolves with an inner core of InLi (7.5 mm in
diameter) and an outer region of remaining indium, see Figure 4
(top, middle). Incomplete (in-depth) alloying may lead to a defi-
ciency of the InLi phase (i.e., reduced lithium accessibility) at the
interface with the SE and cause constriction effects,[***! which
may become negligible after a first lithiation process. We like to
emphasize that it is not only feasible, but important, to position

composite
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the indium foil between the SE and lithium metal during the al-
loying process. Otherwise, early SE degradation (i.e., SEI forma-
tion) would result from the low potential of lithium metal.

In the case of In/Li ;.. the 3D phase network comprises in-
termetallic InLi and indium particles, distributed within the LP-
SCl microstructure (left). Different paths enable ion and electron
transport (bottom, middle), and lithium dissolution/deposition
occurs spatially distributed. However, due to the instability of
thiophosphate-based SEs, it is important to consider the in-
creased interface area between InLi and LPSCI particles within
composites. More lithium will be consumed in side reactions and
SEI will form due to the large contact area within the composite,
potentially increasing the electrode impedance. We can assume
that the volume change of the electrode is stabilized and reduced
by the 3D electrolyte “scaffold” (right). This could offer a signifi-
cant advantage for its use as a CE and for operation under varying
stack pressures. After the initial compression during cell fabrica-
tion, the immediate contact between the electrode active material
and the SE could make it a suitable choice for cell testing (e.g.,
in pouch cells) at ambient to low external pressures. As indium-
based anodes will not be suitable for commercialization, we do
not discuss further benefits, such as power density of 3D com-
posite electrodes.l’1>2] We rather emphasize the role of high-rate
and high-capacity In—Li alloys as CEs in cathode tests.

In the case of In/Lig, .4, attention to the geometric ratio be-
tween the indium and lithium metal foils is crucial. We consider
an incorrect choice of parameters, such as variations in compo-
sition, areal or thickness ratio, as one of the major factors con-
tributing to decreased interlaboratory comparability. The results
of delithiation experiments in Figure S6 (Section SE, Supporting
Information) indicate the significant impact of different lithium
metal foil thicknesses and diameters on performance. While we
varied the thickness ratio between lithium and indium metal foil,
we maintained the composition (i.e., volume and capacity). By
comparing delithiation capacities in Figure $6 (Supporting Infor-
mation), we identify an optimum for the lithium metal foil thick-
ness of 100 pm (and 6 mm diameter) combined with 100 pm in-
dium foil (and 9 mm diameter). We anticipate that using thinner
or thicker lithium metal foils will create blocking indium layers
or reduce the active area, respectively, resulting in lower effective
stripping capacities. We suspect that these factors lead to reduced
comparability and inaccurate conclusions across various reports
in literature, especially when thinner lithium metal foil was used
to match the areas of both foils during preparation.

The thickness ratio between the indium and lithium metal foil
appears to be a critical factor that may hinder sufficient lithium
transport in the two-phase eutectic. Accordingly, the thickness of
the lithium foil should be chosen to match the dimension of the
indium foil (see calculation in Section SE, Supporting Informa-
tion). We suggest a thickness ratio of d,, /d,, between 0.9 and 1 to
avoid blocking indium layers, while ensuring a sufficient alloy-
ing reaction up to the interface with the SE. This also compen-
sates for the loss of lithium inventory due to passivation reactions
with the SE or trace amounts of moisture inside SSBs and during
preparation. However, this suggested ratio results in the lithium
foil having a smaller area than the indium foil.

For In/Li_y,poss the incorporation of SE requires precise ad-
justment of components to increase the effective ionic conduc-
tivity, while maintaining appropriate electronic percolation paths
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Figure 5. Results of impedance measurements of In/Lig,c g (top) and
In/Licomposite (bottom) cells (WE | LPSCI | In/Lis;scieq) during unidirec-
tional galvanostatic stripping at 0.5 mA cm~2, 25 °C, and 30 MPa with
a cut-off potential of 1V (corresponding to the same cells in Figure 3).
Impedance spectra are recorded both before (pristine, light red) and af-
ter the delithiation experiment (dark red). The high impedance evolving at
43.6 Q cm~? indicates a blocking behavior (i.e., full lithium depletion) for
In/Licomposite after stripping.

within the 3D structure. It is crucial to ensure that excess SE
does not obstruct the electronic percolation paths and create iso-
lated metallic domains. At the same time, the indium particles
provide sufficient electronic conductivity and contact during on-
going stripping. In our study, we carefully adjusted the volume
fraction of SE and In/(InLi),, assuming complete alloying of
lithium with indium and surplus indium, to be ~64 and 36 vol%,
respectively.’®] The particle sizes of the initial lithium and in-
dium metal powder are also expected to influence percolation
paths, although investigating this aspect falls outside the scope
of this work.["?]

To further investigate the origin of capacity limitation,
impedance spectra were recorded for both electrode types.
Figure 5 shows the impedance spectra of In/Li .., (top) and
In/ligppasice (bottom) in WE | LPSCI | In/Li g configuration.
Spectra were recorded both before (depicted in light red) and
after (dark red) the delithiation experiments and correspond to
the same cells tested at unidirectional galvanostatic stripping
currents of 0.5 mA cm™ in Figure 3. The initial impedance of
In/Li pmposice 1 slightly lower compared to In/Li .- We believe
this is caused by the enhanced contact area between the SE and
the composite electrode due to its 3D structure and densification
during cell assembly. Hence, we anticipate a lower impedance for
this electrode type.

At the end of the delithiation experiments, severe cell polar-
ization is observed for both electrodes (see Figure 3). Usually,
the primary reason for polarization effects (i.e., overpotentials) in
SSBs with LMAs is current constriction resulting from void for-
mation at the anode at high current densities and too low applied

Adv. Energy Mater. 2025, 15, 2404055 2404055 (6 of 14)

www.advenergymat.de

pressure.[*#%] In the case of In—Li anodes, lithium stripping is
impeded due to concentration polarization, as discussed in detail
for Li-Mg alloy anodes.I®**°] This limitation may be attributed
to sluggish lithium transport and constraints (i.e., lithium defi-
ciencies) within the respective electrode material or incomplete
lithium intermixing during the preparation process. The latter
applies to most of the preparation methods tested (see Figure 3).

During ongoing stripping of In/Li, .4, pure indium precipi-
tates (i.e., layers with a deficiency in lithium) form, as observed
by Jeong et al.[*2)). Later, we suspect that the electrode polarizes
due to blocking properties of precipitated indium near the in-
terface. Ultimately, this may lead to a reduction in active area,
and current constriction at high depletion levels may dominate
the electrode kinetics (similar to void formation in LMAs). An-
alyzing In/Li .4, the lithium flux gets insufficient after ex-
tracting high lithium capacities. Hereby, the cut-off potential of
1 V corresponds to a deresistance of =2 kQ cm™?. However,
the impedance spectrum following the cut-off (“after stripping”)
shows an impedance of ~61 Q cm™2. This discrepancy in re-
sistance indicates a rapid relaxation of the electrode, suggesting
that a complete lithium depletion was not achieved (i.e., small
domains of InLi remain). Both OCV and impedance relaxation
experiments in Figure S7 (Section SF, Supporting Information)
show, that the impedance quickly recovers after the cut-off poten-
tial was reached. We like to emphasize that Lee et al.*?) reported
similar observations of a rapid recovery of lithium voids within
minutes following delithiation experiments. Please note, that the
degree of relaxation may only be minor for very deficient systems
and that the diffusion inside of In/Li 4 can be further affected
by its geometry (see Section SE, Supporting Information).

In contrast, the impedance spectrum (“after stripping”) of
In/Li,onposiie Shows a drastic impedance increase at 43.6 Q cm™,
indicating a different cause of polarization. The presence of per-
colation paths for ions and electrons within the composite en-
hances lithium replenishment during the delithiation experi-
ment. Consequently, we assume that the blocking behavior of
the electrode occurs once most or all active lithium is consumed,
and large indium-rich (lithium-ion blocking) or inactive domains
prevent subsequent relaxation of the electrode due to increasing
tortuosity. We believe that this indicates a significant deteriora-
tion of the composite structure, which is preventing a recovery of
lithium over time (i.e., the replenishment of lithium). This can
be observed in Figure S7 (Supporting Information), indicated by
the high impedance at low frequencies. It is important to high-
light again that inactive or reacted lithium (e.g., during SEI for-
mation) may persist and the lithium transport in composite elec-
trodes may rely on the particle sizes of each component and their
respective ratio./1?]

In order to verify the previous conclusion about the electrode
microstructure and resulting impedance contributions, cross
sections of both In-Li electrode types were prepared by ion-beam
polishing and examined by SEM (Figures 6 and 7). Using EBSD,
phase and inverse pole figure (IPF) maps of In/Li,,, 4 in pristine
(top), plated (middle), and stripped (bottom) state were obtained
and are shown in Figure 6. Both non-pristine electrodes were
extracted from a symmetric cell (In/Li |LPSCl|In/Li,
Figure 3).

In the phase maps, the indium and InLi phase regions are
colored purple and yellow, respectively. As expected from above

stacked stacked
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Figure 6. Polished cross sections of InfLig.,eq in pristine (top), plated
(middle), and stripped state (bottom). SEM images are complemented
by phase and IPF maps (given parallel to the y-direction) for indium
and intermetallic InLi to reveal their microstructure using EBSD. The WE
(stripped) and CE (plated) of unidirectional galvanostatic experiments at
0.5 mAcm=2, 25 °C, and 30 MPa with a cut-off potential of 1V were studied
(Figure 3). For the stripped state, the former active area is approximated
and depicted by the dashed rectangular box (white). Parts of the electrodes
fell off during sample preparation. One grain exhibiting pseudo-symmetry
remains for the plated electrode (marked by a red arrow).[5¢]

results, and consistent across all samples, no electron backscatter
patterns (EBSP) matching the crystal structure of lithium metal
were found by the Hough indexing algorithm. IPF maps show
the microstructure and grain orientation of both phases parallel
to the y-direction. For comparison, a reference measurement of a
pristine indium metal foil is provided in Figure S8 (Section SG,
Supporting Information).

In the pristine Li/Ing,.q (top), there is a distinct lateral phase
separation between indium metal and InLi. The outer (left) side
is composed of indium, while the inner side (right) consists of
InLi. This separation is due to the different diameters of the in-
dium and lithium metal foils used during electrode preparation.
Consequently, the initial active area is reduced by approximately
1.5 mm in diameter, aligning with our previous assumptions and
calculations. Additionally, a thin indium layer (~20 um) is visible
atthe interface to the SE (right side), suggesting an incomplete al-
loying reaction. A larger magnification of these areas, including
selected EBSPs, is added in Figure S9 (Section SH, Supporting
Information).

However, since In/Li_, .4 performed well in the previous tests
(Figure 3 and Figure S5, Supporting Information), we consider
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the effect of such a thin indium layer to be insignificant. Again,
we emphasize the importance of matching the thickness of both
foils during preparation, as discussed previously. Residuals of
lithium metal at the interface to the stainless-steel current col-
lector could not be identified. Examining the IPF map (in y-
direction), broad pristine indium grains (up to 100 pm) are ob-
served, while thinner, columnar grains with preferential orienta-
tions close to <411> (pink) and <401> (orange) are identified for
InLi. The grains of indium at the interface to the SE were smaller
(thickness ~20 pm) and showed a finer microstructure, while the
grains of both indium and InLi expanded from the current collec-
tor to the SE interface in a columnar shape.l®] In comparison to
pristine indium metal foil (Figure S8, Supporting Information),
the pre-lithiated InLi grains exhibit a thinner, yet still columnar,
shape.

A lithiated In/Li, .4 electrode (middle) was analyzed, which
served as the CE in Figure 3. The electrode was charged (i.e.,
lithiated) to nearly ~99% of its theoretical capacity (qy, 5, =
7 mAh cm~?) within the In/(InLi), phase field in our study. The
phase map indicates a uniform layer growth with the formation
of InLi during lithiation, as indium is entirely consumed in the
alloying process. This suggests expansion in the active area to
access all indium metal (i.e., during the first charging step of
full-cells). In fact, we could not localize the former phase bound-
ary of now lithiated indium and pre-lithiated InLi in any map,
while we again measured the outer part of the electrode. Higher-
lithiated indium alloys, such as In,Li; and In,Li,, were not de-
tected. Upon examination of the IPF map, no distinct microstruc-
ture was found for the electrochemically-formed InLi phase. In-
stead, a homogeneously deposited InLi layer and its columnar
grain growth in preferential orientations (close to <100>, <030>,
and <401>) of the pre-lithiated InLi was observed (pink and or-
ange). The columnar shape of the observed InLi grains appears
to be thinner than that of indium, which may be attributed to its
moderate homologous temperature at room temperature.

For the stripped electrode (bottom), a bi-layered structure is
observed, with InLi at the SE-side and pure indium at the cur-
rent collector side, consistent with the findings of Jeong et al.l*?!
Thus, this contrasts with common assumptions that blocking in-
dium layers develop at the SE interface during the early stages
of stripping at a moderate rate.['®3**] Furthermore, it supports
the assumption that the high lithium diffusion within the InLi
phase enables gradual delithiation from deeper areas of the elec-
trode, leaving Inli at the interface until high depletion levels
are reached.[*?) This result also reinforces the conclusion of sig-
nificant current constriction and reduction in the active area
by indium precipitates at the interface at high depletion levels,
as observed Dby the delithiation and impedance measurements
(Figures 3 and 5, respectively). The IPF map reveals colum-
nar grains for indium (=100 um width), particularly within the
delithiated region, restoring a microstructure similar to the pris-
tine indium metal foil (Figure S8, Supporting Information). The
remaining InLi grains again show a preferential orientation —
similar to the pristine state — close to <411> (pink) and <401>
(orange).

In our tests, the intermetallic InLi exhibits a columnar mi-
crostructure with grains of thinner sizes compared to indium,
while showing preferential orientations across all samples. Dur-
ing plating, the InLi forms in the same preferential orientations
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Figure 7. SEM images of a pristine (left) and a fully stripped In/Licomposite €lectrode (middle and right). The cross sections are prepared by focused
ion-beam (FIB) milling to reveal the morphology and structure changes after delithiation experiments at 0.5 mA cm=2 (cut-off at 1V), 25 °C, and 30 MPa
(Figure 3). The vertical lines observed in the SE imaging are attributed to curtaining effects resulting from the cross section preparation.

as the pre-lithiated InLi. Broad indium grains are obtained dur-
ing stripping. The incomplete alloying to the interface in the pris-
tine electrode, and the location of residual InLi in the stripped
electrode are observed. These observations may be attributed to
uneven pressure distribution caused by the stiffness of the InLi
phase or other material or preparation inhomogeneities. The
electrode thickness changes from its pristine state (%150 um)
to 170 and 100 um in the plated and stripped state, respectively.
The observed thickness for the plated state is slightly lower than
the volumetric predictions based on crystallographic data for the
transition from In to InLi.’’]

The combined electrochemical and EBSD results provide
strong evidence for: 1) the importance of properly matching both
metal foils during cell preparation (see Figure S6, Supporting
Information), 2) the minimal impact of inhomogeneous (i.e.,
incomplete) alloying for the preparation used, 3) the favorable
lithium diffusion properties of InLi (i.e., prelithiated electrodes),
which improve electrode kinetics and allow access to deeper re-
gions of the electrode, 4) the significant current constriction
caused by lithium-deficient indium layers at high depletion lev-
els, and 5) the high accessible capacity during stripping and plat-
ing for In/Liy, eq-

Figure 7 shows the cross sections of In/Li. . in the pris-
tine state (left) and stripped state (middle and right) to reveal the
microstructural changes of In/Li y, s during stripping. Con-
sidering both imaging modes — secondary (SE) and backscattered
electrons (BSE) — grain boundaries, morphology details, and ma-
terial density become evident, respectively. The pristine electrode
exhibits a compact structure with only a few irregularly shaped
pores (left). The pressure of 380 MPa used for the pristine sample
enables high densities. In contrast, the stripped electrode (mag-
nified in the right column) reveals significant pores within the
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metal fraction of the composite. Hence, this observation indi-
cates a significant deterioration of the composite structure. More-
over, it is worth noting that a smooth morphology of pores is
observed. These pores likely indicate the former locations of the
InLi phase within the In-Li eutectic or suggest the precipitation
of indium on preferred nucleation sites during lithium removal.
Apparently, the applied stack pressure of 30 MPa is too low to
effectively close the evolving pores during stripping.

Analyzing the material contrasts in the BSE imaging (bottom),
three phases are observed in the pristine electrode, while only
two phases can be identified for the stripped electrode. In both
cases, LPSCl appears significantly darker and it is difficult to dis-
tinguish between the brighter particles of In and InLi. This lack
of differentiation may be attributed to the effective intermixing
or close bulk densities of indium metal and the intermetallic InLi
phase (7.31 gcm™ and 5.16 g cm > (ICSD: 51 960), respectively).

Lastly, it is noteworthy that the non-pristine samples of both
electrode types in this microstructural study may not resemble
the actual case, if used in full-cell configuration. The nominal
CE capacity (here: gy, 5, = 7 mAh cm™2) usually exceeds that of
the cathode side (i.e., of the CAM), resulting in less phase and
volume changes. Moreover, irregularities, inhomogeneities, and
incomplete processes during repetitive cycling may further affect
the chemomechanical results in full-cell configuration, which we
discuss later.

2.4, Reversible Cycling Performance in Full-Cell Configuration
Shifting reference potentials of the CE and significant over-

potentials cause early termination of the (dis-)charge pro-
cess of batteries, and poor capacity utilization. Hence, after
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Figure 8. Results of C-rate capability tests, followed by continuous cycling for In/Lig, eq (yellow) and In/Li

(light blue), utilized as CE in fullcell

composite

configuration (CE | LPSCI | NCM). Discharge capacities for each cycle at various C-rates (left), as well as the discharge capacities and Coulomb efficiency
throughout continuous cycling (right), are presented (one cell for each electrode type, measured at 25 °C and 75 MPa).

assessing the performance under rate-limiting conditions in uni-
directional delithiation experiments (Figure 3 and Figure S3,
Supporting Information), we advance to evaluate the reversibil-
ity and kinetic performance (i.e., overpotentials) of both elec-
trode types in full-cell configuration. Consequently, we employ
three different experiments to analyze these important attributes
in single cells during galvanostatic cycling. For this, we utilized
LiNiy ,Coy o;Mng 1,0, (NCM) cathode composites (as WEs) with
a nominal capacity of 1.85 mAh cm™2, which are referenced to
the examined In/(InLi), CEs.

First, a C-rate test spanning from C/20 to 1C (corresponding
to 0.0925 and 1.85 mA cm™?) was conducted in full-cells (CE |
LPSCl| NCM). The results, shown in Figure 8 (left), indicate high
discharge capacities at low C-rates (%190 mAh g~! at C/20), which
decrease with increasing C-rate (150 mAh g™ at 1C) for both
anode types. Across all rates, slightly higher discharge capacities
were achieved with In/Li ;oo

Second, for a more detailed analysis, the cells were cycled at
C/2 (=0.925 mA cm™?) to assess capacity retention and capacity
efficiency during continuous cycling (right). The first ten cycles
of the continuous cycling are depicted in Figure S10 (Section SI,
Supporting Information). Full-cells with both In-Li anodes ex-
hibited capacity retentions of %96 % for the first 55 to 60 cycles.
Potential losses may be attributed to volume contraction of NCM,
leading to loss of contact and inactive NCM particles, or degra-
dation reactions at the anode and cathode side.*”] Although the
results of these tests are mainly focused on the cathode perfor-
mance, the Coulomb efficiency serves as a first, valuable indi-
cator of the high reversibility and cycling performance of both
anodes. For each anode, Coulomb efficiencies exceeding 99.9 %
were achieved in each cycle, confirming the suitability of both
In-Li anodes at the tested rates for extended cycling durations.
Combining all observations, our results are higher or compara-
ble to reports in literature and prove the high capacity utilization
and efficiency by both electrode types at various rates and for con-
tinuous cycling.

For a more detailed examination of the anode performance,
we deconvoluted the contributions of WE and CE using a 3E full-
cell configuration (CE | LPSCl | NCM), with a lithiated gold wire
serving as the RE.I'%?°! Therefore, we monitored the individual
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potentials of both electrodes in reference to the RE, while per-
forming C-rate tests (as conducted previously). The overpotential
of the In-Li CE during cycling for one cycle at each rate (C/20,
C/10, and C/5) and five cycles at C/2 is shown in Figure 9. The
corresponding potentials of the NCM cathode (WE) are presented
in Figure S11 (Section SJ, Supporting Information).

For In/Li,, .4 (left), the overpotential during discharge rose
from 8 to 26 mV for C/20 to C/5, respectively. For cycling at
C/2 (corresponding to ~0.925 mA cm™?), the overpotential in-
creased up to 58 mV. During charging, the overpotentials in-
creased from —16 up to —79 mV for C/20 to C/2, respectively. For
Infi g, nosie (right), potential profiles appear smoother and over-
potential peaks are reduced, especially during discharge. Never-
theless, the overpotentials during discharge are still very similar
to In/Li,,.q- The charging overpotentials are elevated for low C-
rates (—13 to —46 mV for C/20 to C/5, respectively) and slightly
reduced (to —76 mV for cycling at C/2). Moreover, these results
demonstrate (complementary to the unidirectional galvanostatic
measurements), that the anode compositions remain within the
In/(InLi), two-phase field for the cycled capacity. However, our
findings underscore the contrary to common belief, i.e., clear rate
limitations by both In-Li anode types at such rates. Thus, this
can create an additional performance bottleneck and hinder the
accurate benchmarking of cathode performance, particular when
it comes to high capacities and rates.

We regard the measured overpotentials of this study as suffi-
ciently low, also compared to the cathode potentials in Figure S11
(Supporting Information), to enable the independent evaluation
of solid-state cathodes for the tested current densities. However,
we anticipate that increasing rates will lead to substantial over-
potentials affecting this task (see Figure S4, Supporting Infor-
mation). During unidirectional galvanostatic measurements, we
consider overpotentials exceeding 100 mV to be concerning. This
becomes evident when comparing potential profiles. Significant
overpotentials of the CE during the end of charge and discharge
processes result in inaccurately referenced WE potentials. This
early termination of charging and discharging processes leads
to incomplete lithium utilization of the NCM cathode and ca-
pacity losses. Considering an overpotential of 100 mV results
in capacity losses of 0.4 and 20 mAh g for early-terminated
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Figure 9. Results of anode kinetic measurements during C-rate capability tests for In/Lig;cieq (left) and In/Licomposite (right), utilized as CE in 3E config-
uration (CE | LPSCl | NCM with lithiated Au-RE). The CE potential profiles (vs Li*/Li) are presented (one cell for each electrode type, measured at 25 °C

and 75 MPa).

discharge and charge processes, respectively. This is also indi-
cated in Figure S10 (Supporting Information). Therefore, appro-
priate preparation and selection of the CE with suitable kinetics
will enhance capacity retention and facilitate the accurate attribu-
tion of cathodic effects.

Tkezawa et al.l*!l reported similar overpotentials (=20 mV) for
stacked In-Li anodes in full-cell configuration and current den-
sities of #0.73 mA em™? (equivalent 1C in this case). However,
they did not provide further information on the Li:In ratio and
composition used but observed a significant early termination of
(dis-)charging processes, indicating inferior lithium utilization.
To the best of our knowledge, Nam et al.l'®! first utilized In-Li
composites, They reported overpotentials {>100 mV) at low cur-
rent densities of 0.11 mA cm™, and even higher overpotentials
(>500 mV) at current densities of 1.1 mA cm™. We attribute
these limitations to the low SE content (10-20 wt.%), insufficient
ionic percolation paths to deeper regions, and potentially differ-
ent electrode loadings. Yanev et al.** compared In-Li foils and
composites and reported overpotentials of up to 250 and 700 mV,
respectively, at current densities of 0.28 mA cm™2. However, they
noted the early termination of discharge due to increased over-
potentials of the foil anode at higher degrees of anode delithia-
tion, whereas it dropped to 20 mV for the composite type. Hence,
they consider the composite anode to be more suitable for higher
(dis-)charging rates. Concludingly, our results show significantly
lower overpotentials for both electrode types at similar or higher
(dis-)charging rates compared to reports in literature. However,
we could not observe superior kinetics for the composite type
used in our tests.

Comparing our results and the available reports in litera-
ture, we identify performance variations among electrodes pre-
pared in different laboratories. This is further complicated by
inconsistent rate testing, which can lead to misleading conclu-
siong and evaluations across different studies. We emphasize
the importance of establishing consistent fabrication and test-
ing protocols, particularly regarding the compositions (In:Li ra-
tio), testing rates, and capacities of In-Li anodes. This is crucial
for comparative analysis to better comprehend the mechanisms
and kinetics of In-Li electrodes and enhance their suitability
as CEs.
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Lastly, our objective is to investigate the volume changes of
both electrodes during repetitive galvanostatic cycling. Therefore,
we analyzed full- cells (CE | LPSC] | NCM) using an uniaxial
laboratory press equipped with an active pressure control. This
allowed us to maintain constant stack pressure independent of
the changes in cell stack thickness during cycling. We opted to
utilize NCM as CAM instead of zero-strain materials (such as
Li,Ti; O,,) to examine the chemomechanical reversibility of high-
voltage full-cells with a high-strain anode. The absolute volume
changes of In/(InLi), anodes clearly surpass those of NCM.[*”7l

Figure 10 depicts the recorded height changes Ah (top)
during galvanostatic cycling (bottom) at C/2 (equivalent to
~0.925 mA cm™?) for In/Li,, g (left) and InfLi 0. (right)
for the first five cycles. Unfortunately, continuous high-precision
measurements of height changes are hindered by variations in
room air-conditioning operation. Considering the height profiles
with stable background contributions of a few cycles, the high
chemomechanical reversibility observed for 40 cycles is remark-
able (shown in Figure S12, Section SH, Supporting Informa-
tion). Jin et al.**! suggested that porous anode microstructures,
evolving during stripping processes, may compensate for volume
changes in planar In-Li anodes for LIBs. In our case, the observa-
tion of pores and voids inside In/Li g pos (@8 shown in Figure 7)
indeed indicates a positive effect on reducing or stabilizing an-
ode height changes. Notably, this result motivates more system-
atic chemomechanical studies on the characteristics of composite
electrodes and the effect of stack pressure (in our case: 75 MPa),
potentially closing evolving pores. Consequently, the results of
cathode composite studies may support and expedite these efforts
for anode composites.l'?! For instance, Sakka et al.*®! investi-
gated the influence of pressure on the microstructure (i.e., poros-
ity, contact area, and tortuosity) concerning the electrochemical
properties of cathode composites.

Unfortunately, relative height changes (in respect to the ini-
tial electrode thickness) are difficult to quantify, especially for
the stacked electrode. Despite the background noise, we quan-
tified the absolute height changes by assuming 1D strain, which
is constrained by the cell casing. In the cathode composite, the
volume fractions of LPSCl and NCM are 61 and 39 vol.% (ne-
glecting carbon additives). Hence, a volume difference of 3%/*>1
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CEs in full-cell configuration (CE | LPSCI | NCM). The height change (Ah, top) and the corresponding full-cell potential profile (vs In/(InLi),, bottorn)
are presented for the first five cycles (one cell for each electrode type, measured at 25 °C and 75 MPa).

between charged and discharged states of NCM particles corre-
sponds to a maximal height change of Adyy = 0.4 um. If clearly
disturbed cycles (for 40 cycles in Figure S12, Supporting Infor-
mation) are neglected, the mean height differences (Ad, |; =
Adg — Adycy) of InfLig,qeq and In/Li,, o result as 3.98
(+0.21) and 4.09 (+0.20) pm, respectively, between charged and
discharged states. While these values differ from the theoretical
values (~2.6 um, calculated from crystallographic data),l’”! they
are in line with calculations (~3.9 pm) based on the experimen-
tal data of Koerver et al.’’] Apparently, with the setup used and
the resolution obtained, we did not observe clear differences be-
tween the two electrode types, even though the formation of pores
in the particle-based composite electrode could be observed pre-
viously. As discussed above, the applied stack pressure may have
affected the effective height change of each electrode type. These
results highlight the need for high-resolution dilatometry investi-
gations for more precise chemomechanical analysis of electrode
materials and composites.

Due to the high chemomechanical reversibility (=40 cycles,
Figure S12, Supporting Information), we anticipate that both In—
Li electrodes provide suitable chemomechanics for repetitive cy-
cling in full-cell configuration. The chemomechanical properties
of In-Li may even stabilize stack pressure and improve the overall
cell performance by counteracting the expansion and shrinkage
of NCM particles during cycling.!'>'1 We consider the changes in
height of ~4 um as small to moderate compared to the projected
thickness of an optimized SSB cell of 150 to 200 pm. However,
we suggest that volume changes need to be considered in the eval-
uation of the cell performance and chemomechanical properties,
as it will strongly depend on the type of electrode.

In summary, we observe high reversibility and sufficiently
fast electrode kinetics combined with consistent chemome-
chanical changes during cycling for the two In-Li electrode
types tested inside the two-phase eutectic In/(InLi),. High
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Coulomb efficiencies, low overpotentials, and predictable vol-
ume changes (tested at 1 mAh cm™, C/2) contribute to ac-
curate investigations for ongoing lab-scale studies at moder-
ate capacities, aiding in the advancement of solid-state cath-
odes. Nevertheless, both In-Li electrode types may require fur-
ther optimization to align with the (dis-)charge rates of state-
of-the-art batteries at 1C (=3.5 mA cm™) and with future
high-capacity cathodes. Therefore, the transport kinetics (i.e.,
overpotentials) and rate capabilities need to be adjusted, opti-
mized, and balanced as needed during the anode preparation
process.

Both types of electrode rely on the precise adjustment of com-
position (i.e., the molar ratio of lithium and indium metal),!*!
and further optimization may be achieved through systematic
variation of geometric parameters. Given its limited potential
for adjustment and optimization, we assess the transport kinet-
ics of InfLi, .4 as feasible, but only sufficient for modest test-
ing protocols at low to moderate rates and capacities. It is im-
portant to highlight the susceptibility to improper kinetics re-
sulting from the selection of different thicknesses for indium
and lithium metal. Based on our tests, we recommend using a
thickness of 100 um for both metal foils, with a smaller area
allocated for lithium metal. For advanced performance tests,
IN/Li, ypposite demonstrated its effectiveness in this study, exhibit-
ing slightly lower overpotentials and improved electrochemical
as well as chemomechanical reversibility to stabilize testing con-
ditions. This conclusion is further supported by the versatility
of the composite type to precisely adjust composition and ki-
netic performance to individual conditions, starting at a ratio of
60:40 wt.% for In/(InLi),:SE. These results are in good agreement
with the report by Yanev et al.l*¥ At this point it is important to
note, if complete delithiation occurs, a significant deterioration
of the composite structure was observed, which has a profound
impact on its properties.

© 2024 The Author(s). Advanced Energy Materials published by Wiley-VCH GCmbH
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Qur microstructural analysis of different In-Li anode types,
along with reports in the literature, underscores the critical
importance of selecting the appropriate types of In-Li anode,
understanding the challenges during anode preparation, and
recognizing the performance variations among electrodes pre-
pared by different researchers and laboratories. Therefore, this
emphasizes the necessity for comprehensive reports in litera-
ture, the specified preparation of In-Li anodes, and transparent
analysis.**>% Notably, solely stating the C-rate without provid-
ing the absolute capacity or current density decreases the effec-
tive (interlaboratory) comparability of reported values and results.
Furthermore, we agree with Aspinall et al.**l regarding the po-
tential of phase field modeling of the eutectic In/(InLi), to pro-
vide further insight into the effects of alloy inhomogeneity and
spatial lithium deficiencies on electrode kinetics and transport
properties. We anticipate that this will contribute to a more re-
fined microstructural understanding of each type of anode, com-
plement our experimental studies, and aid in the establishment
of appropriate preparation criteria and guidelines.

3. Conclusion

We compare seven In-Li alloy electrode types within the
In/(InLi), two-phase field to assess their suitability as electro-
chemically stable and reliable CEs in the investigation of lab-scale
solid-state cathodes. In doing so, we illustrate the specific chal-
lenges in preparing both planar and particle-based anodes, high-
lighting possible errors and the importance of interlaboratory
comparison. Through unidirectional galvanostatic experiments
we identified the most effective anode types, namely stacking
foils of both metals and a mixture of corresponding metallic pow-
ders and SE. Both demonstrated effective intermixing, high effec-
tive accessibility of lithium, and consistent potential profiles for
(dis-)charging rates up to 1.5 mA cm™? (equivalent to capacities of
1.5 mAh cm~2 at 1C). Dendrite formation was not observed, even
at high current densities of 5 mA cm™2. SEM and EBSD analy-
sis revealed additional insights in the underlying microstructure
and the influence of preparation parameters. When used in full-
cells, both anodes exhibited good reversibility and sufficiently fast
electrode kinetics as CE to facilitate ongoing lab-scale studies at
moderate capacities for the advancement of solid-state cathode
composites.

High Coulomb efficiencies, low overpotentials (tested at
~1 mAh cm™), and predictable volume changes contribute to
stable potential referencing and the accurate attribution of ca-
thodic effects in cathode studies. However, the In-Li electrodes
evaluated in this study may require further optimization in
terms of composition, microstructure and transport properties
to match the (dis-)charging rates of state-of-the-art batteries at
1C (~3.5 mA cm?) and future high-capacity cathodes. While the
stacked foil anode type is simple to prepare, it requires a reten-
tion period to ensure proper performance. Composites can be
easily tuned and balanced to meet specific requirements (i.e.,
favorable transport kinetics and high-rate capabilities). Our re-
sults highlight the need to optimize the microstructure of eutec-
tic electrodes to keep pace with the continuous improvement of
CAMs, SEs and solid-state composites. We emphasize the impor-
tance of using the knowledge gained from microstructural stud-
ies on cathode composites and studies of the In-Li system to ad-
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vance anode composites and other intermetallic lithium alloys,
respectively.

4. Experimental Section

All experimental procedures were carried out in an argon-filled glove-
box (LabMasterPRO, MBraun, Garching, Germany), with p{O,)/p and
p(Hz0)/p <1 ppm.

Preparation of In—Li Anodes: ~ Alloys were prepared in the two-phase eu-
tectic phase field In/(InLi),, which exhibits a constant potential of £ (vs
LiT/Li) = 0.62 V. In order to achieve comparable performance, every
alloying process was tested with 35 at% of lithium (corresponding to
Ing.gsLig3s or Iny_,/(InLi), with x = 0.55), which was centrally located in
the corresponding phase field.[') In this study, each prepared electrode
provides a lithiation capacity gy, iy, = 7 mAh cm™ and a delithiation ca-
pacity gy, gefitn = 8.4 mAh cm=2 within the In/(InLi), phase field. These ca-
pacities correspond to the initial masses of lithium (1.7 mg) and indium
metal (51.3 mg), respectively, and were maintained for each electrode type.
Figure Tillustrates each preparation method.

The first type of anode (referred to as “InfLig,..4") was prepared by
placing lithium foil (100 pm thickness, 6 mm diameter, 99.9 %, China En-
ergy Lithium, China) behind indium foil (100 um thickness, 9 mm diame-
ter, 99.999 %, ChemPUR, Germany) during cell assembly. This most sim-
ple preparation requires the complete dissolution of the lithium into the
indium foil, in order to approach the In/(InLi), two-phase state.

Direct alloying was tested by two mechanical mixing methods, simi-
lar to the works of Dugas et all’®l and Hennequart et al.[%] Lithium foil
was placed between two larger indium sheets and folded repeatedly. After
roughly three repetitions it turned dark and stiff, making further process-
ing difficult. Before each folding, the stack was compressed either by a hot
press (“In/Liesseq”) OF @ calander (“InfLigeq”) at 120 °C. Each result-
ing foil was then flattened to a thickness of =100 um and anodes with a
diameter of 9 mm were punched out.

In—Li anodes made out of powder were prepared by two different prepa-
ration methods. Lithium metal powder was synthesized by (droplet) emul-
sion using an in-house-built setup, as described elsewhere.l5" Indium
powder (=325 mesh, 99.99+ %, abcr, Germany) and lithium metal powder
were mixed for 15 min at 15 Hz using a Pulverisette 23 mini mill (Fritsch,
Idar-Oberstein, Germany) and three ZrQ, balls (5 mm diameter) to obtain
a homogeneous In-Li alloy powder (“In/Li o, 4e,"). Alloyed In-Li powder
(“In/InLipouder”) was obtained from melt by the same droplet emulsion
process. Therefore, the required amount of indium powder was added to
the inert medium (prior to lithium metal).

In—Li alloy composite anodes {“In/Licgmposite” @and “In/INLicgrmposice”)
were prepared from powders described earlier. Each alloy powder was thor-
oughly mixed with SE (LigPS5Cl) in aratio of 60:40 wt.% using a Pulverisetie
23 mini mill (Fritsch, Idar-Oberstein, Germany) in the same way as de-
scribed earlier. This corresponds to volume fractions of 64.4, 24.2, and
11.4 vol.% for LPSCI, indium, and lithium metal, respectively. Due to the
poor control of intermixing and subsequent shifts in local composition, it
was opted not to test composite anodes produced by grinding (to powder)
of mechanically-mixed anodes.

For current density calculations, an active (anode) area of 0.785 cm?
was assumed for the sake of simplicity. However, due to the smaller di-
ameter (9 mm) of foil anodes, this may result in slightly higher effective
current densities. In unidirectional stripping experiments, the active area
might also be further reduced in the case of In/Lig,..q anodes, as sug-
gested by the results in Figure 6 and Figure S5 (Supporting Information).

Cell Assembly and Electrochemical Characterization:  Lithium argyrodite
(LigPSsCl) SE (POSCO JK Solid Solution Co., Yangsan, South Korea)
was used as the separator material and in composites. It exhibited an
ionic conductivity of o, = 1.1 mS cm™" at 25 °C. Single-crystalline
LiNig g1Cog g7Mng1;0, and carbon nanofibres (CNF) were purchased
from MSE Supplies LLC (Tucson, USA), serving as CAM and carbon ad-
ditive, respectively. A NCM, LPSCI, and CNF mixture (60:37:3 wt.%) was
prepared by a Pulverisette 23 mini mill (as described earlier) and was used
as cathode composite for full-cell cycling.

© 2024 The Author(s). Advanced Energy Materials published by Wiley-VCH GmbH
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Each cell was prepared by pelletizing 80 mg of solid electrolyte as sep-
arator (=600 um thickness) in a polyether-ether-ketone casing (10 mm
diameter, equipped with stainless steel rods as contacts). Uniaxial pres-
sure of 380 MPa was applied for 3 min at room temperature. To improve
contact and densification, each anode and cathode composite was added
in advance to the compression step, while each In-Li foil (9 mm diame-
ter) was added afterward. For anode powders and anode composites 53
and 88.3 mg were used as WE, respectively. To ensure consistency, these
masses were adjusted to match the lithium capacity (and composition) of
the In—Li foils. For the measurement of the (time-dependent) potentials
of the different In—Li anodes, Li foil (100 um thickness, 9 mm diameter)
served as CE. For unidirectional galvanostatic experiments, “InfLig.q”
anodes were used as the CE due to their simple preparation. 12 mg of
cathode composite was used for galvanostatic cycling experiments in full-
cell configuration. For measurements of anode kinetics, the electrode po-
tentials were monitored separately during galvanostatic cycling using an
in-house-built 3E configuration.[2%] One Au-coated tungsten wire (25 pm
diameter) was centered inside a 160 mg separator layer before the densi-
fication process and served as basis for a p-RE, as reported by Hertle et
al.[?% For chemomechanical investigations during galvanostatic cycling,
CompreCells (rhd instruments, Darmstadt, Germany) were used and as-
sembled in the same way as described earlier. Here, 114 mg of LPSCl were
used due to the larger diameter (12 mm), while the masses and foil di-
mensions of electrodes remained unchanged.

If not stated otherwise, electrochemical measurements were carried
out at 25 °C using a Biologic VMP 300 potentiostat (BioLogic, Seyssinet-
Pariset, France) with a stack pressure of =30 MPa applied by external
frames. The OCV was recorded for 12 h to monitor the potential of the al-
loy anodes after preparation. For unidirectional galvanostatic experiments
(stripping), current densities of 0.5 mA cm=2 with cut-off potentials of
1V were used. Before each measurement, the OCV was monitored at
rest for Sh. For delithiation experiments at 0.5 mA cm~2, electrochemi-
cal impedance spectroscopy (EIS) with an amplitude of 10 mV was carried
out before and after applying the current. EIS was measured in a frequency
range from 3 MHz to 1 Hz. For galvanostatic cycling in full-cell configu-
ration, a series of C-rate capability tests were performed prior to initiating
continuous cycling at C/2. These tests included two cycles at C/20, as well
as tests at C/10, C/20, C/5, C/2, and 1C for one cycle. Full-cells were cycled
in the potential range of 2.0-3.7 V vs In/(InLi), and 2.6-4.3 V vs Li*/Li in
3E configuration. A stack pressure of 75 MPa was applied and for C-rate
calculations a theoretical capacity of 200 mAh g=! was assumed for NCM.
When employed, the p-RE initially underwent lithiation for a duration of
16 h, with a current density of 1.25 pA cm™2 (using the excess lithium
of the In—Li anode). Thereby, a layer of lithium metal was plated onto the
gold following a brief Au alloying step. This provides a stable reference po-
tential within the AuLi,/Li phase field (i.e., 0 V vs Li*/Li). The chemome-
chanics were investigated by recording the height change during galvano-
static cycling at C/2. Therefore, the uniaxial laboratory press CompreDrive
(rhd instruments, Darmstadt, Germany), equipped with a high-resolution
servo drive for active pressure control (set at 75 MPa in this case), was uti-
lized. For the calculation of corresponding volume ratios in the composite
cathode, bulk densities of LPSC| and NCM were assumed to be 1.86 and
4.71 g cm™3 (ICSD: 131109 and 34304), respectively.

EBSD and FIB-SEM Measurements: Large-area cross section of foil an-
odes were first cut by hand and then ion-polished at —110 °C under an inert
atmosphere using a triple ion beam cutter (EM TIC 3X, Leica Microsys-
tems, Wetzlar, Germany) equipped with three argon-ion guns. Operating
conditions were set to 7 kV, a current of ~2.5 mA, and a polishing time of
several hours.

Microstructural characterization was carried out using a Gemini SEM
560 high-resolution field emission SEM (Carl Zeiss Microscopy GmbH,
Oberkochem, Germany), equipped with a Symmetry 3 EBSD detector
(Oxford Instruments, Oxford, UK). The system was operated with the
Aztec 6.1 software package (Oxford Instruments, Oxford, UK). EBSPs
were recorded at an excitation voltage of 15 kV and a beam current of
3.3 nA. To achieve optimal pattern quality, exposure time, pattern aver-
aging, background correction, and shadow masking were carefully opti-
mized. Patterns were indexed using a Hough algorithm with a resolution
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of 60 and 11 bands, considering the phases: tetragonal indium (ICSD
53091, cubic InLi (ICSD 51960), and cubic lithium (ICSD 44367). For
mathematical data refinement, the AZtecCrystal software package (Oxford
Instruments, Oxford, UK) was used to perform wild spikes removal fol-
lowed by replacing zero solution with six neighbors and pseudo-symmetry
removal.

The morphology and structure of composite anodes was investigated
by means of FIB milling and SEM using a XEIA3 (Tescan, Brno, Czech
Republic). Therefore, pristine anode composites were compressed at
380 MPa beforehand, while stripped samples were investigated as a for-
mer cell stack. Forimaging the cross sectional area, a U-shaped trench was
milled into the surface and subsequently polished using a xenon plasma
ion source. Secondary electron and back-scattered electron SEM images
were recorded. In both investigations, sample transfer from the glovebox
to the vacuum chamber of the SEM was carried by using the transfer mod-
ule system EM VCT500 (Leica, Wetzlar, Germany) to prevent the reaction
with moisture and atmosphere.

Supporting Information

Supporting Information is available from the Wiley Online Library or from
the author.
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3. Results and Discussion

3.5. Sulfide Solid Electrolyte Degradation in Contact with Alloy
Electrodes and the Possible Influence of Metal Oxide Layers
(5" Manuscript)

This study contributes to a manuscript (currently in preparation) on indium thin films as al-
loying interlayers in RFCs, with a particular focus on interphase growth. The electrochemical
investigations are intended to guide operando XPS studies aimed at revealing the interphase
composition for In—Li electrodes. While the results are preliminary and require further inves-
tigation, findings suggest that film morphologies and metal oxide layers on CC surfaces need
to be considered when assessing SE degradation at metal|SE interfaces.

To investigate the degradation of LPSCI in contact with In/(InLi)x electrodes, indium thin
films were prepared by thermal evaporation. XPS analysis confirmed the phase purity and
surface passivation, while SEM imaging revealed the film morphology and structure. CTTA
experiments successfully quantified SEI growth, revealing a reduced degradation of LPSCI at
at Ey = 0.62 V vs. Li'/Li of In/(InLi)x compared to pure lithium metal. However, metal oxide
layers (i.e., In203) and non-uniform film morphologies are expected to affect the observed
results and interpretation toward interphase growth. Moreover, the Wagner diffusion model
was refined to consider the higher £y of lithium alloy electrodes to accurately assess the re-
spective SEI rate constant.

The findings provide initial insights into SEI formation at alloy electrodes with higher Ey,
underscoring that interphase formation at metal and alloy surfaces remains a significant chal-
lenge, limiting the viability of SSBs. Additionally, results emphasize that previous studies
have often overlooked the presence and influence of metal oxide passivation layers and es-
tablished a basis for operando XPS studies to track SEI formation and its composition.

The experimental details can be found in Chapter 7.5.i. The experiments presented in this
publication were designed and executed by the first author, supported by B. Aktekin and under
the supervision of J. Janek. The sample preparation was performed by J. Westphal under su-
pervision of the first author and B. Aktekin. J. Westphal performed the XPS measurements,
while the first author assisted in the corresponding data analysis. S. L. Benz and B. Aktekin
supported the analysis of XPS data and assisted with scientific discussion.
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Sulfide Solid Electrolyte Degradation in Contact with Alloy Electrodes and the Possible
Influence of Metal Oxide Layers

Christoph D. Alt*?, Johannes Westphal®®, Burak Aktekin®?, Sebastian L. Benz®?, and Jurgen Janek?®”

AInstitute of Physical Chemistry, Justus Liebig University, Heinrich Buff Ring 17, 35392 Giessen, Ger-

many

®Center for Materials Research, Justus Liebig University, Heinrich Buff Ring 16, 35392 Gies-sen, Ger-

many
*corresponding author: juergen,janek@pc.jlug.de
Abstract

Interphase studies in the literature predominantly focus on the Lilelectrolyte interface, while degradation at higher electrode
potentials is often considered less critical to solid-state battery performance. Despite the high cost and weight limiting the
broader adoption of In—Li alloy electrodes, the In/(InLi)x system has proven to be reliably used in battery research. However,
interphase formation at this electrode interface remains poorly understood. This study addresses both the practicality and
interfacial behavior of indium current collectors by investigating thermally evaporated indium metal for potential use in
reservoir-free solid-state batteries. Lithiation of the indium thin films, initiating interphase formation by reducing the elec-
trode potential, was analyzed via coulometric titration time analysis, as interphase growth remains a major challenge in
realizing practical reservoir-free configurations. Thus, electrochemical measurements quantified interphase formation on
In/(InLi)x electrodes and the associated charge consumption attributed to interfacial reactions, using a modified Wagner
diffusion model. Furthermore, this work highlights the often-overlooked role of native metal oxide layers, particularly In20s,
in influencing interphase kinetics and composition. The findings offer new insights into solid electrolyte degradation with
alloying materials, operating at higher electrode potentials than lithium metal, and shed light on the crucial goal of interphase
stabilization in both conventional as well as reservoir-free solid-state batteries.

Results and Discussion deposition of dense, uniform films. and the resulting

o rate constant, respectively.
Thin indium layers (100 and 250 nm) were thermally

evaporated onto stainless-steel discs under dynamic Prior to conducting CTTA experiments, the phase purity
vacuum (p < 1076 Pa). Thinner layers (e.g., 10 nm) were and surface chemistry of the indium thin films (shown
also tested, but exhibited poor coverage and film qual- in blue in Figure 2) were first analyzed using surface-
ity, so they were not further investigated. Figure 1 de- sensitive X-ray photoelectron spectroscopy (XPS). The
picts the surface morphology of 250 nm thick indium results were compared to a 100 pm thick indium foil and
films, revealing a rough and non-uniform texture result- bulk indium reference. The latter was also tested in
ing from numerous nucleation sites. Thus, island-like CTTA experiments.

growth with a nanoparticle size ranging from 50 to
100 nm was observed. Such growth could be attributed
to the high surface tension of indium metal during dep- the films are partially oxidized, possibly due to a reac-

osition.* * However, post-process annealing did not lead tion with residual oxygen in the deposition chamber or
to a smoother, more uniform morphology. Therefore, glovebox environment, leading to the formation of
this could have additional implications in coulometric In20s. Plasmon loss features, indicated by black arrows
titration time analysis (CTTA) experiments (discussed in the In 3d spectra, simultaneously confirm the pres-
below) and may even limit the use of thin indium layers ence of indium metal at the surface. Interestingly, the
in reservoir-free cells (RFCs) due to their deposition observed nanoparticle size in Figure 1 closely matches
characteristics and resulting poor film quality. Electro- the finding of Ho et al.# for In20s layers on platinum
deposition of indium, which could not be tested in this discs. As expected, the commercial indium foil showed
study, presents an alternative approach facilitating the clear signals of a native In,0s layer likely due to fabri-

cation and storage in air.

The analysis revealed that the indium films show high
phase purity, with no contamination detected. However,
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Figure 1. Scanning electron microscopy images of evaporated indium films (250 nm), revealing the surface morphology.
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Figure 2. Normalized In 3d (left) and survey (right) spectra of indium thin films (250 nm thick) on stainless-steel discs and
100 pm indium foil used in CTTA experiments (Figure 3). A reference for bulk indium (i.e., a sputter-cleaned indium foil) is
shown in gray. Signals were identified according to reference 5. Plasmon loss features indicated the partially passivated

surface of indium films.

In the early 2000s, In203 (and other metal oxides) were
extensively studied as a promising negative electrode
(i.e., anode) material for lithium-ion batteries due to its
high theoretical capacity (965 mAh g') and well-estab-
lished production technologies from other tech sec-
tors.*67 However, it has received little attention in both
the development of solid-state batteries (SSBs) and
studies of solid-electrolyte interphase (SEI) formation at
In—Li electrodes. As a result, recent studies might have
mistakenly attributed In203 signals to the formation of
InxSy compounds at the interface between In/(InLi)x and
LisPSsCl (LPSCI) in post-mortem XPS analysis.®® Ini-
tial findings from our operando XPS study (not in-
cluded here), however, suggest the formation of Li2S,
consistent with reports by Huang et al.°.

It is commonly assumed that interphase formation is
minimized when the electrode potential is close to the
electrochemical stability window of the respective solid
electrolyte (e.g., LPSCI). Consequently, SEI formation
is often not considered when using high-potential elec-
trodes (Ey >0V vs. Li*/Li), such as lithium alloys.
However, no comprehensive studies have been reported
on quantifying and tracking SEI growth for lithium al-
loys. Therefore, the prepared indium films and reference
foils were lithiated in small lithiation steps during
CTTA experiments to investigate interphase growth at
the In/(InLi)x|LPSCI interface. Furthermore, this study
may serve as a representative analysis of lithium alloys
in SSBs and RFCs, highlighting substantial solid elec-
trolyte (SE) degradation at elevated potentials and asso-
ciated challenges in developing practical RFCs.
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The results of the CTTA experiments are presented in
Figure 3, with the stainless-steel reference (taken from
Figure 5 of this doctoral thesis). The accumulated
charge (g5), which represents the consumption of active
lithium through side reactions, is plotted against t (Fig-
ure 3A) and t% (Figure 3B). Following an initial alloy-
ing and possibly native oxide reduction phase of In203
(at potentials below 1V vs. Li'/Li)® — most evident in
the 100 pm indium foil — the lithium consumption ex-
hibited linear trends in Figure 3B for each sample. This
indicates a diffusion-controlled degradation process
consistent with the Wagner diffusion model. Addition-
ally, the results revealed that the degradation process is
suppressed at 0.62 V vs. Li'/Li, as g, for the stainless-
steel reference (shown in green) was significantly
higher than that of the commercial 100 pm indium foil.
However, it was also observed that the charge consump-
tion of the prepared indium thin films, for both thick-
nesses of 100 and 250 nm, was higher than that of the
100 pum indium foil.

In the following discussion, three key aspects must be
considered when analyzing the CTTA results, highlight-
ing open questions that should be applied to other sys-
tems and explored in future research. Those aspects are
summarized in Figure 4.

The suppressed interphase formation (see Figure 4A)
can be explained using the Wagner diffusion model. Re-
visiting eg. 4 (in Chapter 2.2.ii. of this doctoral thesis),
the degradation reaction is driven by the chemical po-
tential gradient of lithium (Vy,.). However, at higher

electrode potentials (e.g., £y = 0.62 V vs. Li*/Li), this
gradient is lower, leading to reduced material consump-
tion and slower interphase growth. By introducing a
new parabolic rate constant (£"), the respective electrode
potential (Ey) is considered to describe the degradation
reaction and interphase growth at alloy electrode inter-
faces:

2 M. .- 0. 0;
dz\/ . int el ion

2. .
F Pint " XLi Oel T Oion

(eq. 1)
v (Bui — F - Ey) -t
=k" -\t
with F, p. . X1i, Ming, Gion, el @nd t being the Faraday
constant, the mean density of the interphase, the stoichi-
ometric factor (moles of the lithium metal required for
the stoichiometric decomposition), the mean molar
mass of the interphase, the ionic and electronic partial
conductivity, and the reaction time, respectively. Here,
the reaction driving force (i.e., Ay, ) is reduced by the
product of F and Ey;, which accounts for the higher elec-
trode potential, as given by . (electrode) = ,ugi +F-
Ey. Consequently, Aw,, — F - Ey equals approximately
100 kJ mol™! for In/(InLi)x with Ey = 0.62V (vs.
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Li*/Li), leading to a reduced parabolic rate constant. In
this context, it is assumed that the properties of the prod-
uct phases remain unchanged compared to those formed
with lithium metal electrodes.

However, the lower slope observed in Figure 3B could
also be attributed to a lower effective o, of the inter-
phase, suggesting a shift in composition different from
the assumed one for lithiated LPSCI. Consequently, the
slope could be analyzed through linear fitting to esti-
mate £" in eq. 1, as was done in the first publication of
this thesis. However, these approaches require precise
knowledge of the interphase composition to accurately
estimate SEI thicknesses from g, — based on the specific
degradation reaction and the density of product phases.
This challenge motivated the effort to conduct operando
XPS measurements, as recent reports remained incon-
clusive regarding SEI  composition at the
In/(InLi)x|LPSCI interface.

Assuming no involvement of indium as a reactant, the
interphase thickness can be estimated using gy, in Figure
3B, yielding parabolic rate constants ranging from £" =
0.25 nm-s™% to k = 0.46 nm-s > for the 200 pm indium
foil and the stainless-steel reference. If o;,, > o, Of the
degradation layer, these values correspond to an effec-
tive o, of 8.4 pS cm™' for the 100 um indium foil and
of 18.2 pS cm™! for the stainless-steel reference, as de-
termined by eq. 1 (and eq. 12 of this doctoral thesis for
stainless-steel). Since this indicates only a slight varia-
tion in o, the results are inconclusive regarding poten-
tial compositional changes involving indium as a reac-
tant. However, the findings indicate that such reduced
k" or o, remain too high to mitigate the detrimental con-
sequences of SEI growth at the cell-level, as outlined in
the guidelines established in the first publication of this
thesis.

In the second publication of this thesis, it was demon-
strated that the active contact area plays a crucial role in
impedance experiments for tracking SEI growth, high-
lighting potential pitfalls for misinterpretation. While
this study focused on EIS data analysis, its key findings
can also be applied to tracking charge consumption in
CTTA experiments. In addition to possible shifts in
composition and properties, an increased contact area
(as recently reported by Sivavec et al.1, depicted in Fig-
ure 4B) may account for variations in observations. The
higher charge consumption of indium thin films can
likely be attributed to their rough and porous morphol-
ogy (see Figure 1). This, in turn, accelerates material
consumption in CTTA measurements due to larger con-
tact area.

Lastly, metal oxide surface layers, such as In.Os (an n-
type semiconductor with an electronic bandgap energy
above 3 eV), must also be considered (see Figure 4C).
Aktekin et al.'? unveiled that commercial LPSCI con-
tains a considerable amount of residual oxygen, which
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Figure 3. The consumption of active lithium through side reactions (i.e., SEI formation) shown as accumulated charge (q,)
in In/(InLi)x|LPSCI|In cells during CTTA experiments, plotted against t (A) and t°° (B). Titration parameters are detailed in
the SI. The data for a stainless-steel disc as working electrode is shown in green as reference for degradation in contact with

lithium metal.

Electrode Potential

Film Quality

Formation of Li,O

Figure 4. Reduced SEI formation due to the higher potentials of lithium alloy electrodes (A), the increase in charge consump-
tion and SEI growth caused non-uniform indium films and increased active area (B), and the influence of metal oxide layers

forming Li20 (eq. 2) during lithiation (C).

could further oxidize indium surfaces, even when fabri-
cated under an inert atmosphere.

Furthermore, the (ir-)reversible reaction of In20z to
Li2O during lithiation has been reported (eg. 2).4613
Similar observations have also been reported for tin and
copper oxides, 1416

In,0; +6Lit+6e” - 2In+ 3Li,0 (eq. 2)
On the one hand, electrochemically active metal oxides
could contribute to lithium consumption in CTTA ex-
periments. On the other hand, lithium oxide could — at
least theoretically — serve a protective role by passivat-
ing the interface and reducing the effective o, at the in-
terface (as approximated from Figure 3B). As a wide
bandgap material (approximately 8 eV), Li2O may pas-
sivate the interface, mitigate lithium metal consumption
at the SE interface, and therefore decrease the degree of
SE degradation. Tests with post-deposition oxidized in-
dium thin films (i.e., exposed to ambient conditions for
8 days to complete In203 formation and passivation)

showed reduced charge consumption in CTTA experi-
ments (see Figure S1 of the Supporting Information —in
Chapter 7.5.ii. of this thesis), suggesting a possible pas-
sivating effect of In203 and Li20. Unfortunately, detect-
ing the conversion of In203 to Li20 in (operando) XPS
studies presents challenges, as the interface is usually
buried within the cell and corresponding binding ener-
gies in the O 1sand Li 1s spectra overlap with each other
or with Li2S, making clear identification difficult.*®

Conclusion

Focused on interphase growth at the In/(InLi)x elec-
trode, this study addresses a key challenge in developing
practical RFCs. The findings highlight difficulties in
achieving a uniform indium film morphology. Moreo-
ver, factors such as the contact conditions and the reduc-
tion of metal oxides (e.g., In203) on metal surfaces were
identified to influence CTTA measurements. Neverthe-
less, the study demonstrated that CTTA measurements
can be effectively applied to (thin) alloying materials
and quantification of interphase growth. Using a modi-
fied Wagner diffusion model confirmed a reduced
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degradation of LPSCI in contact with In/(InLi)x elec-
trodes (compared to lithium metal). However, despite
the higher electrode potential being closer to the ESW,
interphase formation is still suspected to compromise
the long-term viability of such RFCs.

Although CTTA results highlighted that previous stud-
ies have often overlooked the impact of metal oxide sur-
face layers (e.g., In203), these findings offer initial in-
sights into interphase formation at passivated alloying
interlayers. Therefore, further investigation is needed to
understand such SEI growth, including the underlying
chemical reaction mechanisms, the role of metal oxide
surface layers, and their potential conversion into low
electron-conducting interlayers, such as Li2O. There-
fore, these combined findings provide a comprehensive
understanding to inform operando XPS experiments fo-
cused on interphase composition, and the evolving spe-
cies at alloying interlayers.
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4. Conclusions

While substantial progress has been made toward the commercialization of SSBs, critical
challenges at electrode|SE interfaces demand focused attention. This doctoral thesis makes a
significant contribution to the understanding of intrinsic degradation processes. It provides a
fundamental basis for accurate interphase growth predictions and future stabilization strate-
gies aimed at controlling interphase formation and mitigating its impact on SSB performance.

Therefore, this work delivers novel insights into the transport properties and growth kinetics
of degradation layers in sulfide SEs, emphasizing their detrimental effects on cell operation.
The experimental assessment of interphase growth, combined with a comprehensive investi-
gation of the electronic properties in solid lithium-ion conductors, increases the accuracy of
long-term predictions for interphase growth and associated resistance increase. In addition,
this work explored the integration of alloy electrodes (specifically, the In—Li alloy system)
with a focus on preparation, resulting microstructure, and associated SE degradation.

RFCs require the efficient utilization of active lithium (i.e., Coulomb efficiency near 100%),
with the gradual degradation of SEs contributing to capacity fading. To address the limitations
of conventional methods, a novel approach was introduced to determine the bulk-material
partial conductivities of reduced sulfide SE, establishing a basis for quantifying interphase
growth. By applying the Wagner diffusion model, the quantified transport properties enabled
the effective modeling of diffusion-controlled interphase kinetics at the Li|LPSCI interface.
The findings emphasize the detrimental impact of SE degradation, which increases the cell
resistance drastically and compromises the viability of conventional SSBs and RFCs. Thus,
while enhancing the modeling of SEI transport properties, design guidelines were established
to support the stabilization of interphase growth through precise control of both o;,, and o;.

Time-resolved experiments (e.g., EIS and CTTA) are frequently combined with the Wagner
diffusion model for extracting interphase rate constants in SSBs. Thus, their reliability to
solid|solid interfaces has been examined through 3D transport simulations of microscopic dif-
fusion-controlled interphase growth. Factors such as current constriction at the interface, com-
plex contact conditions, or partially passivated interfaces influence the cell's impedance re-
sponse. Therefore, these aspects must be considered in data interpretation to avoid overesti-
mating reaction kinetics or misattributing deviations from the expected time dependence. In
conclusion, a detailed understanding of the electrode|SE interface morphology and contact
condition is essential for improving interphase growth predictions in SSBs (e.g., for the Wag-
ner diffusion model combined with time-resolved experiments like CTTA and EIS). This
highlights the practical relevance of the bulk-material synthesis developed in the first publi-
cation for reliably estimate rate constants and interphase growth with improved accuracy.

Moreover, the electronic properties of individual interphase constituents must be considered,
as they influence interphase rate constants via o, and are essential for improving the predic-
tive accuracy. Thus, a comprehensive study was conducted, incorporating fundamental
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derivations and precise testing protocols from a defect-chemical perspective to systematically
evaluated o, of relevant lithium halides (LiX, with X = CI, Br, or I) using Hebb-Wagner-type
measurements. This approach effectively decoupled electronic charge carrier contributions
(i.e., electron and electron hole conduction), demonstrating that o, varies substantially across
the investigated range of lithium activities. By addressing the partial electronic transport prop-
erties of lithium halides, their impact on interphase kinetics, formation, and resulting proper-
ties is revealed. Furthermore, the critical importance of evaluating the electronic properties of
lithium-ion conductors and their impact on SE degradation is emphasized.

The final section of this doctoral thesis is focused on the investigation of alloy electrodes,
specifically the In/(InLi)x eutectic, where reduced SE degradation is anticipated compared to
LMEs. However, careful preparation of In/(InLi)x electrodes is crucial and the gradual degra-
dation of LPSCI at 0.62 V (vs. Li'/Li) for the In/(InLi)x electrode requires further research.

Through a systematic study of planar and composite electrode structures, the impact of prep-
aration on electrode microstructure and, consequently, on electrode performance is revealed.
One key finding is that conscious fabrication protocols are crucial for improving electrode
kinetics. Therefore, proper control of the electrode's microstructure is essential to prevent cur-
rent constriction at the In/(InLi)x/SE interface, ensuring reliable performance at high rates and
comparability between research labs. Gained insights advance In—L.i electrode processing and
the accurate benchmarking of high-capacity solid-state cathodes.

While interphase studies have mostly focused on the Li|SE interface, this doctoral thesis pro-
vides fundamental insights into SEI growth for alloy electrodes, gained through electrochem-
ical titration experiments conducted on indium thin films. By tracking the consumption of
active redox species, a significant degradation of LPSCI at 0.62 V (vs. Li"/Li) was observed.
SEM and XPS analyses revealed key challenges associated with integrating indium thin films
into RFCs. These challenges — such as film morphology and the reactivity of surface metal
oxides (e.g., In203) — must be considered during data interpretation. As a result, it was em-
phasized that alloying interlayers do not completely inhibit, but effectively minimize SE deg-
radation, which remains a major challenge hindering the viability of RFCs. The findings pro-
vide a systematic understanding for operando XPS investigations focused on the composition
of the corresponding interphases at alloy|SE interfaces.

Overall, this doctoral thesis enhances the knowledge and understanding of material compati-
bility and degradation processes in SSBs. Interphase formation is examined from multiple
perspectives toward its growth kinetics. Conventional physicochemical concepts were revis-
ited and combined with novel approaches to determine (electronic) transport properties of
lithium-ion conductors, while also addressing potential pitfalls in data interpretation. The
scope is extended to lithium alloys, their microstructure, and the corresponding SE degrada-
tion at respective electrode potentials. The combined findings improve the accuracy of ana-
Iytical models for the prediction of performance decay in SSBs due to interphase growth and
emphasize the need for thorough assessments of effective stabilization strategies.
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Material incompatibility and SE degradation remain critical barriers to the viability of both
conventional SSBs and RFCs. Evolving interphases significantly increase cell resistance, de-
plete active materials, and impair capacity retention. Despite extensive research, no effective
strategy has yet been reported to effectively minimize SEI formation, posing a major challenge
to the large-scale implementation of high-capacity electrodes.

This doctoral thesis was focused on improving analytical models to predict interphase growth
and performance decay in SSBs. To this end, transferable experimental approaches were de-
veloped to complement established concepts and assess transport properties, particularly oy,
in relevant solid ion conductors and interphases. The findings reveal substantial interphase
growth kinetics and inform future investigations, deepening the understanding of interphase
dynamics in SSBs. Ultimately, the conceptual understanding developed in this thesis provides
a strong foundation for addressing the remaining challenges in controlling degradation pro-
cesses across various battery chemistries, paving the way toward realizing the anticipated ben-
efits of SSBs. Key remaining challenges and gaps in understanding include: (i) Protective
Concepts at the metal|SE interface, (ii) Microstructure and Spatial Distribution of Phases
within Interphases, and (iii) Transfer to Cathode Materials and Other Battery Chemistries.

i. Protective Concepts at the metal|SE interface

Most practical inorganic SEs are thermodynamically unstable in contact with alkali metals
due to their limited ESW. Therefore, protective strategies are necessary to protect susceptible
SEs from the low potential of negative electrodes, as demonstrated in the first publication of
this doctoral thesis. Two key stabilization concepts have emerged to mitigate SE degradation
at the metal|SE interface: (a) artificial interlayers applied between the components and (b)
modified SEI compositions. The first approach limits alkali metal deposition at the SE inter-
face by maintaining low o, while requiring high o;,, to minimize resistance and preserve cell
performance. Here, native oxide layers (i.e., Li20, as studied for indium interlayers) represent
only an initial step toward utilizing protective interlayers. The second approach involves
chemical engineering to control the composition of the forming interphase, ensuring favorable
multiphase properties to sustain optimal cell performance. Therefore, guidelines were estab-
lished in the first publication and theoretical studies and calculations should support these
efforts.1%8170 Additionally, recent studies have introduced the concept of fully reduced SEs
with sufficient a,,,, presenting another potential route toward stable metal|SE interfaces. 145146

As discussed in Chapter 2.3.ii., the o, of SEs (< 1078 S cm™) is believed to compromise the
electrochemical stability of inorganic SEs, potentially accelerating SE degradation. Therefore,
a comprehensive examination of the electronic properties of relevant SEs — as explored in the
third publication of this doctoral thesis — could provide insights to effectively control o, mit-
igate degradation processes, and enhance the lifetime of SSBs. LiPON SEs, in particular, are
of interest due to their extremely low o, and slow interphase growth rates, providing valuable
insights to target potential stabilization strategies.
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Ii. Microstructure and Spatial Distribution of Phases within Interphases

The bulk-material synthesis approach from the first publication introduced a transferable
method to determine effective transport properties and partial conductivities of interphases,
enabling accurate estimation of interphase rate constants. However, to develop effective sta-
bilization strategies, it is also crucial to gain additional knowledge about the microstructural
composition and morphology of interphases. Here, especially the chemical environment of
phosphorous is of particular interest, initiating the degradation reaction. Sophisticated tech-
niques such as high-resolution transmission electron microscopy, operando X-ray computed
tomography, and nuclear magnetic resonance could provide further understanding of the mi-
crostructure and composition of interphases. Although these approaches are complex and
time-intensive, they may also offer new insights into interphase growth mechanisms. Conse-
quently, the results from CTTA measurements in the fifth publication informed operando XPS
studies, enabling the identification of interphase composition in lithiated LPSCI in contact
with In/(InLi)x. Such insights drive advancements in the chemical engineering of stabilization
strategies and help to establish selection protocols for artificial interlayers.

Thus, so far, only preliminary observations and suggestions have been made in the literature
to mechanistically explain the conduction pathways across multiphase degradation layers in
SSBs. As a result, the identification of preferential electronic percolation pathways within the
interphase microstructure remains largely speculative, with only initial hypotheses regarding
the underlying growth mechanisms. For instance, Burton et al.**® suggested that a lithiation
gradient of phosphorus species influences and promotes SEI formation.

iii. Transfer to Cathode Materials and Other Battery Chemistries

The second publication demonstrated that interphase rate constants derived from EIS or
CTTA are strongly influenced by complex contact conditions in solid-state systems. In con-
trast, the introduced bulk-material synthesis offers a broadly applicable alternative to estimate
interphase rate constants. Its applicability to other materials in future research was demon-
strated by Mandal et al.?®®, who extended it from sulfide to halide SE. Additionally, while
numerous studies focus on alkali metal electrodes (e.g., in symmetrical cells), research on
alloy materials remains limited. The presented study on the In—Li alloy system offers a sys-
tematic approach using CTTA measurements to investigate interphase formation transferable
to various alloy|SE interfaces, including those with silicon alloy electrodes. Degradation on
the cathode side also contributes to performance losses in SSBs, which is particularly critical
for RFCs and necessitates detailed investigations into degradation processes related to CAMs
and triple-phase boundaries. Through the comprehensive application of the Hebb-Wagner
method, as analyzed and derived in the third publication, design rules for MIECs as catholytes
in solid-state sulfur cathodes could be established.

Finally, gained understanding along with the presented investigations and perspectives should
be extended to other solid-state battery systems, such as sodium- or potassium-based chemis-
tries and their alloys, which encounter similar challenges related to material incompatibility.
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7. Appendix

A: Scanning Electron Microscopy Images of Lithium Metal Powder and Particle Size Distribution

Figure S1: SEM images of single lithium metal powder particles, related to Figure 1. A) After the
preparation process, B) and C) after additional Focused lon Beam (FIB) cutting. The observed lithium
metal particles exhibit nearly perfect sperical shapes, while being dense. B) and C) show curtaining
effects and redeposition resulting from FIB sputtering, respectively.
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Figure S2.: Particle size distribution of the synthesized lithium metal powder particles, related to
Figure 1. The size of individual particles was determined by reviewing the size of 160 particles in SEM
images. The mean size (dso) is (42.5 + 14.2) pm.
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7. Appendix

B: Additional SEM Images of bulk-SEIl Particles for Morphology Analysis

Figure S3: Morphology analysis of bulk-SEI particles, related to Figure 1. SEM images of the
synthesized bulk-SEl of different particles at different magnifications.
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7. Appendix

C: Reference Measurements of Lithium Metal Powder, LisPSsCl and Their Mixture (Serving as
Precursor) for XRD Analysis
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Figure S4: X-ray diffraction pattern of the synthesized lithium metal powder, identified by ICSD:
44367, related to Figure 2. No traces of other chemical substances are detected. However, we suspect

passivation of the particle surface. The interfering background in the 20 range of 17 — 23° is caused by
the polyimide cover.
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Figure S5: X-ray diffraction pattern of the commercial LisPSsCl material (ICSD: 259205), and the
corresponding Rietveld refinements, related to Figure 2. One minor residual (3 wt%) of LiCl (ICSD:
52235) is identified, and we suspect remains of amorphous LizS (*) for the discrepancy at ~ 26.5°. w, a,
Rw, and GOF are the mass fraction, lattice constant, weighted profile R-factor and gocdness of fit,
respectively. The interfering background in the 208 range of 17 — 23° is caused by the polyimide cover.
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Figure S6: X-ray diffraction pattern of the precursor material for the heat treatment, and the cor-
responding Rietveld refinements, related to Figure 2. Reflections of LiCl (2 wt%, ICSD: 52235) and
probable residuals of amorphous LizS (*) can be attributed to the impurities in LPSCI (compare Figure
S4). However, this primarily suggests that there are only minor indications of a reaction, as evidenced
by clear reflections of the initial constituents LisPSsCl (ICSD: 259205) and lithium metal (ICSD: 44367).
w, a, Rwpy and GOF are the mass fraction, lattice constant, weighted profile R-factor and goodness of
fit, respectively. The interfering background in the 26 range of 17 — 23° is caused by the polyimide cover.
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Figure S7: Magnified X-ray diffraction pattern (raw data) of the synthesized bulk-SEl in the range
of 40° to 62°, related to Figure 2. Reflection positions of Li2S (ICSD: 196932), LisP (ICSD: 26880), and
LiCl (ICSD: 52235) are indicated. Arguably, slight intensity increases can be seen at positions of LisP,

especially at 43.4°, 47.9°, 51.0°, and 54.3°, and shoulders to reflections of Li=S and LiCl at 49.4° and
55.4°.
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Figure S8: Comparison of X-ray diffraction pattern of LisPSsCl, precursor mixture, and synthe-
sized bulk-SEIl (raw data), related Figure 2. We suspect remains of amorphous Li2S (*) for the dis-

crepancy at ~ 26.5° for the precursor, which can be attributed to the impurities in LPSCI (compare Figure
S4).
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D: Depth-Profiling XPS Measurements of Lithium Metal Powder

7. Appendix
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Figure S9: Depth-profile X-ray photoelectron Li 1s, C 1s and O 1s spectra of the synthesized
lithium metal powder, serving as synthesis starting material, related to Figure 3. The analysis of
these spectra unveiled a progressive reduction in surface passivation species (such as LiOH, Li20,
lithium carbonate, carbon species) and a simultaneous increase in the signal attributed to lithium metal
(i.e., at 52.8 eV and the distinct plasmon-loss features at ~ 60 eV) as the depth-profiling and sputter time
increased. This demonstrates the high purity of the lithium metal powder underneath a thin passivation
layer. However, the thickness of the passivation layer has not been quantified. It is important to note
that species like Li-C and Li2O may form as a result of sputter damage. Depth-profiling parameters are
described in the Supplemental Experimental Procedures section. The initial sputtering sequence, lasting
one minute at a reduced sputtering voltage of 0.5 kV, was not considered when labeling the sputtering

times.
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E: Additional X-ray Photoelectron Spectra of the bulk-SEl and Quantitative Analysis
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Figure $10: Depth-profile X-ray photoelectron Li 1s spectra of the synthesized bulk-SEl, related
to Figure 3. Neither a Li? peak (at 52.8 eV) nor plasmon-loss features (at ~ 60 eV) were observed. It's
important to note that ratios of both observed peaks may shift as a result of sputter damage. Depth-
profiling parameters are described in the Supplemental Experimental Procedures section.
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Figure S11: Quantitative analysis of the synthesized bulk-SEl was performed for each spectrum
with the assigned surface species, related to Figure 3 and Figure S12. It should be noted that no
sputtering step was performed prior to measurements (i.e., for surface cleaning purposes) in order not
to induce any sputter damage. Therefore, a considerable contribution (i.e., atomic fraction) arises from
surface contaminations (e.g., CC—-CH species).
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Figure S12: Additional X-ray photoelectron O 1s, C 1s, and Cl 2p spectra of the synthesized bulk-

SEl, related to Figure 3.
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F: Reference Measurements of Li;P and LisPSsCl for XPS Analysis
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Figure S13: X-ray diffraction pattern of the synthesized LisP material (ICSD: 26880), and the cor-
responding Rietveld refinements, related to Figure S14. Reflections of LisP (98 wt%, ICSD: 52235)
and Li20 impurities (2 wt%, ICSD: 60431) are identified. The synthesis of LisP is described in the Sup-
plemental Experimental Procedures section.
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Figure S14: X-ray photoelectron P 2p spectra of the synthesized LizP material, related to Figure 3.
LisP and two reduced phosphorous species (lithium polyphosphides LixP) as well as oxygenated phos-
phorous species (P-0) are identified. Li\P and P-O may result from reaction with trace amounts of
oxygen and moisture during storage, transfer, or measurement, highlighting the high reactivity of LisP.
The synthesis of LisP is described in the Supplemental Experimental Procedures section.
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Figure $15: X-ray photoelectron Li 1s, S 2p, P 2p, O 1s, C 1s, and CI 2p spectra of the commercial
LisPSsCl material, serving as synthesis starting material, related to Figure 3.
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G: Additional EDX Mappings of LigPSsCl and the bulk-SEI

Figure S16: Comparison of EDX element mappings of LicPSsCl particles, serving as synthesis
starting material, related to Figure 4. EDX element mappings were recorded at 8 kV for the elements
sulfur, phosphorous, chloride, and oxygen. Areas with elevated concentrations of each element are
found, represented by the corresponding Ka1 lines.

Figure $17: Comparison of EDX element mappings of one synthesized bulk-SEl particle, related
to Figure 4. EDX element mappings were recorded at 8 kV for the elements sulfur, phosphorous, chlo-
ride, and oxygen. Areas with elevated concentrations of each element are found, represented by the

corresponding Kq1 lines.
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H: Temporal Evolution of SEl determined by CTTA and bulk-SEIl Conductivity Analysis
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Figure $18: Evolution and Growth of the multiphase SEI of LPSCI — comparing results of CTTAS!
and bulk-SEl conductivity analysis, related to Figure 7. dse values are plotted as a function A) of ¢
and B) of 9° (right). dsei determined by Coulometric Titration Time Analysis (CTTA) was calculated
based on measurements published by Aktekin et al.5'. For the CTTA measurement, the value of the
parabolic constant k = 0.46 nm s™°% was calculated from the slope of the linear fit (right). Using k, one
can estimate the electronic conductivity ce (determined by CTTA) using eq. 3, yielding ge =
0.34 nS cm™". This value is quite close to experimentally determined ce of synthesized bulk-SEl in this
study (i.e., 0.3 nS cm™'). Determining SEI layer thickness (i.e., its calculation) using CTTA is described
in the Supplemental Experimental Procedures section.
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Supplemental Experimental Procedures

XPS Depth-Profiling Parameters

XPS depth-profiling was performed by Ar* sputtering with a grid size of 2x2 mm?2 with an initial sputtering
step of 0.5 kV for one minute. For lithium metal powder (Figure S9, Section D), six sputtering steps were
performed at 1 kV for five minutes each. One sputtering step of 1 kV for one minute and five sputtering
steps of 2 kV for one minute each were used for the synthesized bulk-SEI (Figure S10, Section E).

LizP Synthesis

Synthesis was carried out in an argon-filled glovebox (LabMasterPRO, MBraun, Garching, Germany),
with p(O2)/p and p(H20)/p < 1 ppm. 200 mg of lithium metal and 300 mg of red phosphorous were placed
inside a tantalum crucible. The crucible was closed with a lid and then sealed in a quartz ampoule under
vacuum. Brittle samples of LisP were obtained by gradually heating the ampoules to 600 °C at a rate of
100 K h~1, with holding steps of 6 h every 200 °C. The ampoule was then cooled down to room temper-
ature at 100 K h™", yielding 480 mg of product after opening of the ampoule in the glovebox. The ob-
tained material is used for reference measurements in Figure S13 and S14.

SEl Layer Thickness in Anode-free Cells determined from the Accumulated Charge using CTTA

The coulometric titration time analysis (CTTA) method was recently introduced by Aktekin ef al.®" for the
characterization of electrolyte side reactions at active metal electrode surfaces. Using this electrochem-
ical method, SEl is formed on a noble current collector (in a so-called anode-free cell configuration) by
in situ depositing small amount of lithium metal followed by an open-circuit waiting time hold until the
deposited lithium is totally consumed by side reactions. These steps are subsequently repeated and the
data is later compiled to quantify SEI growth with respect to time and consumed lithium capacity (i.e.,
accumulated charge).

Cell preparation (Li | LPSCI | stainless steel) followed the method described by Aktekin et al.S'. Lithium
was deposited on the stainless-steel current collector (working electrode — WE) at 15.6 pA cm™. Each
titration charge was 1.56 pAh cm™2. After each titration step, the cell voltage is around 0 V and is con-
tinuously monitored. When the voltage increased to a threshold of 0.05 V, the next titration step was
applied, indicating that the lithium metal at the WE had been completely consumed by side reactions.
This procedure was repeated multiple times (e.g., ~400 h in this study).

By summing the accumulated charge gz (from each titration step) and considering the Faraday constant
F, the amount of deposited lithium metal n.i can be calculated using: n;; = g5 /F. Assuming homogene-
ous lithium metal deposition and a dense SEI layer at the WE, the degradation reaction (1) in the main
text, and a WE area Awe of 0.64 cm™2, the SEI layer thickness dse can be determined according to:

L
dsgy = m : (5 “Vinotrizs 1 Vinorrisp + 1+ Vmol,LiCI) 1)

where Viox is the molar volume of x=Li2S (27.5 cm?mol™), LisP (19.8 cm®mol™), and LiCl
(35 cm®mol™"), respectively. In our case, a charge of 1.56 pAh cm™ results in ni = 3.73-1078 mol cm2
of deposited lithium, and dsgi = 14 nm.

Supplemental References

S1. Aktekin, B., Riegger, L.M., Otto, S.-K,, Fuchs, T., Henss, A., and Janek, J. (2023). SEI Growth on
Lithium Metal Anodes in Solid-State Batteries Quantified with Coulometric Titration Time Analy-
sis. Nat commun 74, 6946.
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Supporting Information

Interphase Formation in Solid-State Batteries: Influence of Contact Conditions on Im-
pedance-Derived SEI Growth Kinetics

Sascha Kremer'gl, Christoph D. Alt]’zl, Luca Schuster'?, Jirgen Janek'?, and Janis K. Eckhardt®*

Unstitute of Physical Chemistry, Justus-Liebig-University Giessen, Heinrich-Buff-Ring 17,
Giessen D-35392, Germany.
Center for Materials Research (ZfM), Justus-Liebig-University Giessen, Heinrich-Buff-Ring 16,
D-35392 Giessen, Germany.

*'S.K. and C.D.A. contributed equally to this work.
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S1: Deriving the Decomposition Reaction at the Li|LicPSsCl Interface

The chemical potential of lithium gy ;(electrode) in a lithium metal electrode can be assumed by its

standard chemical potential (ygi). Consequently, the lithium chemical potential difference across the

interphase (Ay, ;), is given by Ay, . = g, . (reaction front) — ,ugi.
LigPS<Cl + 8 Li® - 5 Li,S + LisP + LiCl (eq. S1)

For the decomposition reaction at the Li|LicPSsCl interface (see (eq. S1)), the stoichiometric factor

x4 is 8, and 1. = 8.35 kI mol ™",

Thus, for the stoichiometric decomposition of LisPSsCl, Ay ; is approximated by the corresponding

change of standard free energy A, G for the decomposition of LigPSsCl, divided by xy;:

A.G
Ay = —— (eq. S2)
XLi
Based on available thermodynamic data,' A,G(LicPSsCl) is 1269.75 kJ mol™". This yields an esti-
mated Ay, . of approximately 158.7 kJ mol ! for the decomposition reaction at the Li|LiPSsCl inter-

face.

S2: The Influence of Spatial Contact Distribution

To study the influence of contact distribution on the interpretation of impedance data and derived
interphase kinetics (kgxp,), we conducted a series of simulations. In this series, 4, was held constant at
10% of 4 ecrodes DUt the size and spatial distribution of the contact spots was varied (see Figure S1a).

The resulting impedance spectra shown in Figure S1b reveal that R . decreases with a finer contact

Cstr
distribution,* while (R, — Rpyi) seems to increase with the same rate, independent of the contact

geometry.
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Figure S1. Effect of Contact Distribution on SEI Growth Analysis. The microscopic interphase growth rate
k' was kept constant in the simulations. (a) Contact spots of different sizes are randomly distributed at the
interface with a constant 4, of 10% between a homogeneous electrode and SE. (b) The constriction signal in
the impedance spectrum decreases with finer contact distribution, while the SEI signal is unaffected. (¢) The
macroscopic rate constant ke, describing SEI resistance growth over time, is independent of the contact dis-
tribution. It solely depends on A,. The contact distribution affects only the magnitude of the constriction re-
sistance R, resulting in a shift along the y-axis of the resistance curves. (d) The cumulative DC potential
distribution shows that the compensation of pore-induced potential gradients is more effective with a finer
contact distribution.

This is also reflected in the extracted resistance curves (vs. ¢ and (), as shown in Figure Slc. They
only differ in their offset along the y-axis due to the varying R, while their slope in the linearized
plot is equal. The differences in R, arise from differences in the DC potential distribution in the SE

(Figure S1d).

At time t, the potential drop close to the interface is more pronounced for coarse contacts than for
fine contacts: A finer contact distribution leads to more homogenous potential distribution close to
the interface and thus a smaller potential drop and lower R, For a fine and homogenously distrib-
uted arrangement of contacts, it is likely that R, is negligible compared to R, although the actual

A, might be considerably lower than 4 .. ode-
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S3: The Influence of (Native) Surface Passivation
S3.1. Areal Coverage

To investigate how the areal coverage with passivation layers impacts impedance data and the relia-
bility of extracted rate constants (k¢y,), we conducted another series of simulations. Here, R, was
fixed at 4R, (with R = 9 Q-cm?) and randomly distributed contact spots were introduced at the
interface. A,, defined as the fraction of the interface where SEI formation occurs (i.e., where the
passivation layer is penetrated by SE surface asperities), was systematically varied from 1% to 99%
of Aglectroge (8€€ schematic in Figure S2a). Thus, the remaining fraction (1 — 4,) was assumed to be

covered by an intact passivation layer.

a) b) ly f t
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Figure S2. Effect of Contact Distribution on SEI Growth Analysis. The microscopic interphase growth rate
k', and the interlayer resistance R, = 4R were kept constant in the simulations. (a) A at the interface be-
tween a homogeneous electrode and SE is systematically varied between 1% and 99% by randomly flipping
individual voxels. (b) As A, decreases, there is a transition in the resistance evolution curves from a square
root time behavior (black) to an almost instantaneous increase (i.e., step function) that reaches a plateau (yel-
low). Note that each curve reaches a plateau for sufficiently long simulation times. (c) The behavior results
from competing transport pathways at the interface, where the size of the initial resistances is determined by
A,. (d) At 1, the interface impedances are approximately the same for a nearly intimate (99%) or non-ideal
(1%) contact, but the time evolution is significantly different.

Figure S2b shows the time evolution of (R, — Ry ). With increasing A, the transition from a square-

root-of-time dependence to a time-independent (R, — Ryyx) takes more time.

4
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For large values of A4,, such as 99%, the transition is not fully captured within the simulation
timeframe (up to #,), resulting in an almost ideal linear time dependence in the plot of (R — Ryyik)
vs. °. In contrast, at a small A, (e.g., 1%), the resistance evolution resembles a smoothed step func-
tion: The resistance appears to rise rapidly at first, but quickly saturates. The size of the saturated

resistance increases with increasing A,, while the initial resistance offset R, ;, becomes smaller.

The resistance evolution can be well understood considering the simple equivalent circuit model de-
picted in Figure S2¢. It consists of a bulk impedance Z, ;, that is connected in series to two parallel

interfacial pathways characterized by transport through the passivation Z, or across the growing SEI

Z, (). Each interfacial pathway includes an individual constriction impedance (i.e., Z and

cstr,p

Z sirse1) due to current focusing near the interface. This constriction impedance differs for the SEI

and interlayer pathway due to differences in coverage and spatial distribution of the respective phases.

Both R, and Ry (1) are anti-proportional to the areal coverage of the interface with the respective

SEI

phases. R, becomes smaller when A, becomes larger. In contrast, R, becomes larger when A, be-

comes smaller. The same trends are observed for the changes in R and R ;. Asaresult of the

cstr,p

decrease of R (¢) with increasing A4,, the times till reaching the resistance plateau is increased. These

SEI
trends are also reflected in the impedance spectra shown in Figure S2d. At A, = 99% of A jcctrodes the
initial impedance is low but increases steadily over time. In contrast, at 4, = 1% of Acerode, the
initial impedance is larger, but saturation occurs much earlier in time. At time /1, the impedance of

the system with A, = 99% already exceeds that of the system with 4, = 1%.

R. .. is also evident in the impedance data: At 7, before any SEI has formed, the impedance of the

init
system with 4. =99% of A.cirode €losely matches the bulk response. At this point, current predomi-
nantly flows through the SEI pathway, which spans most of the interface. In contrast, when 4, = 1%
of Agjecuode, the small interface coverage leads to a significant initial constriction impedance, which
manifests as an additional contribution clearly visible in the impedance data at f,. The signal roughly
corresponds to the constriction impedance of the SEI pathway, neglecting small fractions of the cur-

rent that may already flow through the passivation layer at that time.
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S§3.2. Transition Time Estimation

If the transport properties and thickness of the passivation layer are known, the transition time (tiraps),
which marks the shift of preferred transport from across the SEI layer to through the passivation layer,

can be estimated. The transition occurs when Ry (¢) and R, become comparable (see eq. 2), i.e.,

when Rgg; = R,,. Assuming that they are identical, #,,, can be calculated via:

R, Ap\°
Ltrans = ( ;,- ) Ap) (eq. S3)

Where R, and 4, are the ionic resistance and contact area of the passivation layer, respectively, k'is

the parabolic rate constant for the ionic resistance of interphases (eq. 2 of the main text), and 4 de-

notes the contact area between the SE and the electrode.

R, can be calculated from the ionic conductivity and layer thickness of the passivation layer. For

passivated lithium foils, Otto et al.®’

reported passivation thicknesses ranging from 5 nm to 65 nm.
Based on literature values, the primary components of these native films (e.g., Li,O, Li2COs, LiOH)
exhibit ionic conductivities between 107 and 107" S cm™.!>"° Assuming a negligible partial elec-
tronic conductivity and A, = 50% 0f A¢jecirode the estimated fp,n can vary widely from a few minutes

up to several years.

The timeframe in which this transition can be observed is a function of R, At #,,,, the local current
density for transport through the passivation layer begins to exceed that of transport through the SEI
layer. However, this local shift in preferred current pathways does not immediately manifest in the
macroscopic impedance: A measurable change at the cell level becomes apparent when the tofal cur-
rent through the interlayer becomes significant (i.e., comparable in magnitude to the current through
the SEI). This second transition is decisive and depends not only on the interfacial transport properties

but also on the relative areal coverage of the interface with SEI and passivation.
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S4: Analysis of Experimental Data
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Figure S3. Ry vs. " for different pressure conditions. The evolution of R, over *° exhibits complex cur-
vature. The dashed lines represent linear interpolation curves for distinct regions. It is important to stress that
the choice of fitting windows is somehow arbitrary and not grounded on a rigorous mechanistic model. Rather,
this approach is used to qualitatively illustrate general trends and to highlight the impact of pressure conditions
on the apparent interphase evolution and corresponding rate constants. The extracted slopes, i.e., k', are plotted
over pressure in Figure 5.
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A: Derivation of Brouwer Diagram for LiCl with One Oxygen Impurity Level

Li;O acts as an acceptor-type dopant (i.e., p-type), promoting the formation of chlorine

vacancies (V¢)) via the following defect incorporation reaction:

Li,O(LiCl) 5 2 Lif + 0y + V¢, (eq. S1)

To preserve overall charge neutrality within the crystal, the substitution of oxygen onto chlorine
sites (Og;) must be accounted for. Consequently, the general charge neutrality condition

(modifying eq. 6 from the main text) becomes:

[e'] + [Vii] + [0a] = [Va] + [h'] (eq. S2)

As in the case of undoped LiCl, the concentrations of ionic point defects are assumed to be
largely independent of a;; and significantly exceed those of intrinsic electronic. However, if
the impurity concentration exceeds the intrinsic concentration of ionic defects, the oxygen

impurities fix the concentration of chlorine vacancies:

[0a] = [Val > [Vi;] > [h°], [¢'] (eq. S3)

Here, the concentration of V{; is defined by eq. 2 in the main text. This leads to the same

dependence of electronic defect concentrations on lithium activity near the SP for pure LiCl:

Kii 1 [ViilKe
——— o ai; and [e'] = —F—ay; X i (eq. S4)
[VLi] aLi L KLi Li L q

At higher ay; far from the SP, the concentration of " approaches [V(,]. Neglecting the minority

[h*] =

charge carriers (as done in eq. 9 of the main text), the characteristic dependences of pure LiCl

in the extrinsic (non-stoichiometric) region are retained:

Ks - Kg

[e'] = ,
Ky

gl e di (eq. S5)

However, at lower ay, the incorporation of Li2O introduces a distinct doping regime (indicated
in gray in Figure 1B). By reducing a;;, the hole concentration increases (eq. S4) and finally

gets pinned (i.e., is constant) by the oxygen defect level Og:

[h*] = [0qi] > [e'], [Vi;], (eq. S6)

Taking eq. S6 into account, and using eqgs. 2, 3, and 5 of the main text, the dependencies of the

vacancy concentrations within this doping regime can be expressed as:

2
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K{: 1 h*|K.
M _— o« aj! and [Vg] = LY 06 @
i

maL

At the same time, the concentration of e’ is defined by eq. 3 in the main text and is constant.

[Vi;] = (eq. S7)

Finally, at even lower a;; far from the SP, [V{;] approaches the concentration of h*. The same
approximation for minority charge carriers (as done in eq. 9 of the main text) result in the
characteristic dependences of electronic defect concentrations in the extrinsic (non-

stoichiometric) region:

K}, 1
[h'] = [« a” (eq. S8)
ai
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B: Impedance Spectra of Li|LiX|Au with X = Cl, Br, or 1
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Figure S1: Impedance spectra (normalized to the cell constant) obtained from Hebb-Wagner
measurements conducted in an ion-blocking configuration Li|LiX]Au, where X represents Cl, Br, or L.
The dc offset was 0 V relative to the OCV. The temperature 7 was gradually increased from 45 to
57:7°€
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C: Photoluminescence Measurements of LiX with X = Cl, Br, or 1
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Figure S2: The photoluminescene spectra of LiX pellets, where X represents Cl, Br, or I. Spectra were
acquired under dynamic vacuum, using an Andor Shamrock 500i spectrometer equipped with a grating
featuring a groove density of 150 lines mm ™' and a 300 nm blaze. A silicon CCD camera was used for
detection. As the excitation source, we employed a 325 nm helium-cadmium (He-Cd) laser with an
excitation power of 2.5 mW.
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D: X-Ray Photoelectron Spectroscopy Measurements of LiCl
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Figure S3: O 1s (left) and survey (right) spectra of LiCl. The pelletized sample was sputter-cleaned
using Ar" ions to expose the underlying bulk and reveal the presence of Li,O impurities in the O 1s
spectrum. Peak assignments were made based on reference 1.

Experimental

XPS measurements were performed using a VersaProbe 4 system (ULVAC-PHI, USA)
equipped with a monochromatic Al K, X-ray source (beam diameter of 200 pm, X-ray power
of 50 W). The chamber pressure during measurements was maintained between 107 and
10 ®Pa. To minimize surface charging effects, charge neutralization was applied throughout
the acquisition. Sputter-cleaning was conducted via Ar' sputtering over a 2 x 2 mm? area, using
a2 kV ion beam for 2 minutes. A vacuum transfer shuttle was used to prevent air exposure and
atmospheric contamination during sample handling. Survey as well as detailed spectra were
processed and analyzed using the CasaXPS software package (Casa Software, UK).

E: Exponential Pre-Factors and Activation Energies

LiCl LiBr Lil
AH g = Epl eV 0.66 0.63 0.50
oo/SKem™! 9-10° 3-10* 8:10°
up / em? K V1! 4.2:10 6.9-10> 9.3-10
Ney / cm™ 1-10%° 3-10%° 2-10"°

Table S1: Summary of the exponential pre-factors and activation energy of LiCl, LiBr, and Lil, derived
through linear regression using eqs. 24, 25, and 26. It should be noted that the results of Haven® were
used to approximate ug, while Ep (from log(diop - T) vs. 1000/7) was assumed for AH .
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F: Current Response in Hebb-Wagner Measurements of Li|LiX]Au with X = Cl, Br, or I
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Figure S4: Current density profiles obtained from Hebb-Wagner measurements performed in an ion-
blocking configuration Li|LiX]Au, where X represents Cl, Br, or I. The voltage Ue); was gradually

increased by Uggyrce, @s outlined in the experimental description, while the temperature T was varied
between 45 and 57.5 °C. For LiCl, the measurement experienced a brief interruption due to a device

error, with the subsequent restart marked by an asterisk (¥).
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G: Deriving Current Density Profiles from Brouwer Diagrams
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Figure S5: Derivation of current density profiles based on the calculated Brouwer diagram shown in
Figure 1B. The x-axis of Figure 1B was transformed using the relation Ucep = —RT/F - In(ay;) (A).
The electronic current density i, was computed from the defect concentrations (Cgefects) of electrons
and electron holes via integration, according to eq. 19 in the main text, assuming constant mobilities of
electronic charge carriers. ig) g5 is plotted as a function of Uy (B, C, and D). The dashed circles
indicate the magnified region (D), where one exemplary fit using a = ' (applied in Figures 4A and S6)
is represented by the dotted blue line. Note that all plots are based on calculated Brouwer diagrams, the
x-axis remains consistent across panels A, B, and C, and all units are arbitrary.
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H: Fits of the Electronic Steady-State Currents in Li|LiCl|Au and Li|LiBr|Au
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Figure S6: Data for i) ¢ as a function of Uggyrce and corresponding fits (see Figure 4A and S4) in an
ion-blocking configuration Li|LiCl|Au. Fitting was performed as described in the main text, using eq. 27
and a = Y. The voltage Usqyrce Was gradually increased, as outlined in the experimental description,
while the temperature 7 was varied between 45 and 57.5 °C. Fitting parameters and results are given in
Figure 6.
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Figure S7: Data for ig) 55 as a function of Uggyrce and corresponding fits (see Figure 4B and S4) in an
ion-blocking configuration Li|LiBr|Au. Fitting was performed as described in the main text, using eq. 27
and @ = '%. The voltage Ugyyrce Was gradually increased, as outlined in the experimental description,

while the temperature 7 was varied between 45 and 57.5 °C. Fitting parameters and results are given in
Figure 6.
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A: Reference Measurements with Indium Metal Anodes

Cells were prepared with pure indium foil as electrode (9 mm diameter, 100 pm thickness). A
NCM cathode composite (12 mg) and an In—Li anode (In/Lisacked) were used as CE for full and
symmetric cell configuration, respectively. Preparation, assembly, and testing are performed as

described in detail in the experimental section.

240
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Figure S1: Results of C-rate capability tests, followed by continuous cycling for indium foil (9 mm diameter,
100 pm thickness), utilized as CE in full cell configuration (In | LPSCI | NCM). Cycled capacities for various C-
rates, as well as the cycled capacities throughout continuous cycling are presented (measured at 25°C and 75 MPa).

The first charging process, marked by substantial capacity losses, is depicted in red.

In full cell configuration (In | LPSC1 | NCM), the decreased reversibility (i.e., severe lithium
inventory losses) after the first charge process (depicted in red) and consecutive cycles is
associated with the formation of the In/(InLi); alloy causing unstable CE conditions. The
inconsistency of the CE potential (as a result of the alloying reaction) further impacts the

cycling stability and efficiency, as it serves as the reference potential in our cell configuration.

In the cell configuration (WE | LPSCI | In/Listacked), the inferior performance and lower capacity
of the pure indium anode (violet) are associated with the enhanced lithium diffusion properties
within In—Li anodes. Consequently, pre-lithiation of indium is advantageous for enhancing both
anode kinetics and performance. Furthermore, pre-lithiation ensures stable potentials within a
specific range (depending on its Li:In ratio), which is beneficial for its utilization as a CE. The
OCYV of the pure indium anode was initially 1.4 V before decreasing to approximately 0 V with

the initiation of the lithiation process and creating a symmetric cell.



7. Appendix

WILEY-VCH

oo L WE|LPSCIIn/Li,, 0
e threshold
N
:‘5 -0.2
=
= L
£ 04
“ L
>
[ 06
- @ -0.5mAcm?
o8 b— 0 o1
0o 1 2 3 4 5 6 7
G/ mAh cm?
pure In Li/'”slackﬂd Li/lnc()mmiﬁllf‘

Figure S2: Results of current-dependent lithiation experiments of pure indium foil (violet) in comparison to
In/Ligacked (yellow) and In/Licomposice (light blue) in symmetric cell configuration (WE | LPSCl| In/Ligacked). Potential
profiles (vs. In/(InLi),) at —0.5 mA e¢m™2, 25 °C and 30 MPa are recorded until the cut-off potential of —0.7 V is
reached. The threshold of =100 mV is indicated in gray. The enhanced lithium diffusion within In-Li anodes is
clearly evidenced by their improved performance when compared to pure indium foil. In particular, when
considering the theoretical lithiation capacities of 7 and 15.3 mAh cm 2 for the In-Li anodes and pure indium,

respectively.

B: Comparison of the Accessible Capacities in Delithiation Experiments at 0.5 mA ¢m™
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Figure S3: Comparison of the accessible capacities (gexp) and lithium accessibility (Eexp), including averages and
standard deviations for In/Lisucked and In/Licomposie based on three cells each. The statistical analysis yields gexp
values of (5.00 + 0.21) and 5.62 = 0.29) mAh cm 2, respectively. This underscores the satisfactory reproducibility
of these two promising electrodes. Please note that only a single cell was tested for the other, less promising

electrodes.
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C: Rate Testing of In/Listackea and In/Licomposite in Delithiation Experiments

As before, we identify reliable capacities for both electrode types based on the point where
significant polarization (> 100 mV) initiates, and refer to it as gexp. Notably, extracted capacities
of up t0 Gexp = 6 mAh cm 2 (&exp = 70 %) were achieved. Higher onset potentials and early
polarization are observed with increasing current density, especially for In/Ligacked. This shift
in onset potential above 100 mV suggests that insufficient kinetics will limit the accessible
capacity for rates between 1.5 and 5 mA cm ™. The early onset of polarization is attributed to
inadequate transport kinetics and, at least temporarily, reduced or hampered Ilithium

replenishment for both electrode types, especially at 5 mAh cm 2,
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Figure S4: Results of current-dependent delithiation experiments of In/Lisucked (left) and In/Licomposite (right) (WE
| LPSCI | In/Lisckea). Potential profiles (vs. In/(InLi),) for different stripping currents at 25 °C and 30 MPa are

recorded until the cut-off potential of 1 V is reached. The threshold of 100 mV is indicated in gray.



7. Appendix

WILEY-VCH

D: Plating Performance of In/Licomposite in Unidirectional Experiments

Here, In/Liswckea (CE) is delithiated and serves as lithium source in this experiment, while
In/Licomposite 18 now lithiated and used as WE. Hereby, the theoretical lithiation capacity of
7 mAh cm 2 is almost reached. Nevertheless, independent of the current density (between 0.5
and 5 mAh cm?), the formation of dendrites could not be observed (i.e., the potential would

drop back to ~0 V) until the cut-off potential of —0.7 V was reached.
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Figure S5: Results of current-dependent lithiation experiments of In/Licomposie in symmetric cell configuration
(In/Licomposite | LPSCI | In/Lisackea). Potential profiles (vs. In/(InLi)y) for different plating currents at 25 °C and
30 MPa are recorded until the cut-off potential of —0.7 V is reached. The theoretical lithiation capacity is
7 mAh em™.
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E: Variations of Lithium Metal Thickness for In/Listacked

Symmetric cells (Lia/In1oo um | LPSCI | Litoo pm/Inioo pm) were prepared with indium foil (9 mm
diameter, 100 um thickness), while the thickness (d) and diameter of the lithium metal foil was
varied between 52 and 244 um (corresponding to 9 and 4 mm in diameter). We maintained the
composition (i.e., volume, mass, and capacity) constant.

The homogeneous distribution of lithium atoms and their replenishment (during ongoing
stripping) are measured by the available lithium at the interface to the SE. Consequently, these
capacities indicate the significant impact on electrode performance of different lithium metal
foil thicknesses and diameters. We identified an optimum (light yellow) for the lithium metal
foil thickness of 100 um (and 6 mm diameter) combined with 100 pm indium foil.

Assuming the same area for both metal foils, an 82 pm thick lithium film reacts with 100 pm
of indium to fully form the intermetallic InLi phase. However, the loss of lithium due to
passivation reactions must be compensated for. The thickness of the lithium foil should be
chosen to match the dimension of the indium foil. We suggest a thickness ratio of d;;/d;,
between 0.9 and 1 to ensure a complete alloying reaction up to the interface with the SE.
However, this results in the lithium foil having a smaller area than the indium foil.
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Figure S6: Results of delithiation experiments for variations of In/Lisackea geometrics in symmetric cell
configuration (Li#Inioo wm | LPSCI | Litoo wn/Inioo um). Potential profiles (vs. In/(InLi),) for unidirectional
galvanostatic stripping at 0.4 mA, 25 °C, and 30 MPa are recorded until the cut-off potential of 1 V is reached.
The thickness of the lithium metal foil is varied between 52 and 244 pm. The threshold of 100 mV is indicated in
gray. The theoretical delithiation capacity is 8.4 mAh cm ™.
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F: Electrode Relaxation Analysis after Delithiation Experiments

12F
> C
~ -
‘_:( =3
: 0.8 -_
c C
= L
Eo04fF
% r
> L
w L
O_O""I""I""I‘
0 1 2 3
t/h
o E ln/ListackedILPSC”In/ustacked
= i
é 10r Pristine
= r — e After Stripping
N gL
ETp e AN
T - &, [T )
: \/-M” ol
0 A IS i IR BRI IR B
40 45 50 55 60 65 70

Re(Z) / Qcm?

1.2

o

t/h

In/Li

composite

|LPSCI|In/Li

stacked

Pristine
After Stripping

45

55 60 65 70

Re(Z) / Qcm?

50

Figure S7: Results of relaxation measurements of In/Lisucked (Ieft) and In/Licomposite (right) (WE | LPSCI | In/Ligtacked)

after unidirectional galvanostatic stripping at 0.5 mA cm™2, 25 °C, and 30 MPa with a cut-off potential of 1 V. The

results shown correspond to the single cells tested in Figure 3. While the OCV (top) is continuously monitored for

3.25 h, impedance spectra (bottom) are recorded. The spectra taken before stripping (pristine, light red) and at 30-

minute time intervals after stripping (light green to dark green or light blue, respectively) are presented. We believe

that the increase in low-frequency impedance of the In/Ligucked cell (left) can be attributed to SEI formation (i.e.,

most likely at the highly-lithiated CE), while the low-frequency impedance of the In/Licomposie cell should be

dominated by the blocking behavior of the stripped electrode due to significant deterioration of the composite

structure.
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G: Reference Measurement of Pristine Indium Foil for EBSD Analysis

B 500 um

Figure S8: Polished cross-sections of pristine indium metal foil, which served as base material for the preparation
of In/Lisuckea €lectrodes. SEM images are complemented by phase and IPF maps (given parallel to the y-direction)
for indium to reveal its columnar microstructure using EBSD.

H: Magnification of the Pristine In/Listackea Electrode for EBSD Analysis
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Figure S9: Mgiﬁed phase (top) and IPF maps i y-diection (middle) of different reas of te ristine In/Ligtacked
electrode (shown in Figure 6). Selected electron backscattering patterns are depicted (bottom), confirming the
presence of small residuals of indium metal at various locations.
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I: Galvanostatic Cycling at C/2 in Full Cell Configuration
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Figure S10: Results of galvanostatic cycling at C/2 for In/Lisuckea (left) and In/Licomposite (right), utilized as CE in
full cell configuration (CE | LPSCI] | NCM). The dashed line indicates a reduced cut-off potential (by 100 mV),

while the blue background highlights the capacity loss caused by early termination due to an overpotential of

100 mV.

J: Potential Profiles of the NCM Cathode Composite (WE) during C-rate Testing
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Figure S11: Results of cathode kinetic measurements during C-rate capability tests for In/Ligucked (left) and
In/Licomposite (right), utilized as CE in 3E configuration (CE | LPSCl | NCM with lithiated Au-RE). The potential
profiles of the WE (vs. In/(InLi);) are presented for both electrodes (measured at 25°C and 75 MPa).
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K: Chemomechanical Measurements in Full Cell Configuration during Cycling at C/2
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Figure S12: Results of the chemomechanic investigations for continuous cycling at C/2 for In/Lisucked (left) and
the In/Licomposite (right), utilized as CEs in full cell configuration (CE| LPSCI | NCM). The high chemomechanical
reversibility is demonstrated as the height changes A% (top) agree well with the charge-discharge curves (bottom).
The full cell experiences volume expansion during charging and compression during discharge (measured at 25°C

and 75 MPa). However, accurate measurements are hindered by the background alterations.
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7.5. Supporting Information — 5" Manuscript

I. Experimental

Deposition and cell assembly were carried out in an argon-filled glovebox (LabMasterPRO,
MBraun, Germany), with p(O2)/p and p(H20)/p < 1 ppm.

Materials and Electrolyte. The stainless-steel discs (9.6 mm in diameter) were punched from
20 um thick foils (AISI 304, Goodfellow, UK). The discs were then ultrasonically cleaned for
3 min each in acetone and isopropanol, followed by vacuum drying for at least 10 h at 60 °C.
Thin indium electrodes (100 and 250 nm) were deposited onto the stainless-steel discs under
dynamic vacuum using a custom thermal evaporation system connected to a glovebox. The
deposition rate was set between 0.1 and 0.2 nm s™!, monitored by an oscillating quartz sensor.
LPSCI (POSCO JK Solid Solution Co., South Korea), with ¢;,, = 1.1 mS cm™! at 25 °C, was
investigated as the separator material. For reference, (passivated) indium foil (100 pm, 9 mm
diameter, 99.999%, ChemPUR, Germany) was used. Passivated indium films (100 and
250 nm) were prepared by exposing them to ambient atmosphere for 8 days at room temper-
ature.

Cell Assembly. Each CTTA cell was prepared by pelletizing LPSCI (80 mg, ~600 pum thick)
within a polyether-ether-ketone casing (10 mm diameter) between stainless-steel rods as con-
tacts. Densification was performed at 380 MPa of uniaxial pressure for 3 min at room temper-
ature. Indium-coated discs and the In—Li counter electrode (CE), which serves as a lithium
reservoir, were then placed on either side of the separator. The CE was constructed by posi-
tioning indium foil (100 pm, 9 mm diameter) between the SE and lithium foil (100 pm, 6 mm
diameter, 99.9%, China Energy Lithium, China). Lithium diffuses into the indium metal,
forming an In/(InLi)x eutectic with a stable potential of 0.62 V/ vs. Li"/Li.!

CTTA Analysis. CTTA measurements were performed as described by Aktekin et al.?. Cells
were tested using a Maccor battery cycler at 25 °C under an applied stack pressure of approx-
imately 15 MPa. The initial open-circuit voltage of such cell was typically around 1.6 V vs.
In/(InLi)x. During each titration step (i = 10 pA), a small amount of lithium metal (correspond-
ing to a charge of 0.5 nAh) was deposited, causing lithiation of the indium layer. After each
titration step, the cell voltage dropped to around 0 V and was continuously monitored. When
the voltage increased to a threshold of 0.1 V, the next titration step was applied, indicating
that the lithium metal at the working electrode had been completely consumed by side reac-
tions. This procedure was repeated multiple times over approximately 400 h in this study.

XPS Measurements. XPS measurements on indium films and the corresponding reference
foil were performed using a Versaprobe 4 spectrometer (ULVAC-PHI, Inc., USA), equipped
with a monochromatized Al K, X-ray source (beam diameter of 200 um, X-ray power of
50 W). The chamber pressure ranged from 1077 to 10°° Pa during measurements, while the
sample surface was charge-neutralized using slow electrons and Ar*. A pass energy of 55 eV
with 0.1 eV steps was used for the detail spectra. All data were calibrated in relation to the
signal of adventitious carbon at 284.8 eV. XPS depth profiling was performed by Ar*
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sputtering with a grid size of 2x2 mm? and an acceleration voltage of 1 kV, first for 2 min,
followed by 4 min. Cross contamination with atmosphere were avoided using a transfer shut-
tle. Data analysis was carried out with CasaXPS (Version 2.3.25, Casa Software, UK).

ii. Additional CTTA Experiments on the Effect of In,O3
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Figure S1: Comparison of as-deposited and post-deposition oxidized indium thin films, the latter la-
beled as “passivated”. Here, the consumption of active lithium through side reactions (i.e., SEI for-
mation) is compared based on the accumulated charge (g,) consumed in In[LPSCI|In/(InLi)x cells dur-
ing CTTA experiments, plotted against t (A) and t®° (B). Experiments were conducted at 25 °C and ap-
proximately 13 MPa. As-deposited films were exposed to ambient conditions for 8 days to facilitate

In,O3 formation and passivation. The post-deposition passivation was confirmed through XPS analy-
sis.
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8. List of Abbreviations

AAM
BE
CAM
CC
CE
CEl
CTTA
dc

EBSD
EDX
EIS

el

ESW

ion
LE
LIB
LiPON
LLZO
LME
LPS
LPSCI
LPSX
MCI
MIEC

ocv

Alloy anode material
Blocking electrode
Cathode active material
Current Collector
Counter electrode

Cathode electrolyte interphase

Coulometric titration time analysis

Direct current
Electron

Electron backscatter diffraction

Energy dispersive X-ray spectroscopy

Electrochemical impedance spectroscopy

Electronic

Electrochemical stability window
Electron hole

lonic

Liquid electrolyte

Lithium-ion batteries

Lithium phosphorus oxynitride
LizLazZr,012

Lithium metal electrode
B-LisPSs

LisPSsCl

LisPSsX with X = Cl, Br, or |
Mixed conducting interphase
Mixed ionic-electronic conductor
n-type referring to electrons

Open-circuit voltage
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RE
RFC
SE
SEI
SEM
SHE
SOFC
SS

SSB

XPS
XRD
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p-type referring to electron holes
Reversible electrode
Reservoir-free cell

Solid electrolyte
Solid-electrolyte interphase
Scanning electron microscopy
Standard hydrogen electrode
Solid oxide fuel cell

Steady state

Solid-state battery

Vacancy

X-ray photoelectron spectroscopy

X-ray diffraction
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9. List of Symbols

=T T I r - X = <=

=

Aa ™ x WL s >
=

—+

Activity

Area

Characteristic exponent
Concentration

Diffusion coefficient
Elementary charge
Standard redox potential

Faraday constant

Change of standard Gibbs free energy for a reaction

Current density

Flux (of species)

Parabolic rate constant
Equilibrium constant
Sample thickness
Phenomenological transport coefficient
Mean molar mass

Chemical potential

Standard chemical potential
Electrochemical potential
Charge carrier concentration
Electric potential
Accumulated charge

Ideal gas constant
Interphase resistance

Mass density

Partial conductivity
Reaction time

Temperature
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Mobility

Cell voltage

Decomposition voltage
Stoichiometric factor of lithium
Interphase thickness

Charge number
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